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Executive  Summary 


The  overall  objective  of  this  program  was  to  provide  a  fundamental  understanding  of  the 
processing  science  and  technology  necessary  to  fabricate  ceramic-matrix,  intermetallic- 
matrix,  and  metal-matrix  composites  with  superior  mechanical  properties  in  high 
temperature  and  oxidizing  environments.  The  composites  are  intended  for  use  as 
structural  materials  for  advanced  aerospace  applications  at  temperatures  exceeding 
1200°C  (2200°F). 

In  order  to  accomplish  the  program  objective,  interactive  research  groups  were 
established  in  three  key  areas  of  (a)  Fiber  Fabrication,  (b)  Coatings  and  Infiltration,  and 
(c)  Composite  Fabrication.  The  objective  of  the  fiber  fabrication  group  was  to  develop 
new  fibers  which  have  superior  strength  and  toughness  at  high  temperatures  and  in 
oxidizing  environments.  The  research  effort  focused  on  the  development  of  two  types  of 
fibers:  (1)  glass-free  mullite-based  fibers,  and  (2)  oxygen-free  silicon  carbide  fibers.  The 
coatings  program  had  two  primary  objectives:  (1)  to  control  the  characteristics  of 
matrix/reinforcing  phase  interfaces  (e.g.,  to  control  chemical  reactions  and  bonding  at  a 
matrix/fiber  interface)  and  (2)  to  develop  coatings  that  will  improve  the  oxidation 
resistance  of  metal-matrix  and  intermetallic-matrix  composites.  Coatings  methods  utilized 
included  chemical  vapor  deposition,  sol-gel  processing,  and  solution  coating  with 
polymeric  precursors  to  ceramics. 

The  composite  fabrication  group  investigated  various  methods  to  incorporate  reinforcing 
phases  (i.e.,  fibers,  whiskers,  and  particulates)  into  ceramic-,  metal-,  and  intermetallic- 
matrices.  Processing  methods  investigated  included  colloidal  processing,  chemical  vapor 
infiltration,  reactive  hot-compaction  and  in  situ  coating,  and  microwave  sintering.  The 
objectives  were  not  only  to  utilize  innovative  processing  techniques,  but  also  to  develop 
and  improved  scientific  understanding  of  processing-microstructure  relationships  in 
composites  fabrication. 

This  annual  report  consists  of  seven  sections  compiled  in  four  books  as  described  below: 
BOOK  I 

Section  1  Processing  and  Properties  of  Silicon  Carbide  Fibers 
Principal  Investigators:  C.D.  Batich 

M.D.  Sacks 

Section  2  Processing  of  Mullite  Composite  Fibers 

Principal  Investigators:  J.H.  Simmons 

M.D.  Sacks 
A.B.  Brennan 

Section  3  Chemical  Vapor  Deposition  (CVD)  and  Chemical  Vapor 
Infiltration  (CVI) 

Principal  Investigator:  T.J.  Anderson 


I 


BOOK  II 


Section  1 


Processing  and  Properties 

of 


Intermetallic  Matrix  Composites 


Principal  Investigator:  R.  Abbaschian 


Development  of  Intermetallic  Matrix  Composites 

Principal  Investigator:  Reza  Abbaschian 

Objectives 

The  overall  objectives  of  this  program  are: 

(1)  To  develop  processing  techniques  for  in-situ  formation  of  intermetallic-matrix 
composites  and  various  reinforcement  coating  formation  methods  for  the  stability 
of  the  composites. 

(2)  To  develop  intermetallic-matrix  composites  with  properties  suitable  for  structural 
applications  above  1200°C. 

These  objectives  were  pursued  through  the  investigation  on  three  classes  of  intermetallics, 
(1)  molybdenum  disilicide  (MoSi2),  (2)  Nb-base  aluminides  with  the  major  focus  on  NbAl3, 
and  (3)  Ni-base  aluminides  with  the  major  focus  on  NiAl. 

Background  and  Approach 

The  development  of  intermetallic-matrix  composites  is  motivated  by  their  inherent 
useful  properties  such  as  excellent  oxidation  resistance,  high  melting  points  and  relatively  low 
densities.  It  is  expected  that  their  inherent  advantages  can  be  effectively  utilized  via  artificial 
compositing,  targeted  specifically  to  overcome  their  disadvantages,  i.e.,  poor  fracture  toughness 
(  ~  1  -  3  MPa,ml/2)  at  ambient  temperature  and  low  creep  resistance  and  strength  at  high 
temperatures.  The  approaches  used  are  to  improve  fracture  toughness  via  ductile  phase 
toughening,  and  to  increase  the  creep  resistance  and  strength  via  high  strength  reinforcements 
such  as  alumina. 

The  present  investigation  has  been  carried  out  in  four  stages:  (1)  Developing  a  coating 
technique  to  prevent  the  deleterious  interactions  between  ductile  reinforcements  and  the  brittle 
matrices  and  to  maintain  the  integrity  of  the  reinforcements.  Different  coating  techniques  have 
been  used  for  different  matrices  because  of  their  different  chemical  properties;  (2)  In-situ 
formation  of  intermetallic-matrix  composites  through  reactive  hot  compaction  (RHC),  as 
exemplified  using  Nb-base  aluminide  composites;  (3)  Evaluating  the  effects  of  size, 


morphology  and  orientation  of  ductile  phases,  and  the  matrix/ductile  reinforcement  interface 
on  the  toughness  of  the  composites,  modeling  these  effects,  and  providing  guidelines  for  the 
design  of  ductile-phase-reinforced  composites.  The  evaluation  of  ductile-phase-toughening  is 
only  carried  out  in  MoSi2  matrix  composites  but  it  is  believed  that  the  general  rules  disclosed 
would  also  be  suitable  for  other  ductile-phase-toughened  brittle  matrix  composites;  (4) 
Developing  a  reactive  processing  technique  to  form  nickel  aluminide  microcomposites 
containing  in-situ  alumina  reinforcements. 

The  specific  results  are  summarized  below,  with  additional  information  provided  in  the 
listed  references  and/or  the  attached  publications. 

Research  Summary 
1.  MoSi2  Matrix  Composites 

1.1  Owing  to  the  projected  use  temperatures,  the  suitable  ductile  reinforcements  are 
limited  to  the  refractory  metals,  notably  W,  Ta,  Mo  and  Nb.  Niobium  has  been  chosen  as  a 
ductile  reinforcement  in  the  present  study  because  its  thermal  expansion  coefficient  is  closest 
to  that  of  MoSi2,  and  it  also  has  a  relatively  low  density.  For  controlling  the 
matrix/reinforcement  interaction,  chemical  compatibilities  of  various  potential  coating  materials 
(mullite,  Al203,  and  Zr02)  with  MoSi2  and  Nb  were  studied  via  microstructural  and 
compositional  analyses  [1,2].  Based  on  these  analyses,  Al22  03  was  chosen  as  the  final  diffusion 
barrier  coating  because  it  is  chemically  compatible  with  both  MoSi2  and  Nb,  and  it  also  has 
a  thermal  expansion  coefficient  close  to  those  of  both  the  matrix  and  reinforcement. 

1.2  The  techniques  investigated  to  produce  A1203  coating  on  Nb  surface  included  (1) 
sol-gel  processing;  (2)  physical  vapor  deposition;  (3)  hot  dipping  the  reinforcement  in  molten 
aluminum,  followed  by  anodizing  A1  to  form  A1203.  The  process  control  parameters  for  the 
techniques  and  the  effectiveness  of  the  coatings  as  a  diffusion  barrier  were  evaluated  [3].  The 
results  indicated  that  a  thick  and  dense  A1203  coating  is  necessary  and  effective  in  eliminating 
the  interactions  between  Nb  and  the  matrix  of  commercially  pure  MoSi2.  The  results  also 
showed  that  the  best  coating  is  provided  with  physical  vapor  deposition,  followed  by  sol-gel 
technique.  The  main  drawback  of  the  latter  technique  was  shrinkage  of  the  coating  during 


drying  and  sintering  of  the  gel. 


1.3  A  coating  technique  has  been  developed  which  is  the  combination  of  sol-gel 
coating  with  solid  particle  addition  to  co-deposit  sol-derived  colloids  and  fine  particles  to  form 
a  dense  and  continuous  diffusion  barrier  for  matrix/reinforcement  interfaces  [4].  In  this  process 
the  gel  derived  from  the  sol  acts  as  binder  for  the  fine  particles,  while  the  fine  particles  reduce 
the  shrinkage  of  the  sol-gel  and  promote  the  formation  of  dense  coatings.  The  technique  has 
been  applied  to  MoSi2/Nb,  MoSi2/Ta,  NiAl/Nb,  and  NiAl/Ta  composite  systems  with  a 
substantial  improvement  over  the  sol-gel  coating  technique.  The  developed  coating  technique 
also  has  a  potential  to  be  a  continuous  process. 

1.4  A  sandwich-type  chevron-notched  specimen  was  used  to  characterize  the  fracture 
energy  of  the  interfaces  in  composites  [5].  The  specimen  of  this  kind  combines  the  advantages 
from  both  sandwich  test  specimens  and  chevron-notched  specimens,  and  therefore,  provides 
an  easy  and  accurate  test  for  the  measurement  of  interfacial  fracture  energy.  The  specimen 
geometry  has  been  successfully  used  in  Al203/Nb  and  MoSi2/Nb  systems  with  coatings  and 
without  coatings  to  explore  the  effects  of  chemistry  on  the  bond  strength  at  the  interfaces  [5-8]. 
The  main  conclusions  from  these  tests  are:  (1)  A  strong  bond  can  be  formed  between  two 
chemically  compatible  materials,  such  as  the  Al203/Nb  interface;  (2)  The  bond  strength 
between  chemically  compatible  materials  is  usually  weaker  than  that  between  two  reactive 
materials,  such  as  Al203/Nb  interface  vs  Al203/Nb0  interface;  (3)  The  order  of  the  bond 
strength  between  A1203  and  intermetallics  or  metals  might  be  predicted  by  the  reactivities  of 
the  elements  involved  with  A1203;  and  (4)  The  bond  strength  between  a  metal  and  an 
intermetallic  is  higher  than  that  between  an  oxide  ar.d  an  intermetallic. 

1.5  Effects  of  the  matrix/reinforcement  interface,  the  mechanical  properties  and  size 
of  the  ductile  phase  on  the  flow  behavior  of  constrained  ductile  phase  were  evaluated  [9-12]. 
Based  on  the  observations  from  the  tensile  tests,  an  approximate  model  was  proposed  which 
gave  insight  into  the  influence  of  yield  strength,  work  hardening,  matrix/reinforcement 
interfacial  bonding  strength  and  size  of  the  ductile  reinforcement  on  the  flow  behavior.  The 
flow  behavior  of  the  constrained  ductile  phases  was  related  to  the  fracture  toughness  of 


composites  via  small-scale-bridging  model.  The  major  conclusions  are:  toughness  of  the 
composites  is  enhanced  by  a  relatively  weak  bond  at  the  matrix/reinforcement  interface,  by 
large  size  of  ductile  reinforcements,  and  by  a  ductile  phase  with  a  high  yield  strength  and  high 
work  hardening  rate  [10-12],  The  stress-displacement  function  has  also  been  generated  to 
calculate  the  bridging  stress  across  the  crack  surface  in  a  large-scale-bridging  model  proposed 
in  the  present  study  [13]. 

1.6  The  role  of  the  matrix/reinforcement  interface  in  the  fracture  toughness  of 
MoSi2/Nb  composites  has  been  assessed  via  four-point  bend  tests  on  chevron  notched 
specimens  [7].  Variation  of  the  interfacial  bonding  was  obtained  by  depositing  different  oxide 
coatings  (A1203  and  Zr02)  or  by  the  development  of  a  reaction  product  layer  between  the 
matrix  and  reinforcement.  Measurement  of  fracture  energy  (bond  toughness)  of  the  interfaces 
was  carried  out  using  the  newly-developed  sandwich- type  chevron  notched  specimens  [5-7]. 
It  has  been  established  that  whether  or  not  a  strong  interfacial  bonding  is  conducive  to 
toughness  depends  on  the  criterion  used  to  describe  the  toughness  of  the  composites  [7],  a 
finding  which  is  in  agreement  with  the  prediction  of  the  large-scale-bridging  model  developed 
in  the  present  study  [13]. 

1.7  Four-point  bend  test  has  also  been  used  to  evaluate  the  effects  of  the  size, 
morphology  and  orientation  of  ductile  laminae  on  the  toughness  of  the  composites  [14,15].  The 
tests  revealed  that  (1)  toughness  of  the  composites  increased  with  increasing  size  ofNb  laminae 

[14] ;  (2)  both  Nb  fibers  and  laminae  offer  similar  toughening  capabilities,  i.e.,  fracture 
toughness  has  been  increased  to  about  14  MPa,ml/2  from  3  MPa, m m  for  unreinforced  matrix 

[15] ,  suggesting  that  the  bridging  contribution  of  the  ductile  fibers  and  laminae  are  very 
similar;  and  (3)  ductile  laminae  offered  two  dimensional  toughening,  while  fibers  only  provided 
one-dimensional  toughening  [14].  The  similar  toughness  of  the  fiber-  and  lamina-reinforced 
composites  has  a  bearing  on  the  design  of  ductile-phase-toughened  composites,  that  is,  ductile 
laminae  can  provide  better  toughening  characteristics  than  ductile  fibers. 

1.8  The  toughness  evaluations  and  examination  of  the  interaction  of  cracks  with 
ductile  reinforcements  indicated  that(l)  ductile  phase  toughening  involved  large-scale  bridging, 


i.e.,  the  bridging-length  was  at  the  same  magnitude  as  the  crack  length,  the  specimen  size  or 
the  distance  from  the  crack  to  the  specimen  boundaries  [2,16];  and  (2)  the  toughening  of  brittle 
matrix  with  ductile  phase  could  be  described  by  the  equilibrium  stress  distribution  across  the 
crack  surface  [14].  A  general  approach  has  been  proposed  to  compute  the  ductile  phase 
toughening  in  the  case  of  large-scale-bridging  [13].  The  approach,  which  allowed  for  the 
prediction  of  the  typical  R-curve  behaviors  of  ductile-phase-toughened  composites, 
encompassed  the  effects  of  the  bonding  strength  of  the  matrix/reinforcement  interface,  the  size 
of  ductile  phases,  and  the  intrinsic  mechanical  properties  of  the  reinforcement  and  matrix.  The 
main  conclusions  from  this  model  are  as  follows:  (1)  A  weak  interface  would  be  desirable  if 
cracks  concerned  are  long,  whereas  a  strong  interface  would  be  beneficial  if  the  cracks  are 
short;  (2)  Large  sizes  of  ductile  phases  are  more  capable  of  toughening  when  cracks  are  large, 
while  composites  with  small  sizes  of  ductile  phases  have  a  higher  fracture  stress  when  the 
cracks  are  small;  and  (3)  Toughness  increases  with  increasing  yield  strength,  elastic  modulus 
and  work  hardening  rate  of  ductile  phases.  However,  yield  strength  and  elastic  modulus  are 
more  effective  in  enhancing  toughness  than  work  hardening  rate  when  cracks  are  small,  while 
the  work  hardening  rate  provides  a  larger  toughening  after  extensive  crack  propagation. 

1.9  Incorporation  of  SiC  whiskers  into  MoSi2  matrix  has  been  accomplished  via  tape 
casting  technique.  The  motivation  of  using  this  technique  was  that  the  orientation  of  SiC 
whiskers  could  be  controlled  by  the  stacking  orientation  of  the  tapes  with  different 
compositions  and  thickness.  Thus,  laminates  could  be  custom  designed  to  yield  desired 
properties.  A  slip  formulation  (organic  solvent,  dispersants  and  binders)  for  tape  casting 
MoSi2/SiC  suspension  has  been  developed  [17].  The  formulation  not  only  enhanced  the 
uniform  distribution  of  SiC-whiskers  in  MoSi2  matrix,  but  also  had  a  very  low  binder  burnout 
temperature  (<  300°C).  The  latter  was  greatly  helpful,  in  reducing  oxygen  contamination 
during  processing.  Composites  containing  30  vol.%  SiCw  made  from  these  tapes  have 
exhibited  a  substantial  improvement  in  the  strength  and  toughness.  The  flexural  strength  and 
toughness  of  MoSi2  composites  increased  from  328  ±  65  to  650  ±  44  MPa  and  from  3.3  ±  0.2 
to  5.0  ±  0.4  MPa,ml/2,  respectively  [18]. 


1.10  Effects  of  ductile  reinforcements  on  the  stiffness  and  strength  of  the  composites 


have  been  evaluated  using  MoSi2/Nb  laminates  [19].  The  results  suggested  that  toughening  by 
a  ductile  phase  with  a  lower  elastic  modulus  than  that  of  the  matrix  would  cause  a  decrease 
in  the  strength  of  the  composites  [19].  To  overcome  this  drawback,  a  dual  compositing 
approach  to  improve  the  strength  and  toughness  of  simultaneously  has  been  proposed  and 
confirmed  with  MoSi2/SiC/Nb  system  [20].  For  example,  MoSi2  reinforced  with  20  vol.%  Nb 
laminae  exhibited  a  decrease  in  flexural  strength  from  328  ±  65  MPa  for  monolithic  MoSi2  to 
286  ±  53  MPa  for  the  composite,  while  the  toughness  had  been  increased  from  3.3  ±  0.2  to  ~ 
14  MPa,ml/2.  Using  the  dual-reinforcement  approach,  the  flexural  strength  of  MoSi2 
composites  with  30  vol.%  SiCp  and  20  vol.%  Nb  laminae  had  been  improved  to  480  ±  46 
MPa,  while  still  maintaining  toughness  at  14  MPa,m1/2.  The  underlying  principles  for  such 
simultaneous  improvements  in  both  strength  and  toughness  are  the  control  of  the  thermal 
expansion  coefficient  of  the  matrix  and  at  the  same  time  the  improvement  of  the  strength  with 
SiCp  addition.  It  is  expected  that  if  SiC  whiskers  are  used,  the  strength  would  be  further 
improved  while  still  maintaining  the  high  toughness  of  the  composites. 

1.11  To  further  improve  the  properties  of  MoSi2  composites,  especially  the  high 
temperature  properties,  the  source  of  Si02  contamination  in  MoSi2  has  been  investigated.  [21]. 
The  results  showed  that  the  exposure  of  clean  molybdenum  disilicide  to  the  air  at  ambient 
temperatures  for  just  a  few  minutes  led  to  the  formation  of  Si02  and  Mo02,  and  this  oxidation 
would  continue  until  the  entire  surface  of  MoSi2  was  covered  by  a  duplex  oxide  layer  of  Si02 
+  Mo03.  This  result  clearly  indicates  that  the  oxidation  of  MoSi2  occurs  even  at  room 
temperatures,  thus  imposing  a  challenge  for  eliminating  Si02  in  MoSi2  composites. 

2.  NbAlj  Matrix  Composites 

2. 1  Reactive  hot  compaction  (RHC)  has  been  successfully  utilized  to  produce  NbAl3 
matrix  with  close  to  100%  theoretical  density  at  relatively  low  processing  temperatures  of 
around  1300°C.  The  effects  of  process  control  parameters  such  as  ratio  of  the  elemental  Nb 
and  A1  powders,  particle  size,  and  heating  rate,  on  the  microstructure  of  NbAl3  matrix  have 
been  evaluated  [22,23].  By  controlling  the  initial  stoichiometry,  NbAl3  matrix  composites 
containing  a  dispersion  of  Nb2Al  or  Nb3Al  particles  with  a  niobium  core  has  been  produced 
via  RHC.  The  fracture  toughness  of  the  composites  has  been  determined  to  be  3.5  MPa,ml/2, 


compared  with  1.9  MPa,ml/2  for  the  monolithic  matrix  [22,23].  The  improvement  can  be 
attributed  to  crack  deflection  and  crack  bridging. 

2.2  In  order  to  further  improve  the  fracture  toughness  of  NbAl3,  refractory  metal 
reinforcement,  Nb,  has  been  incorporated  into  the  matrix  during  RHC  process.  To  prevent  the 
interactions  between  the  ductile  reinforcement  and  the  matrix,  an  alumina  coating  is  produced 
in-situ  during  RHC  process.  The  detailed  procedures  for  producing  in  situ  alumina  coating  is 
provided  in  Patent  1 .  Briefly,  it  involved  pre-oxidizing  Nb  filaments  to  form  Nb205  scale,  and 
converting  the  Nb205  scale  into  A1203  layer  at  the  matrix/reinforcement  interface  via  an 
interface  reaction  during  the  subsequent  RHC  process.  The  coating  thickness  was  varied  from 
3  to  8  pm  by  changing  the  oxidation  time  of  the  Nb  filaments.  Long  term  annealing  at  1200°C 
indicated  that  the  in-situ  Al203  coating  was  stable  and  effective  in  suppressing  the  interactions 
between  the  matrix  and  ductile  reinforcement  [24]. 

2.3  Fracture  toughness  of  20  vol.%  Nb-reinforced  NbAl3  composites  was  measured 
to  be  9.4  MPa,ml/2,  five  times  higher  than  the  matrix.  Fracture  surface  analysis  indicated  that 
partial  decohesion  had  occurred  at  the  matrix/filament  interface  allowing  the  Nb  filaments  to 
fail  in  a  ductile  manner.  The  in-situ  A1203  coating,  therefore,  not  only  acts  as  an  effective 
diffusion  barrier,  but  also  imparts  a  desirable  interfacial  strength  to  allow  for  a  limited 
debonding  at  the  interface  [24], 

3.  NiAl  Matrix  Microcomposites 

A  process  has  been  developed  to  produce  (AI203)  reinforcements  in-situ  in  nickel 
aluminide  [25,26].  The  process  involved  reactively  hot  pressing  of  pretreated  elemental  nickel 
and  aluminum  powders  to  form  an  interconnected  network  of  A1203  and  an  interpenetrating 
NiAl  matrix.  Four-point  bend  tests  of  chevron-notched  specimens  indicate  a  substantial 
increase  in  room  temperature  fracture  toughness  with  volume  fraction  of  alumina  up  to  a  peek 
of  14  MPa'/m  at  18  volume  percent,  followed  by  a  slight  drop-off  at  25  volume  percent,  the 
highest  level  in  the  study. 


The  reaction  sequence  was  studied  via  differential  thermal  analysis  (DTA)  and  by 


interrupting  the  process  at  various  points  throughout  the  cycle.  The  elemental  powders  were 
found  to  form  NiAl  at  temperatures  will  below  the  melting  temperature  of  aluminum. 
However,  when  oxidized  powders  were  reacted,  the  aluminum  melted  prior  to  the  initiation  of 
intermetallic-formation  reaction  which  was  delayed  until  880°C.  It  was  found  that  reacting  the 
oxidized  powders  under  pressure  reverted  the  initiation  of  the  intermetallic-formation  reaction 
to  below  the  melting  temperature  of  aluminum. 

The  low-temperature  reaction  was  found  to  result  in  the  development  of  a  three 
dimensional  network  of  interconnected  A1203  reinforcements  in  a  NiAl  matrix.  Oxidizing  the 
A1  powders  prior  to  hot  pressing  resulted  in  the  formation  of  a  rod-like  network  of  alumina, 
while  oxidizing  the  Ni  powders  produced  a  tubular  alumina  network.  The  oxidation  of 
aluminum  was  determined  to  be  the  critical  step  for  the  development  of  the  proper  alumina 
morphology  and  interfacial  properties  necessary  to  improve  the  fracture  toughness. 
Specifically,  the  relative  humidity  in  the  oxidizing  atmosphere  controlled  spallation  from  the 
AI  powders,  reducing  the  occurrence  of  isolate  alumina  inclusions  in  the  matrix,  especially  with 
weak  NiAl-Al203  interfaces,  which  were  found  to  severely  degrade  fracture  toughness. 

A  physical  model  is  presented  which  describes  the  effect  of  oxidation  pretreatment  on 
the  reaction  and  the  resultant  alumina  morphology.  In  addition,  the  role  of  pretreatment  in 
controlling  bonding  at  the  NiAl-Al203  interface  was  shown  to  result  in  composites  with 
improved  room  temperature  fracture  toughness. 
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Abstract 

A  sandwich-type  chevron-notched  specimen,  which  has  a  phase  angle  of  loading  near 
zero,  is  proposed  to  measure  interfacial  fracture  energy  arising  mainly  from  chemical  bonding. 
With  the  specimen  configuration  of  this  kind,  the  advantages  from  both  sandwich  test  specimens 
and  chevron-notched  specimens  can  be  combined  to  provide  an  easy  and  accurate  test  for  the 
measurement  of  interfacial  fracture  energy.  The  validity  of  the  specimen  has  been  analyzed  in 
terms  of  the  mechanics  of  sandwich-type  specimens  and  chevron-notched  specimens,  and 
demonstrated  using  the  A^Oj/Nb  bimatcrial  system.  The  results  shows  that  for  a  phase  angle  of 
loading  around  -7  degree  the  AljOj/Nb  interface  has  an  fracture  energy  of  9.3  ±  0.2  J/m2. 


Introduction 


To  obtain  a  high  transverse  loading  on  composites,  a  high  interface  strength  is  required, 
while  this  is  in  conflict  with  the  toughening  through  the  interface  debonding  As  such,  optimal 
interface  properties  between  dissimilar  materials  arc  desirable  for  an  optimal  performance  of 
composites  in  structural  applications  ( I J  Interfacial  properties  arc  also  important  for 
glnss/mctal,  ccramic/mctal.  ceramic/ccrnmic  seals  and  microelectronic  components  [2] 
Therefore,  the  measurement  of  strength  and  crack  growth  resistance  at  the  interface  between 
dissimilar  materials  is  crucial  for  the  design  and  quality  control  of  dissimilar  material 
components 

Measurement  of  interfacial  fracture  energy  is  much  more  involved  than  measurement  of 
fracture  energy  of  homogeneous  materials  due  to  the  different  clastic  properties  of  the  two 
materials  at  the  interface.  Interface  crack  tips  usually  experience  both  shear  and  normal  stresses 
even  when  the  external  loading  is  pure  tension  or  shear  [3,4]  For  example,  for  a  plane  strain 
interface  crack,  the  stress  and  displacement  fields  at  the  crack  tips  can  be  fiilly  characterized  by  a 
complex  stress  intensity  factor,  K,  in  which  tensile  and  shear  effects  near  the  crack  tip  arc 
intrinsically  coupled  and  cannot  be  separated  into  classical  mode  I  and  mode  II  conditions  [4] 
Analyses  of  the  mechanics  of  an  clastic  interface  crack  have  further  indicated  that  (i)  the  mixed 
tension  and  shear  fields  at  the  crack  tip  arc  not  only  inherently  coupled,  but  also  are  oscillating, 
leading  to  crack  surface  interpenetration  [4-6],  (ii)  the  relative  proportion  of  shear  to  normal 
stresses  on  the  interface  directly  ahead  of  the  crack  tip  depends  on  clastic  mismatch  across  the 
interface,  crack  length,  distance  of  the  interface  from  the  tip,  and  even  units  used  for  the 
complex  stress  intensity  factor  [4],  and  (iii)  the  tip  fields  are  governed  by  two  bimaterial  clastic 
parameters,  i.e.,  the  Dundurs'  parameters  [7] 

a  =  (  1 ' )  '  ***  (  1 '  u'  ) 

/r,  (  I  -  u,  )  +  //,  (  I  -  u,  ) 

n  =  (  x'lu*  )  '  <  l'2u<  )  m 
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where  p  is  the  shear  modulus,  u  is  Poisson's  ratio  and  the  subscripts  1  and  2  refer  to  the  two 
materials.  Roughly  speaking,  the  absolute  value  of  a  is  an  indication  of  the  degree  of  difference 
in  stiffness  between  materials  I  and  2.  The  larger  the  absolute  value  of  a,  the  bigger  the 
difference  in  the  stiffnesses  of  materials  1  and  2.  The  parameter  P  is  responsible  for  the 
oscillatory  stress  and  displacement  fields  at  the  crack  tip.  Another  useful  parameter  is  [3] 
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In  many  interface  crack  tip  stress  and  displacement  equations,  e  is  used  instead  of  P  for 
convenience.  The  foregoing  three  aspects  bring  out  the  differences  of  the  interface  fracture  from 
ordinary  fracture  of  homogeneous  materials.  The  crack  surface  interpenetration  presents  obvious 
ambiguity  in  the  interface  fracture.  However,  non-zero  values  of  P  arc  small  for  many  bimaterial 
interfaces  of  interest.  Thus,  it  has  been  proposed  that  a  zero-P  is  used  to  deal  with  interface 
fracture  in  many  cases  [8-10],  The  inseparability  of  the  complex  stress  intensity  factor  and  the 
dependence  of  the  ratio  of  the  shear  to  normal  components  of  the  traction  at  the  crack  tips  on 
crack  length,  distance  from  the  tip  and  units  introduce  complexity  into  the  interface  fracture. 
However,  e  ,  which  approaches  zero  when  P  — >  0,  is  also  small  for  many  material  combinations 


of  interest  As  such,  it  is  suggested  thnt  the  chnngc  of  the  degree  of  nnxity  of  shear  to  tension  at 
the  crack  tips  with  crack  length  can  be  neglected  for  crack  propagation  within  a  very  broad  limit 
[4 1  Furthermore,  as  a  result  of  small  n,  the  crack  fields  at  fixed  distances  away  from  the  tip  can 
be  expressed  by  stress  intensity  factors  of  classical  type  Kj  and  Kp  by  substituting 
K(  t  iKj|  for  complex  Kr'e  (r  is  the  fixed  distance  at  the  interface  ahead  of  the  crack  tip  and  can 
be  chosen  arbitrarily  within  very  broad  limits)  (4|  With  the  above  simplifying  hypotheses, 
measurement  of  interfacial  fracture  energy  can  be  conducted  by  neglecting  the  interpenetration 
of  crack  surfaces,  and  by  taking  the  ratio  of  the  shear  to  normal  components  of  (he  traction  near 
the  crack  tip  as  constant  along  the  interface  and  also  as  constant  as  crack  propagates 

The  separation  of  complex  K  into  K|  and  Kp  allows  one  to  describe  the  degree  of  mixity 
of  shear  to  tension  at  the  tip  with  the  classical  stress  intensity  factors  Thus,  the  mixed  tension 
and  shear  fields  experienced  by  the  interface  crack  tip  arc  commonly  characterized  by  the  so- 
called  phase  angle  of  loading,  y.  which  is  the  angle  with  a  tangent  given  by  the  ratio  of  mode  II 
to  mode  I  stress  intensity  factors  at  the  crack  tip  (4,8).  The  calculation  of  the  phase  angle  of 
loading  on  the  interface  at  a  fixed  distance  from  the  tip  can  be  made  with  the  aid  of  [  1 0, 1 1 ) 

vj /  =  tan''(Kp/K|) 

=  4>  +  co(a.P)  +  e  ln(L2/L| )  (3) 

where  <j>  is  the  phase  angle  of  external  loading,  o,  tabulated  in  [10],  is  the  shift  due  to  the  elastic 
mismatch  across  the  interface,  L2  and  Lt  arc  two  different  crack  lengths,  and  the  last  term  in  the 
right  hand  side  of  the  equation  is  the  shirt  due  to  the  crack  propagation.  As  mentioned  before,  P 
is  normally  taken  as  zero,  so  is  e.  Thus,  equation  3  is  reduced  to 

y  =  <{>  +  <o(a,  0)  (4) 

Therefore,  the  phase  angle  of  loading  at  the  interface  is  the  sum  of  the  external  loading  phase 
and  the  shirt  due  to  the  elastic  mismatch  across  the  interface.  The  phase  angle  is  important 
because  it  is  found  that  interfacial  fracture  energy  usually  increases  with  the  increase  of  the 
phase  angle  vp  [I  I).  The  fracture  energy  of  interfaces  at  y  =  0  comes  mainly  from  the  chemical 
bonding,  while  crack  shielding  and  dissipation  from  non-linearity  of  the  constituents  and  non¬ 
planarity  of  the  interfaces  contribute  more  and  more  to  the  fracture  energy  as  q/  increases  [8], 

Due  to  the  tp  dependence  of  interfacial  fracture  energy  and  the  occurrence  of  interface 
fracture  at  a  wide  range  of  vp  in  composites,  thin  films  and  seals,  various  test  specimens  have 
been  devised  for  characterizing  interfacial  fracture  energy.  Each  specimen  geometry  has  usually 
a  limited  range  of  phase  angles,  and  therefore  is  suitable  for  certain  interface  fracture 
measurements.  For  example,  double  cantilever  beam  specimens  (12)  have  a  phase  angle  from 
about  -  10°  to  5°.  Four-point  flexure  dclamination  specimens  [13]  have  a  phase  angle  about  50°. 
Composite  cylinder  specimens  [14]  have  phase  angles  ranging  from  70°  to  90°.  Peel  test  [15], 
which  measures  the  coating-substrate  interfacial  fracture  energy  and  strength,  has  a  negative 
phase  angle  (about  -  50°).  Bimatcrial  chevron-notched  short  bars  [16],  which  consist  of  a  joint 
of  two  bulk  dissimilar  materials  and  a  chevron  notch  along  the  jointed  plane,  have  phase  angles 
extending  from  about  -  10°  to  5°.  Fiber  push-out  tests  [17],  which  can  also  be  used  to  obtain 
fracture  energy  data,  have  a  phase  angle  of  about  -  90°  for  specimens  with  no  residual  clamping 
stresses.  With  residual  clamping  stresses,  the  phase  angle  would  range  from  -  90°  to  more 
negative  angles  depending  on  the  clamping  stresses.  Brazil-nut-sandwich  specimens  [U], 
designed  for  generating  the  frill  interfacial  toughness  curves  over  a  spectrum  of  phase  angles, 
provide  phase  angles  from  about  0°  to  90°.  A  recent  tensioned  push-out  test  [18]  also  gives 
phase  angles  from  about  0°  to  90°.  Obviously,  various  tests  have  been  designed  to  measure 


intcrfacial  fracture  energy  However,  some  of  these  (eg  filter  pull-out  and  push-out  tests)  arc 
limited  to  high  phase  angles  of  loading,  while  others  (eg  four-point  flexure  dclamination 
specimen)  arc  only  capable  of  large  degree  of  mixed  mode  loading  Pull-out,  push-out  and 
tensioned  push-out  specimens  arc  also  difficult  to  fabricate  and  sensitive  to  residual  thermal 
stresses  Brazil-nut-sandwich  specimens  arc  hard  to  fabricate  in  composites  which  require  high 
temperature  processing  while  maintaining  or  introducing  a  sharp  interface  crack  at  the  same 
time.  Bimatcriai  chevron-notch  short  bars  containing  two  bulk  materials  need  calibration  of  the 
dimensions  for  each  particular  pair  of  the  dissimilar  materials  Nevertheless,  these  different  tests 
provide  indispensable  means  for  examining  intcrfacial  fracture  energy  from  a  wide  range  of 
phase  angles,  and  afford  flexibility  in  choosing  a  most  suitable  test  specimen  for  a  particular 
interface  problem. 

The  present  paper  is  aimed  to  providing  a  test  specimen  which  has  a  nearly-zero  phase 
angle  of  loading,  and  therefore  is  suitable  for  measuring  the  toughness  mainly  from  chemical 
bonding.  The  proposed  geometry  is  a  sandwich-type  chevron-notched  specimen.  As  such,  the 
advantages  from  both  sandwich  test  specimens  and  chevron-notched  specimens  are  combined  to 
provide  an  easy  and  accurate  test  for  the  measurement  of  intcrfacial  fracture  energy. 

Icst.Sgccimcn 

The  test  specimen  proposed,  consisting  of  a  thin  sandwich  layer  (material  2)  within  an 
otherwise  elastically  homogeneous  specimen  (material  I)  with  a  chevron  notch  along  the 
sandwich  plane,  is  shown  in  Figure  I.  The  groove  introduced  on  the  side  of  the  chevron  notch 
tip  is  for  the  application  of  an  opening  mode  external  loading  via  a  pair  of  grips  which  arc  not 
shown  in  the  figure.  Instead,  a  pair  of  "P"  is  used  to  represent  the  external  loading.  The 
thickness  of  sandwiched  layer,  h,  has  to  be  very  small  compared  with  all  other  in-plane  length 
scales.  With  a  small  h,  the  critical  intcrfacial  stress  intensity  factor,  K,  can  be  evaluated  from  the 
applied,  or  apparent,  stress  intensity  factor,  K00  ,  which  is  calculated  as  if -the  specimen  were 
homogeneous.  As  such,  the  previously  developed  compliance  calibrations  for  chevron-notched 
specimens  made  of  homogeneous  materials  can  be  utilized  directly.  Theoretical  analysis  of 
converting  K00  into  K  for  sandwich-type  specimens  has  been  conducted  by  Suo  and  Hutchinson 
(10].  Briefly,  because  of  the  conservation  of  the  J-inlcgral  and  because  the  introduction  of  the 
thin  layer  docs  not  disturb  the  remote  K  field,  the  energy  release  rate  at  the  interface  crack  tip 
should  be  equal  to  the  energy  release  rate  computed  using  the  far  field.  Based  on  this  argument, 
the  complex  stress  intensity  factor  at  the  interface  crack  tip  field  can  be  shown  to  be  related  to 
the  apparent  stress  intensity  factor  by  [10] 

K  h'e  -  pK°°d®  (5) 

where  p  °  {(l  -  a)/(l  -  P2)}1/2,  and  a,  P,  e  and  w  have  the  same  meanings  as  defined  before. 
For  interfaces  with  very  small  P  and  thus  e,  p  and  e  can  be  taken  as  zero.  Thus,  equation  5 
becomes  (10] 


K-  (I -a),/2K00ei“  (6) 

Equation  6  indicates  that  the  measurement  of  the  intcrfacial  fracture  toughness  can  be  carried 
out  in  two  steps.  First,  the  applied  stress  intensity  factor,  K00,  is  calculated  from  the  critical 
external  loads  as  if  the  specimen  were  homogeneous.  Second,  equation  6  is  used  to  convert  K00 
into  the  intcrfacial  stress  intensity  factor,  K.  Note  that  the  simplification  of  equation  5  into  6  also 


requires  h  (o  be  small  because  |1  «s  hardly  equal  to  /.cro  lor  most  interface  systems  of  interest. 
With  small  h.  the  conversion  of  K  *’to  K  is  actually  independent  ofb  (see  equation  6) 

Another  quantity  to  describe  the  toughness  of  interface  is  the  energy  release  rate  of  the 
interface,  G,  which  is  more  straightforward  to  evaluate  than  K  for  sandwich-type  specimens  As 
pointed  out  before,  for  a  very  thin  sandwiched  layer  the  energy  release  rate  at  the  interface  crack 
tip  is  equal  to  the  energy  release  rate  computed  using  the  far  field  Thus,  the  familiar  relation 
between  stress  intensity  factor  and  energy  release  rate, 


(/'  » 


I  -  «>/ 


(7) 


could  be  used  directly  to  calculate  the  interfacial  fracture  energy  as  if  the  specimen  were  made  of 
homogeneous  material  However,  the  phase  angle  of  loading  at  the  interface  for  the  measured 
interfacial  fracture  energy  is  not  the  external  loading  phase,  but  is  that  calculated  from  equation 
3  or  4. 

Measurement  of  K00  using  chevron-notched  specimens  made  of  homogeneous  material 
has  been  an  extensive  topic  in  many  investigations  [19-27],  The  unique  features  of  chevron- 
notched  specimens  over  conventional  fracture-toughness  specimens  are:  (i)  an  extremely  high 
stress  concentration  at  the  chevron  tip,  and  (ii)  the  development  of  a  minimum  stress  intensity 
factor  as  the  crack  propagates.  The  high  stress  concentration  at  the  lip  allows  the  crack  to 
initiate  at  a  low  applied  load,  eliminating  the  need  to  fatigue  prccrack  a  specimen.  The  minimum 
stress  intensity  factor  permits  fracture  toughness  to  be  evaluated  from  the  maximum  load 
without  monitoring  the  crack  length.  The  basic  equation  for  evaluating  fracture  toughness  from 
chevron-notched  specimens  is  [23] 


K’ 


P 

bTw 


Yr—  —  —  \ 

V  W’  W; 


(8) 


where  K‘  is  the  stress  intensity  factor  at  the  crack  lip,  Y  is  the  stress  intensity  factor  coefficient 
and  is  a  function  of  crack  length,  dimension  and  compliance  of  the  specimen,  and  P,  B,  W,  a^,  aj 
and  a  have  been  defined  in  Fig.  I .  During  the  early  stage  of  the  crack  propagation,  Y  decreases 
with  increasing  crack  length.  Thus,  more  and  more  load  has  to  be  applied  to  extend  the  cfack  if 
K00  of  the  material  remains  constant.  When  the  crack  length,  a,  reaches  a  critical  value,  the  Y 
reaches  a  minimum  Ymjn  and  at  the  same  time,  the  load  P  reaches  a  maximum  P^x-  Therefore, 
K 00  can  be  calculated  from 


K"  = 


(9) 


The  minimum  value  of  Y  has  been  predetermined  for  particular  chevron-notched  configurations 
by  various  techniques  including  finite  element  analysis  [24,25],  boundary  element  analysis  [25], 
boundary  integral  method  [26],  and  analytical  approaches  such  as  straight-through-crack 
assumption  analysis  [19]  and  Bluhm's  slice  model  [27],  With  Y,^,,  in  hand,  K00  can  be 
determined  directly  from  the  measurement  of  the  peak  load,  P,^  ,  of  the  load-displacement 
curve. 

For  the  sandwich-type  chevron-notched  specimens,  the  test  can  be  conducted  as  if  the 
specimen  were  made  of  homogeneous  material.  Then,  the  applied  stress  intensity  factor  is 
calculated  using  equation  9,  and  the  interfacial  fracture  energy  using  equation  7.  In  the 
following,  the  application  of  this  type  of  specimen  is  demonstrated  using  the  AljOj/Nb  system. 


After  passing  through  the  maximum  load.  die  load  suddenly  dropped  because  ol  rapid  specimen 
fracture.  Thus,  the  maximum  loads  detected  were  regarded  as  valid  values  for  calculating  the 
fracture  energy  of  AljOj  with  the  aid  of  equations  9  and  7  The  fracture  energy  measured,  G, 
was  23.1  ±  1.2  J/m2  (front  6  specimens),  or  in  terms  of  fracture  toughness.  K00  =  30 
MPa  ml/2.  Note  that  the  current  results  arc  for  the  AljOt  with  a  mean  grain  diameter  of  3  pm 
after  the  consolidation,  and  arc  comparable  with  the  literature  (33-35).  For  example,  working 
with  different  grain  sizes  of  AljOp  Rice  cl  al.  (33]  found  that  fracture  energies  of  AljOy  with 
grain  diameters  smaller  than  10  pm  were  about  18  J/m2,  whereas  Davidge  (34  j  reported  a  value 
of  23  J/m2  for  3  pm  grain  diameter  AljOy  Shannon  and  Munz  (35)  found  the  fracture 
toughness,  K00.  of  AIjO^  with  a  uniform  mix  of  grains  2  to  30  pm  in  size  to  be  between  3  5  and 
4.5  MPa.m,/2  depending  on  the  specimen  geometry  of  the  chevron  notched  short  bars 

Stable  crack  propagation  at  the  chevron  plane  was  also  supported  by  the  examination  of 
the  fracture  surface  of  the  AljOy  Typical  fracture  surfaces  of  AI2O3  at  the  chevron  crack  arc 
presented  in  Figure  3.  Higher-magnification  photographs  shown  in  Figure  3(b)  and  (c)  were 
taken  from  the  positions  b  and  c  shown  in  Figure  3(a),  respectively.  As  seen  in  the  figures, 
intergranular  fracture  prevailed  near  the  tip  of  the  notch,  while  transgranular  fracture  dominated 
at  the  bottom  of  the  notch.  Between  these  two  positions,  a  transition  of  fracture  mode  was 
observed.  The  position  dependence  of  the  fracture  mode  is  believed  to  be  related  to  the 
characteristics  of  the  crack  propagation  on  the  chevron  plane.  Due  to  the  V-notch  geometry  and 
control  of  the  crack  propagation  by  the  crosshcad  speed  of  the  testing  machine  [27,36],  the 
crack  propagates  stably  near  the  notch  tip.  unstably  at  the  bottom  of  the  notch  and  changing 
from  stably  to  unstably  at  the  intermediate  position.  As  such,  at  the  notch  tip,  crack  propagation 
is  the  slowest  and  it  chooses  the  low  energy  path  which  is  the  grain  boundary  for  the  present 
matrix,  while  at  the  bottom  of  the  notch,  crack  propagation  is  too  fast  to  allow  for  the  low 
energy  path,  leading  to  transgranular  fracture.  Such  position  dependence  of  the  fracture  mode 
was  also  observed  in  chevron-notched  MoSi2  specimens  (37).  The  above  discussion  clearly 
indicates  that  the  present  testing  procedures  and  specimen  dimensions  arc  appropriated  for 
stable  crack  propagation,  and  therefore  suitable  for  fracture  energy  measurement. 

Al^Q^/Nb-liitcrfflcc 

A  typical  load-displacement  curve  of  the  A^C^/polishcd  Nb  laminate  is  shown  in  Figure 
4.  Again,  a  stable  crack  propagation  was  achieved,  as  indicated  by  the  fluctuation  in  the  curve 
near  the  maximum  load.  Therefore,  the  maximum  load  was  used  to  calculate  G  with  the  aid  of 
equations  9  and  7,  and  a  fracture  energy  of  9.3  ±  0.2  J/m2  was  obtained  (for  3  specimens 
tested).  The  two  corresponding  fracture  surfaces  at  the  chevron  crack  are  presented  in  Figure  5. 
As  seen  from  the  figure,  the  two  opposite  surfaces  match  each  other  with  one  being  concave  and 
the  other  convex.  The  composition  analysis  with  energy  dispersive  spectrometer  (EDS) 
indicated  that  the  fracture  surface  on  the  convex  side  contained  only  A12Oj,  while  the  concave 
side  consisted  of  only  Nb.  Thus,  it  is  clear  that  the  crack  had  propagated  right  along  the 
interface  between  AJ2O3  and  Nb. 

The  phase  angle  of  loading  at  the  crack  tip,  \j/,  for  the  measured  interfacia]  fracture 
energy  was  calculated  using  equation  4.  The  co(a,  ft)  was  found  from  Table  I  in  reference  [10] 
with  the  shear  moduli  and  Poisson's  ratios  of  AI2O3  and  Nb  being  162  GPa  and  0.22  [38],  and 
36.72  GPa  and  0.38  [39],  respectively.  The  results  showed  that  q/  ■  -  7^  for  non-zero  ft  or  vy  -  - 
8°  for  assuming  P  -  0. 

It  is  interesting  to  compare  the  present  fracture  energy  of  Al2Oj/Nb  interface  with  other 
studies  [8,30].  Using  a  laser  spallation  technique,  Gupta  el  al  [30]  found  that  the  fracture  energy 


of  AljO^/Nb  interface  was  0  0009  J/m2.  while  a  fracture  energy  of  80  J/m2  was  obtained  by 
F.vans  cl  a/  (8|,  using  a  notch-bend  lest  Both  of  these  interfacial  fracture  energies  were  obtained 
at  the  condition  of  a  ncarly-zcro  phase  angle  of  loading  However,  the  low  fracture  energy  value 
in  the  laser  spallation  test  has  been  attributed  to  the  presence  of  interface  fiaws  (30).  The  value 
obtained  in  the  notch-bend  test  is  ntuch  closer  to  the  present  result,  although  a  difference  exists. 
The  difference  may  be  due  to  the  different  processing  conditions  or  due  to  the  notches  rather 
than  a  sharp  pre-crack  used  in  the  notch-bend  lest  Finally,  it  is  noted  that  the  currently 
measured  fracture  energy  of  the  AljOi/Nb  interface  is  larger  than  the  work  of  adhesion  for  this 
interface  (about  I  J/m2).  This  is  in  agreement  with  the  general  observations  that  fracture  energy 
of  interfaces  is  typically  larger  than  the  work  of  adhesion  (8) 

CondudmlkmMks 

A  sandwich-type  chevron-notched  specimen,  which  has  a  ncarly-zcro  phase  angle  of 
loading,  has  been  proposed  to  measure  interfacial  fracture  energy  arising  mainly  from  chemical 
bonding.  The  specimen  has  been  analyzed  based  on  the  mechanics  of  sandwich-type  specimens 
and  chevron-notched  specimens,  and  demonstrated  using  the  A^Oj/Nb  bimaterial  system.  The 
main  advantages  of  this  specimen  are: 

(1)  It  is  easy  to  fabricate  (either  diffusion  or  adhesive  bonding),  and  easy  to  test  with  no 
need  for  fatigue  precracking.  Thus,  the  specimen  allows  the  generation  of  the  sizable  amount  of 
toughness  data  at  low  cost. 

(2)  No  special  compliance  calibration  of  specimens  is  necessary  because  a  large  body  of 
previously  developed  compliance  calibrations  for  homogeneous  materials  can  be  utilized 
directly. 

(3)  Due  to  the  above  characteristics,  the  specimen  provides  a  quick  and  accurate  testing 
method  for  measuring  the  trend  of  "chemical  bonding"  as  a  function  of  other  material 
parameters,  such  as  composition,  processing  conditions,  and  microstructurc  at  the  interface. 
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Fig.  3  (a)  Fracture  surface  of  AJjOj  at  the  chevron  crack;  (b)  high  magnification  view 
of  position  b  shown  in  figure  (a),  and  (c)  high  magnification  view  of  position  c 
shown  in  figure  (a) 
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Fig.  4  A  typical  load-displacement  curve  of  the  AljOj/Nb  sandwich-type 
chevron-notched  specimens 


Fig.  5  The  two  corresponding  fracture  surfaces  of  an  A^Oj/Nb  specimen 
at  the  chevron  plane. 


Role  of  Matrix/ Reinforcement 

Interfaces  in  the  Fracture  Toughness  of  Brittle 

Materials  Toughened  by  Ductile  Reinforcements 

L.  XIAO  and  R.  ABBASCHIAN 

Crack  interactions  with  ductile  reinforcements,  especially  behavior  of  a  crack  tip  at  the  interface, 
have  been  studied  using  MoSi2  composites  reinforced  with  Nb  foils.  Effects  of  fracture  energy 
of  interfaces  on  toughness  of  the  composites  have  also  been  investigated.  Variation  of  interfacial 
bonding  was  achieved  by  depositing  an  oxide  coating  or  by  the  development  of  a  reaction  prod¬ 
uct  layer  between  the  reinforcement  and  matrix.  Toughness  was  measured  using  bend  tests  on 
chevron-notched  specimens.  It  has  been  established  that  as  a  crack  interacts  with  a  ductile  re¬ 
inforcement,  three  mechanisms  compete:  intcrfacial  debonding,  multiple  matrix  fracture,  and 
direct  crack  propagation  through  the  reinforcement.  Dccohesion  length  at  the  matrix/reinforcemcnt 
interface  depends  on  the  predominant  mechanism.  Furthermore,  the  results  add  to  the  evidence 
that  the  extent  to  which  interfacial  bonding  is  conducive  to  toughness  of  the  composites  depends 
on  the  criterion  used  to  describe  the  toughness  and  that  ductility  of  the  ductile  reinforcement  is 
also  an  important  factor  in  controlling  toughness  of  the  composites.  Loss  of  ductility  of  the 
ductile  reinforcement  due  to  inappropriate  processing  could  result  in  little  improvement  in  tough¬ 
ness  of  the  composites. 


I.  INTRODUCTION 

The  interface  between  matrix  and  reinforcements  plays 
an  important  role  in  the  mechanical  performance  of  com¬ 
posites.  It  is  commonly  accepted  that  a  relatively  weak 
interface  is  desirable  for  improving  fracture  toughness  of 
brittle  materials  reinforced  by  ceramic  fibers."-*1  The 
reason  for  this  is  that  such  an  interface  when  present  in 
the  path  of  an  advancing  crack  would  fail  locally  and 
blunt  the  crack.  Otherwise,  if  the  interface  is  strong,  the 
propagating  crack  is  unlikely  to  “see"  the  fiber  and  little 
improvement  in  toughness  will  be  realized.  This  tough¬ 
ening  concept  has  become  a  dogma  in  design  of  brittle 
materials  to  be  reinforced  by  ceramic  fibers.  However, 
when  the  reinforcement  is  a  ductile  fiber  with  a  high 
strain  to  failure,  the  requirement  for  the  interfacial  bond¬ 
ing  may  be  different.  This  is  because  occurrence  of  frac¬ 
ture  for  the  two  different  fibers  is  based  on  different 
criteria.  For  a  brittle  fiber,  the  occurrence  of  fracture  is 
simply  based  on  the  magnitudes  of  the  maximum  tensile 
stresses  which  are  enhanced  by  the  presence  of  stress 
concentration.  In  contrast,  since  ductile  fibers  can  yield 
locally  bj  dislocation  slip  and  thus  blunt  the  crack,  the 
fracture  occurs  only  after  exhaustion  of  ductility  of  the 
fiber  in  the  presence  of  triaxial  stresses  at  the  crack  tip 
(particularly  in  plane  strain).  As  such,  there  may  be  dif¬ 
ferent  requirements  for  the  interfaces  in  ductilc-fibcr- 
reinforced  brittle  matrix  composites. 

The  responsibility  for  the  ductile  phase  toughening  has 
been  attributed  to  bridging  of  intact  ligaments  of  the  duc¬ 
tile  phase  behind  the  advancing  crack  tip.15'121  Based  on 
this  mechanism,  the  increased  toughness  of  the  com¬ 
posites  in  the  case  of  small-scale  bridging  can  be  related 


to  the  work  of  stretching  and  fracturing  the  ductile  phases, 
AG,  by  the  following  equation:16 

AG  =  Vf  I  tr(n)  du  1 1 ) 

Jo 

where  u  is  the  crack  opening,  <r(u)  the  nominal  stress 
on  the  ligament,  u*  the  crack  opening  at  the  end  of  the 
traction  zone,  and  Vf  the  area  fraction  of  reinforcements 
on  the  crack  plane.  It  is  clear  that  the  increased  tough¬ 
ness  depends  on  the  stress-displacement  function  of  the 
ductile  ligament,  cr(u),  which  in  turn  relies  on  the  extent 
of  decohesion  at  the  matrix/reinforcement  interface  and 
can  be  determined  independently  using  a  simple  tensile 
test  on  a  single  constrained  ductile  reinforcement. 

These  experiments  indicated  that  a  high  work  of  rupture 
of  ductile  reinforcements  was  encouraged  by  a  partial 
decohesion  at  the  interface.12  ”-1’1  Deve  el  a/.,"61  how¬ 
ever,  found  that  whether  or  not  extensive  decohesion  was 
desirable  for  a  high  work  of  rupture  depended  on  the 
work-hardening  capability  of  the  reinforcements,  sug¬ 
gesting  that  contributions  of  decohesion  were  compli¬ 
cated  and  interdependent  with  other  material  properties. 
Theoretical  analysis  of  stress-displacement  function,  cr(u), 
has  also  been  attempted.  Numerical  models1’’61  showed 
that  partial  decohesion  was  beneficial  to  a  high  work  of 
rupture,  and  therefore,  a  high  toughness.  Similar  con¬ 
clusions  have  also  been  drawn  from  analytical 
models,  i6-7"1! 

In  the  present  work,  effects  of  interfacial  coating  and 
decohesion  on  the  toughness  of  ductilc-phase-reinforccd 
brittle  matrix  composites  were  measured  directly  using 
n  four-point  bend  test  on  chevron-notched  specimens  rather 
than  measuring  the  stress-displacement  function  and  de¬ 
ducing  the  toughness  increment  via  Eq.  |l).  The  com¬ 
posite  system  selected  for  the  investigation  was  laminated 
MoSij  matrix  reinforced  with  coated  or  uncoated  Nb  foils. 
The  composite  system  was  selected,  because  MoSi2  is 


among  the  most  promising  candidates  for  high-temperature 
structural  applications.  In  addition,  the  two  components 
used  have  similar  coefficients  of  thermal  expansion,  thus 
minimizing  the  residual  thermal  stresses  and  simplifying 
the  fracture  toughness  analysis.  The  use  of  Nb  foil  rather 
than  filaments  allowed  for  the  ease  of  producing  the 
composites  with  controlled  properties,  but  it  still  served 
the  main  purpose  of  the  present  study. 


II.  EXPERIMENTAL 

A.  Measurement  of  Fracture  Toughness 

Disc-shaped  laminated  composites  were  produced  by 
hot  pressing  MoSi2  powder  (-325  mesh)  with  20  vol  pet 
of  coated  or  uncoatcd  Nb  foils  at  1400  °C  for  I  hour  or 
1700  °C  for  40  minutes  under  a  pressure  of  40  MPa.  In 
order  to  minimize  residual  thermal  stresses,  the  hot-pressed 
discs  were  held  in  the  hot-pressing  chamber  at  800  "C 
for  1  hour  before  cooling  down  to  room  temperature. 
The  thickness  of  the  Nb  foils  was  0.25  mm.  The  inter¬ 
face  coatings  were  produced  by  depositing  Al;0,  or  Zr02 
to  the  Nb  surface  prior  to  the  hot  pressing  or  by  the  de¬ 
velopment  of  a  reaction  product  layer  between  the  matrix 
and  reinforcement.  Details  of  the  coating  procedures  can 
be  found  in  Reference  18. 

One  way  to  evaluate  the  ductile  phase  toughening  is 
to  generate  a  resistance  curve  (/?-curve)  of  the  compos¬ 
ites,  as  done  by  Elliott  et  al."'1'  and  Venkateswara  Rao 
et  a/.12"1  To  generate  this  curve,  however,  the  dimen¬ 
sions  of  the  specimens  should  be  at  least  as  large  as  the 
bridging  length.  For  the  present  model  composites,  based 
on  the  equilibrium  stress  distribution  across  the  crack  face, 
the  bridging  length  has  been  estimated  to  be  at  least 
50  mm.12"  To  avoid  using  such  a  large  specimen,  the 
toughness  of  the  present  composites  was  measured  by 
four-point  bending  of  chevron-notched  specimens.122  3,1 
The  samples  had  inner  and  outer  spans  of  10  and  20  mm, 
respectively,  and  were  tested  using  a  hydro-servo- 
controlled  MTS  with  a  crosshcad  speed  of  4  x 
I0~4  mm/s.  In  order  to  prepare  the  chevron-notched 
bending  specimens,  the  hot-pressed  discs  were  cut  into 
rectangular  bars  with  dimensions  of  3.81  x  5.08  x 
25.4  mm.  The  notch  on  each  sample  was  cut  perpen¬ 
dicular  to  the  foil  plane  using  a  diamond  wafering  blade. 
To  investigate  interactions  between  cracks  and  reinforce¬ 
ments,  some  specimens  were  unloaded  at  various  levels 
of  load  during  the  bending  tests.  A  cross  section  per¬ 
pendicular  to  the  chevron  notch  of  the  unloaded  speci¬ 
mens  was  cut,  polished,  and  examined  using  scanning 
electron  microscopy  (SEM)  to  measure  decohesion  length 
and  the  crack  geometry  and  position. 

The  peak  load  of  the  bending  tests  was  used  to  cal¬ 
culate  fracture  toughness  with  the  aid  of  the  following 
equation:1221 


1 2 1 


tor  coefficient  ns  a  function  of  relative  crack  length  for 
the  particular  specimen  used.  The  present  experiments 
revealed  that  Pm„  was  reached  when  the  crack  was  in¬ 
side  the  chevron.  However,  because  of  the  rising  crack- 
growth  resistance  for  ductile-phase-toughened  compos¬ 
ites,  Pm„  and  K* do  not  occur  coincidentally  at  the  same 
crack  length,  and  therefore,  Pm,t  docs  not  exactly  cor¬ 
respond  to  the  stress-intensity  factor  at  failure  but  is  a 
good  approximation  to  it.123-2"*2'1  Thus,  the  value  calcu¬ 
lated  using  Eq.  [2]  is  called  “damage  tolerance"  in  this 
article  and  is  designated  as  Km„  rather  than  K,, . 

B .  Interface  Fracture  Energy  Measurement 

The  measurement  of  the  fracture  energy  of  matrix/ 
reinforcement  interfaces  was  conducted  on  chevron- 
notched  short  bars  using  the  procedures  recommended 
in  Reference  26.  The  technique  involves  determining  the 
critical  stress  intensity  factor  from  the  peak  load  of  the 
notched  bars  and  then  converting  the  critical  stress  in¬ 
tensity  factor  to  the  fracture  energy  of  the  interface  (bond 
toughness  of  the  interface).  In  the  present  study,  how¬ 
ever,  a  modified  specimen  geometry,  as  shown  in 
Figure  I ,  was  used.  An  advantage  of  the  present  ge¬ 
ometry  is  that  there  is  no  need  for  compliance  calibration 
due  to  symmetry  of  compliance  of  the  specimen  with 
respect  to  the  interface. 

The  short  bar  specimens  were  produced  by  hot  press¬ 
ing.  The  hot-pressing  temperature  and  coating  proce¬ 
dures  were  the  same  as  for  preparing  the  composite 
laminates  mentioned  in  Section  A.  The  Nb  foils  used  for 
the  short  bar  specimens  were  0.127  mm  thick,  and  the 
notch  was  cut  parallel  to  the  foil  using  a  diamond  wa¬ 
fering  blade  with  a  thickness  of  0.4  mm.  The  thickness 
of  the  notch  was  chosen  to  be  slightly  larger  than  that 
of  the  foil  to  insure  that  the  initiation  and  propagation  of 
the  crack  were  at  the  weakest  positions  among  various 
interfaces  between  matrix/coating/rcinforccmcnt. 


where  P,„„  is  the  maximum  test  load,  II  and  W  the  width 
and  height  of  the  bending  bar,  respectively,  and  F*„,  the 
minimum  value  of  the  dimensionless  stress  intensity  fac¬ 


ing  I  — Short  bur  specimen  geometry. 


The  fracture  energy  of  the  interface,  G™,,  was  cal 
eulated  using  the  following  equation:'161 


where  E  is  the  clastic  modulus  of  MoSij  and  K,c„  is  the 
critical  stress  intensity  factor  determined  from  the  peak 
load  of  the  short  bar  bending  test. 

C.  Tensile  Tests  on  a  Single 
Constrained  Reinforcement 

A  schematic  of  a  tensile  test  specimen  used  to  deter¬ 
mine  the  crack  behavior  near  the  reinforcement  is  shown 
in  Figure  2.  The  specimens,  consisting  of  a  single  Nb 
foil  sandwiched  between  two  MoSij  layers,  were  pro¬ 
duced  by  hot  pressing  with  the  same  processing  condi¬ 
tions  as  for  the  composite  laminates  and  short  bar 
specimens.  The  straight-through  notches  on  the  MoSij 
matrix  were  introduced  using  a  diamond  wafering  blade 
with  a  thickness  of  0.15  mm.  The  (ensile  specimens  were 
polished  on  both  sides  perpendicular  to  the  Nb  foil  be¬ 
fore  testing.  The  specimens  were  unloaded  at  various 
levels  of  load  during  testing  and  examined  with  SEM  to 
observe  the  interactions  and  behavior  of  ductile  rein¬ 
forcement  at  the  near-tip  region. 

III.  RESULTS  AND  DISCUSSION 
A.  Fracture  Energy  of  Interfaces 

Microstructures  of  the  matrix/reinforcement  inter¬ 
faces  for  the  coated  and  uncoated  foils  are  shown  in 
Figure  3.  The  thicknesses  of  AljO,  and  ZrOj  coatings 
produced  are  about  5  and  25  fim,  respectively.  For  the 
uncoated  foils,  as  shown  in  Figure  3(a),  the  interaction 
between  the  matrix  and  reinforcement  causes  formation 
of  (Mo,  Nb),Si,t  the  thickness  of  which  depends  on  the 
compositing  and  annealing  conditions.""1  For  the  coated 
foils,  no  interaction  between  the  composite  constituents 


Fig.  2  —  Schematic  ol  a  composite  laminate  tensile  test  specimen. 


was  observed.  However,  because  of  the  diffusion  of  Si 
through  the  coatings,  a  NbjSij  layer  was  produced  near 
the  surface  of  the  foil.  Therefore,  as  can  be  seen  in  the 
figure,  the  coated  foils  contain  three  interfaces  between 
the  matrix  and  reinforcement:  MoSij/coating/Nb5Si,/Nb; 
whereas,  the  uncoatcd  foils  contain  two  interfaces:  MoSij/ 
(Mo,  Nb),Si,/Nb. 

When  the  hot-pressing  temperature  was  1400  °C,  the 
interfaces  between  the  uncoated  Nb  and  MoSij  became 
MoSij/(Nb,  Mo)Sij/Nb,Si,/Nb.  Detailed  mechanisms 
of  the  interphase  formation  for  the  uncoated  Nb/MoSij 
system  at  different  temperatures  are  described  in 
Reference  27.  Despite  the  different  interfacial  micro- 
structures,  mechanical  behavior  was  observed  to  be  the 
same  for  the  specimens  hot-pressed  at  1400  °C  and 
1700  °C.  For  the  Zr02  coated  Nb,  the  same  interfacial 
microstructurc  was  produced  at  both  hot-pressing  tem¬ 
peratures.  However,  for  the  AI2Oj  coated  Nb,  the  coat¬ 
ing  became  discontinuous  when  the  hot-pressing 
temperature  was  1700  8C.  Such  phenomenon  has  been 
attributed  to  the  Kirkcndal  shift  caused  by  the  extensive 
Si  diffusion  across  the  coating."*1 

A  typical  load-displacement  curve  of  the  chevron- 
notched  short  bar  for  a  Zr02  coated  Nb/MoSi2  laminate 
is  shown  in  Figure  4.  Some  stable  crack  propagation  has 
been  achieved,  as  indicated  by  the  fluctuation  in  the  curve 
near  the  maximum  load.  Therefore,  the  maximum  load 
was  used  to  calculate  G™,  with  the  aid  of  Eq.  |3].  The 
corresponding  fracture  surface  at  the  chevron  crack  is 
also  presented  in  Figure  4.  By  examining  both  fracture 
surfaces  of  a  broken  sample  with  SEM  and  an  energy- 
dispersive  spectrometer  (EDS),  the  failure  location  at  the 
interface  was  determined.  The  measured  fracture  ener¬ 
gies  or  interfaces  and  failure  locations  for  the  uncoated 
and  coated  Nb/MoSij  composites  are  summarized  in 
Table  I.  In  the  ease  of  coated  Nb  systems,  failure  oc¬ 
curred  along  the  oxidc/Nb,Si,  interface  or  inside  the  oxide 
coating.  For  the  uncoatcd  system,  on  the  other  hand,  the 
failure  was  observed  to  take  place  inside  MoSij  rather 
than  at  the  interfaces  or  inside  the  intcrphascs  formed, 
indicating  that  the  interfacial  region  has  a  higher  tough¬ 
ness  than  the  matrix.  Indeed,  the  value  of  G™,  of  MoSij 
measured  in  the  present  study  is  33.7  J/m1,  and  all  the 
measurements  conducted  on  MoSij/uncoatcd  Nb  system 
showed  that  fracture  energies  for  failure  of  the  notched 
short  bars  were  about  36.4  J/mJ  because  the  crack  in 
MoSij  failed  to  follow  tltc  chevron-notched  plane  strictly. 
The  data  in  Table  I  also  show  that  the  fracture  energy 
of  the  interface  has  been  reduced  by  the  oxide  coatings. 
Furthermore,  the  zirconia  coating  exhibits  a  lower  frac¬ 
ture  energy  of  the  interface  than  the  alumina.  This  is 
attributed  to  the  existence  of  residual  tensile  stresses  in 
the  zirconia  coating  caused  by  the  thicker  coating  layer 
and  a  higher  coefficient  of  thermal  expansion  of  the  zir¬ 
conia  than  that  of  the  matrix  and  reinforcement. 

U.  Behavior  of  Cracks  at  the  Interface 

Details  of  cracks  impinging  on  Nb  foils  for  uncoatcd 
and  coaled  composite  systems  arc  shown  in  Figure  5. 
The  micrographs  were  taken  from  the  cross  sections  of 
laminated  composites  unloaded  at  about  20  pet  of  the 
peak  load  of  the  composites  during’  the  four-point  bend- 


Fig.  3 _ Interfacial  microslructures  of  the  laminated  composites  reinforced  by  (n)  uncoaled  Nb.  hot-pressed  at  1700  *C;  (b)  Al,0,  coaled  Nb, 

hot-pressed  at  1400  *C:  and  (c)  ZrO,  coated  Nb,  hot-pressed  at  1700  *C. 


Pig.  4 _ A  typical  load-displacentent  curve  of  the  chevron  notched  short  bar  for  a  ZrO,  coated  Nb/MoSi,  laminate  and  the  corresponding  fracture 

surface  at  the  chevron  crack. 


ing  tests.  It  is  noted  from  the  figures  that  debonding  at 
the  interface  docs  not  occur  when  a  crack  approaches  the 
interface  or  just  impinges  on  it  for  both  uncoatcd  and 
coated  reinforcement  systems.  Similar  observations  were 
made  from  tensile  tests  on  a  single  constrained  Nb  foil. 
This  is  not  surprising,  since  all  the  fracture  energies  of 
the  interfaces  measured  in  the  present  study  arc  higher 
than  1/5  of  the  matrix  fracture  energy.  The  observation 
is  consistent  with  an  estimation  made  by  Cook  and 
Gordon  12,1  They  found  that  for  an  elliptical  crack,  an 
interfacial  fracture  energy  of  1/5  or  less  of  the  matrix 


fracture  energy  would  cause  interfacial  debonding  in  ad¬ 
vance  of  the  crack. 

Figure  6  shows  a  typical  microslructurc  of  an  uncoated 
Nb  tensile  test  specimen.  A  notch  tip  can  be  seen  at  the 
left  side  of  Figure  6(a),  which  shows  that  a  crack  ini¬ 
tiates  at  the  notch  tip  and  ends  at  the  Nb  foil.  Figure  6(b) 
is  a  close-up  of  one  of  the  crack  tips  in  Figure  6(a).  As 
seen  in  the  figure,  the  impingement  of  the  crack  on  the 
interface  causes  local  dislocation  slip  of  the  reinforce¬ 
ment  instead  of  interfacial  failure,  leading  to  the  release 
of  the  stress  concentration.  In  addition,  there  arc  also 


Table  I.  Fracture  Energy  of  Interfaces  In  Coated  and  Uncoaled  Nli/MoSI,  Systems* 


System 

Processing 

Conditions 

Failure  Location 

Fracture  Energy 
of  Interlace 

(<>«.,.  J/tn') 

MoSij/uncoalcd  Nb 
MoSij/AljOj  coated  Nb 
MoSij/ZrOj  coated  Nb 

I4(X)  °C  and  1700  *C 

I4(X)  *C 

I4(X)  °C  and  I7(X)  *C 

inside  the  MoSij 
AljO,/NbjSi,  interface 
ZrOj/Nb,Si,  interface 
or  inside  (lie  ZrOj 

>33.7  ±  1.4 

16.1  ±  1.3 
12.8  ±  1.0 

‘Four  specimens  for  each  condition  were  tested. 
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Fig.  5  —  Optical  microstructures  of  composite  laminates  showing  that  cracks  end  at  the  front  of  the  reinforcement  without  causing  Interfacial 
debonding,  (a)  Uncoated  Nb,  (b)  AI,Ot  coaled  Nb,  and  (c)  ZrO,  coated  Nb  reinforced  composites. 


multiple  cracks  at  (lie  interface  which  add  to  relaxation 
of  tip  stress  intensity  and  effectively  enlarge  the  initial 
plastic  zone  in  the  ductile  phase.  The  result  shows  that 
interfacial  failure  is  not  the  only  mechanism  of  blunting 
cracks  in  the  case  of  ductile  reinforcements.  The  slip  ca¬ 
pability  of  ductile  reinforcement  can  play  an  important 
role,  as  will  be  discussed  further  in  the  following  sections. 

A  general  view  of  the  cross  section  of  a  composite 
laminate  reinforced  with  20  vol  pet  of  uncoated  Nb  lam¬ 
inae  unloaded  at  about  20  pet  of  the  peak  load  is  shown 
in  Figure  7.  As  seen  in  the  figure,  the  crack  propagation 
is  discontinuous  in  nature,  i.e.,  after  a  crack  stops  at  one 
side  of  a  Nb  lamina  in  the  laminated  composites,  its 
propagation  is  accomplished  by  rcnuclcation  of  another 
crack  at  the  other  side.  Also,  around  a  load  level  of 
20  pet  of  the  peak  load,  the  crack  has  already  propagated 
throughout  the  entire  thickness  of  the  matrix.  Beyond 
this  level,  the  load  is  carried  exclusively  by  Nb  laminae. 
Owing  to  the  extensive  cracking  of  the  matrix  at  a  load 
level  considerably  below  the  peak  load  of  the  composite, 
the  value  calculated  from  the  peak  load  of  a  bending  test 
on  the  chevron-notched  specimen  using  Eq.  |2]  was  ac¬ 
tually  a  reflection  of  the  bridging  capability  of  the  ductile 
phases  and  was  interpreted  as  an  indicator  of  the  damage 
tolerance  of  the  composite.12'" 

C.  Debonding,  Multiple  Matrix  Fracture,  and  Direct 
Crack  Propagation  through  the  Reinforcement 

As  load  continues  to  increase  during  the  tensile  tests 
after  the  cracks  have  impinged  on  the  Nb  foil,  debonding 
at  the  interfaces  and/or  multiple  fracture  of  the  matrix 
near  the  interfaces  occur  due  to  a  relatively  large  lateral 
deformation  of  the  Nb  reinforcement  compared  to  the 
matrix  and  load  transfer  from  the  matrix  to  the  reinforce¬ 
ment.  Typical  features  of  debonding  at  the  interface  and 
multiple  fracture  of  the  matrix  near  the  interface  for  the 
coated  and  uncoaled  specimens  are  shown  in  Figure  8. 
It  is  noted  that  interfacial  debonding  has  occurred  at  the 
oxide  coated  systems  (Figure  8(u))  as  contrasted  with 
multiple  matrix  fracture  near  the  interface  for  the  un¬ 
coated  systems  (Figure  8(b)).  This  is  in  agreement  with 
the  interface  fracture  energy  measurement,  since  the 
interfaces  in  the  uncoatcd  composites  have  a  higher  frac¬ 
ture  energy  than  the  matrix;  as  such,  the  matrix  is  ex¬ 
pected  to  fail  more  easily  than  the  interfaces  in  these 
composites.  On  the  other  hand,  for  the  oxide  coated 


composites,  the  fracture  energy  of  the  interfaces  is  lower 
than  the  fracture  energy  of  the  matrix.  Thus,  interfacial 
debonding  prevailed  in  these  composites.  Similar  results 
were  also  observed  in  a  related  study  on  bending  tests 
of  chevron-notched  composite  laminates,1291  which  showed 
that  debonding  at  the  interfaces  prevailed  in  the  AljOj 
coated  Nb  composites  while  multiple  matrix  fracture 
dominated  in  the  uncoated  Nb  composites. 

Both  interfacial  debonding  and  multiple  matrix  frac¬ 
ture  create  a  “gage  length”  at  the  matrix/reinforcement 
interface  which  is  a  region  virtually  free  from  constraints 
of  the  matrix  and  is  called  “decohesion  length"  in  the 
text.  Measurement  of  the  dccohesion  length  was  con¬ 
ducted  for  laminated  composites,  and  the  results  are  shown 
in  Table  II.  Since  the  decohesion  length  of  the  laminated 
composites  varies  with  load  and  position  of  the  rein¬ 
forcement,  the  values  reported  in  Table  II  are  measured 
at  the  peak  load  and  for  the  second  foil  from  the  notch 
tip.  Microhardncss  of  the  Nb  reinforcements  after  hot 
pressing  is  also  included  in  Table  II  to  show  how  hard¬ 
ness  of  the  Nb  foils  was  effected  by  the  processing  con¬ 
ditions.  Little  change  in  microhardness  across  the  whole 
Nb  foil  was  observed  so  that  the  microhardncss  was  taken 
as  a  constant  for  each  specific  condition.  The  results  for 
the  specimens  hot-pressed  at  1400  °C  show  that  the  lower 
the  fracture  energy  of  the  interface,  the  longer  the  dc- 
cohcsion  length.  This  is  the  result  we  would  expect,  since 
lower  interfacial  fracture  energy  means  lower  resistance 
to  interfacial  dccohesion.  However,  in  the  case  of  ZrOj 
coated  systems,  when  hot-pressing  temperature  is  in¬ 
creased  to  1700  8C,  the  decohesion  length  becomes  neg¬ 
ligible  in  contrast  with  the  general  trend  exhibited  by  the 
composites  processed  at  lower  temperatures.  Figure  9 
shows  two  typical  load-displacement  curves  of  bending 
tests  on  ZrOj  coated  Nb/MoSij  laminated  composites 
hot-pressed  at  1400  °C  and  1700  °C.  It  is  noted  that  frac¬ 
ture  toughness  of  the  composites  is  reduced  and  the  fail¬ 
ure  becomes  catastrophic  when  hot-pressing  temperature 
changes  from  1400  °C  to  1700  °C.  Observation  of  frac¬ 
ture  surfaces  also  shows  a  change  of  fracture  modes  from 
quasi-cleavage  to  cleavage,  as  shown  in  Figure  10.  As 
indicated  in  Table  II,  microhardncss  of  the  Nb  foils  in¬ 
creases  from  131  to  236  as  the  processing  temperature 
is  increased,  indicating  an  increase  in  the  slip  resistance 
of  the  Nb  foils.  The  embrittlement  of  Nb  is  probably  due 
to  the  diffusion  of  interstitial  oxygen  into  the  foils  at  higher 
processing  temperatures  from  the  decomposition  of  ZrOj. 


Fig.  8  —  An  edge  view  of  (ensile  tested  specimens,  («)  DcUinding  wt  tin?  interface  in  u  s|»ccimcn  with  A1,0»  coated  Nb.  (A)  Multiple  matrix 
fracture  near  the  interface  in  a  specimen  with  uncoatcd  Nb. 


Table  II.  Dccolicslon  Length  and  Mlcroliordncss  Measured  from  llie  Laminated 
Cum  pushes  Reinforced  with  20  Vol  Pel  of  Nb  Foils  with  a  Thickness  of  0.25  nun* 


Composite  System 

Uncoatcd  Nb 

AIjO,  Coated  Nb 

ZtO;  Coaled  Nb 

Hot-pressing  temperature 
Decohesion  length  (mm) 
Vickers  hardness  (kg/mm' ) 

1700  °C  1400  °C 

0.75  ±  0.08  0.76  ±  0.06 

145  151 

1400  "C 

0.80  ±  0.12 
154 

1400  °C 

1.06  ±  0.25 

151 

1700  °C 

0 

256 

’Four  specimens  for  each  condition 

were  tested  except  for  A!,(),  coated  Nb  system  for  which  eight 

specimens  were  tested. 

Fig.  9 — Typical  load-displacement  curves  of  heading  tests  on  chev¬ 
ron  notched  composite  laminates  reinforced  hy  7.rO,  coated  Nb  foils. 


Loss  of  ductility  of  the  foil  leads  to  little  lateral  defor¬ 
mation  of  the  Nb  and  resultant  transverse  stresses  and, 
therefore,  results  in  negligible  decohesion  length.  To 
support  this  inference,  tensile  tests  on  single  constrained 
reinforcement  specimens  were  conducted  and  the  results 
showed  that  whenever  Vickers  hardness  of  uncoatcd  Nb 
foils  increased  to  about  2(X)  by  controlling  hot-pressing 
conditions,  fracture  mode  was  always  by  cleavage  even 
if  the  notches  were  cut  directly  into  the  Nb  foils.  This 
result  shows  clearly  that  brittle  fracture  of  the  Nb  foils 
is  due  to  embrittlement  of  the  foils. 

From  the  previous  discussion,  it  can  be  summarized 


Fig.  10  —  Fracture  surfaces  of  the  Nb  foils  in  composite  laminates 
(b)  hot-pressed  at  1700  °C  for  40  min. 


that  as  a  crack  approaches  the  ductile  reinforcements  in 
these  systems,  there  exist  three  competitive  mechanisms: 
interfacial  debonding,  multiple  matrix  fracture,  and  di¬ 
rect  crack  propagation  through  the  ductile  reinforce¬ 
ment.  Figure  1 1  shows  schematically  these  interactions. 
In  the  ease  of  high  ductility  of  the  reinforcement,  the 
crack  is  blunted  by  local  dislocation  slip  of  the  ductile 
phase.  The  present  experiments  showed  that  extensive 
debonding  did  not  occur  at  the  early  stage  of  the  crack/ 
ductile  phase  interaction,  so  that  the  interaction  could  be 
approximated  as  the  ease  of  no  debonding  at  this  stage. 
Thus,  to  fail  the  ductile  reinforcement,  a  much  higher 
tensile  stress  has  to  be  applied  which  increases  shear 
stresses  at  the  interface  due  to  load  transfer  and  trans¬ 
verse  stresses  caused  by  the  difference  between  lateral 
displacements  of  the  matrix  and  reinforcement.  Both  shear 
and  transverse  stresses  enhance  interfacial  debonding  and / 
or  multiple  matrix  fracture.  Thus,  whether  interfacial  de¬ 
bonding  or  multiple  matrix  fracture  predominates  de¬ 
pends  on  the  values  of  the  fracture  energies  of  the  matrix 
and  interface.  On  the  other  hand,  for  the  ease  of  low 
ductility  of  the  reinforcements,  the  crack  can  relatively 
easily  propagate  through  the  reinforcement  before  oc¬ 
currence  of  the  interfacial  debonding  or  multiple  matrix 
fracture.  The  dccohcsion  length,  which  results  from  the 
competition  of  the  three  above-mentioned  mechanisms, 
is  controlled  by  a  combination  of  three  material  prop¬ 
erties:  interface  fracture  energy,  toughness  of  the  matrix, 
and  slip  capability  of  the  reinforcement. 

D.  Fracture  Toughness  of  the  Laminated  Composites 

Typical  load-displacement  curves  of  bending  tests  on 
chevron-notched  composite  laminates  hot-pressed  at 


(fl)  MwtacM  tfvtooodtnq  (b)  UvtHptt  matHi  traeliK*  (l  )  dv»ci  cr*ck 

Fig.  1 1  —  Schematic  of  the  three  competitive  mechanising  at  the  inter¬ 
face.  Conditions  for  the  process  to  dominate  shown  in  (a)  are  high 
toughness  reinforcement  and  weak  interface.  ( b )  are  high  toughness 
reinforcement  and  strong  interface.  (<  )  are  low  toughness  reinforce¬ 
ment  and  strong  or  weak  interface. 


1400  °C  are  shown  in  Figure  12.  There  are  two  promi¬ 
nent  features  in  the  figure:  (I)  uncoatcd  Nb  reinforced 
composites  exhibit  the  highest  peak  load  and 
(2)  mechanical  behaviors  of  Zr02  and  A120,  coated  sys¬ 
tems  are  similar,  both  of  them  showing  an  increase  in 
the  carried  load  in  the  last  pan  of  the  displacement  curves. 
The  latter  observation  is  caused  by  the  extensive  delam- 
ination  at  the  interface,  and  correspondingly,  more  ni¬ 
obium  participates  in  deformation  and  deforms  under  much 
less  constrained  condition.  Because  of  this  feature,  the 
total  energy  consumed  to  break  a  specimen  (area  under 
the  curve)  for  the  coated  composites  is  larger  than  that 
to  break  the  uncoated  ones.  The  work  of  fracture,  de¬ 
fined  as  the  total  energy  normalized  with  respect  to  the 
generated  crack  arca,,•10,  for  the  various  composites  is 
presented  in  Table  III.  As  seen  in  the  table,  the  coated 
composites  show  the  higher  work  of  fracture,  indicating 
that  the  low  interfacial  fracture  energy  and,  thus,  long 
decohesion  length  are  beneficial  to  improving  the  tough¬ 
ness  of  the  composite.  This  result  is  consistent  with 


Fig.  12  —  Typical  load-displnccmcnl  curves  nf  bending  tests  on  chev¬ 
ron  notched  laminates  reinforced  by  20  vol  pet  of  coaled  and  uncoatcd 
Nb  foils,  hot-pressed  at  I4(X>  *C  for  I  hour 


predictions  based  on  the  numerical  and  analytical 
studies.1’'” 171 

However,  damage  tolerance  determined  from  the  peak 
load  of  the  chevron-notched  specimens  shows  an  op¬ 
posite  trend.  The  damage  tolerance  determined  in  this 
way  is  also  included  in  Table  III.  The  data  show  that 
uncoated  Nb  reinforced  composites  exhibit  the  highest 
damage  tolerance,  followed  by  Al20,  coated  and  then 
ZrOj  coated  composites.  This  sequence  is  parallel  to  the 
decrease  in  the  interfacial  fracture  energy  of  the  com¬ 
posites;  that  is,  the  higher  the  interfacial  fracture  energy, 
the  higher  the  damage  tolerance  of  the  composites. 

The  data  in  Table  III  also  indicate  that  loss  of  ductility 
of  the  Zr02-coated  Nb  foils  hot-pressed  at  1700  °C  re¬ 
sults  in  a  large  drop  of  toughness  of  the  laminated  com¬ 
posites.  Therefore,  the  damage  tolerance  data  suggest  that 
a  high  degree  of  constraints  is  conducive  to  toughness 
as  long  as  the  ductile  reinforcement  has  a  high  slip  ca¬ 
pability.  When  the  reinforcement  does  not  have  the  slip 
capability,  as  in  the  case  of  Zr02  coated  composites  pro¬ 
cessed  at  1700  °C,  decreasing  the  constraint  (r.e.,  in¬ 
creasing  the  gage  length  by  decreasing  the  interfacial 
bonding)  is  more  beneficial  to  improving  the  toughness. 

In  summary,  the  results  from  the  bend  test  of  chevron- 
notched  specimens  indicate  that  the  role  of  the  interface 
for  ductile  reinforcement  and  debonding  in  the  toughness 
depends  on  the  criterion  used  to  describe  the  toughness 
of  the  composites.  If  the  peak  load  of  the  chevron-notched 
specimen  is  used  as  an  indicator  of  the  toughness,  a  strong 
bonding  and,  therefore,  a  high  degree  of  constraints, 
would  be  desirable.  On  the  other  hand,  if  the  total  en¬ 
ergy  consumed  to  break  a  specimen  is  used  as  indicative 
of  that  specimen’s  toughness,  then  a  relatively  weak 
bonding  is  required. 

The  aforementioned  dual  effects  of  interfacial  prop¬ 
erties  on  the  toughness  of  the  composites  are  further  sup¬ 
ported  using  the  data  obtained  from  the  simple  tensile 
test  on  a  single  constrained  Nb  foil.  Representative  stress- 
displacement  curves  for  0.5-mm-thick  Nb  lamina  arc 
shown  in  Figure  13,  and  the  corresponding  decohesion 
lengths  with  different  coating  conditions  for  different  sizes 
of  Nb  laminae  arc  summarized  in  Table  IV.  It  is  noted 
that  the  area  under  the  stress-displacement  curve,  called 
“work  of  rupture  of  the  constrained  ductile  phase,"  in¬ 
creases  with  increasing  dccohcsion  length.  As  given  by 
Eq.  [I ),  the  steady  state  toughness  of  the  composites  is 
proportional  to  the  work  of  rupture  of  the  constrained 
ductile  phase.  Thus,  increasing  dccohcsion  length  is 
conducive  to  improving  steady  state  toughness  of  the 
composites,  a  trend  also  shown  by  the  work  of  fracture 
measured  from  chevron-notched  specimens  (Table  III). 
Figure  13,  at  the  same  time,  also  reveals  that  the  max¬ 
imum  stress  readied  by  the  constrained  Nb  decreases  with 
increasing  dccohcsion  length,  a  (rend  similar  to  that  ex¬ 
hibited  by  the  damage  tolerance  measured  from  the 
chevron-notched  specimens.  These  apparently  different 
roles  of  the  interface  can  be  explained  by  relating  the 
maximum  stress  reached  by  the  constrained  ductile  phases 
to  the  crack  propagation  resistance  in  the  case  of  large- 
scale  bridging  (/.<•.,  crack  length  is  at  the  same  order  of 
magnitude  as  bridging  length),  as  observed  in  the  present 
composites  (Figure  7).  A  recent  calculation  based  on  the 
equilibrium  stress  distributions  across  the  crack  face1’11 


Table  III.  Measured  Toughness  of  the  Laminated  Composites 
Reinforced  with  20  Vol  Pet  of  Nb  Foils  with  a  Thickness  of  0.25  mm* 


Material 

Monolithic 

MoSij 

Uncoatcd  Nb 
Reinforced 

AI2Oj  Coated 

Nb  Reinforced 

ZrOj  Coated 

Nb  Reinforced 

ZrOj  Coated 

Nb  Reinforced 

Hot-pressing 

1700  °C 

1700  °C 

1400  *C 

1400  *C 

1700  °C 

temperature 

Damage  tolerance 
(MPa  -  m1'1) 

3.3  ±  0.3 

and  14(H)  "C 

15.2  ±  1.3 

14.0  ±  1.5 

12.8  ±  1.5 

8.6  ±  1.3 

Work  of  fracture 
(J/m1) 

690  ±  30 

21.600  ±  3000 

28.700  ±  1900 

28,700  ±  4600 

2800  ±  300 

Interfacial 

fracture  energy  ** 

_ 

high 

medium 

low 

low 

Ductility  of  the 
reinforcement** 

— 

high 

high 

high 

low 

•Four  specimens  for  each  condition  were  tested  except  for  AI.O,  coated  Nb  system  for  which  eight  specimens  were  tested. 
**For  details,  see  Tables  1  and  II.  _ _ 


Fig.  13  —  Effect  of  the  coatings  on  the  stress-displacement  curves, 
measured  from  tensile  test  on  the  single  constrained  Nh  lamina  (thick¬ 
ness  of  the  Nb  laminae  **  0.5  mm). 


indicates  that  the  maximum  crack  propagation  resistance 
of  the  composites  increases  with  increasing  dccohcsion 
length.  However,  the  maximum  crack  propagation  re¬ 
sistance  is  achieved  only  after  the  crack  has  propagated 
extensively.  At  the  small  crack  size,  the  composites  with 
less  decohesion  show  a  higher  crack  propagation  resis¬ 
tance  than  their  counterparts  with  more  dccohcsion. 
Therefore,  it  seems  that  the  choice  or  weak  or  strong 
interface  in  describing  fracture  behavior  of  duclilc-phasc- 
toughened  composites  depends  on  the  criterion  used  to 
describe  the  toughness  of  the  composites. 


VI.  SUMMARY  AND  CONCLUSIONS 

The  present  set  of  experiments  clarifies  the  role  a 
matrix/reinforcement  interface  plays  in  brittle  materials 
toughened  by  ductile  reinforcements.  It  has  been  dis¬ 
closed  that  influence  of  interfaces  on  fracture  toughness 
of  brittle  matrix/ductile  reinforcement  composites  is  not 
as  crucial  as  in  brittle  matrix/ccramic  fiber  composites 
due  to  the  local  dislocation  slip  of  ductile  phase  at  the 
crack  tip.  Furthermore,  it  has  been  established  that  as  a 
crack  impinges  a  reinforcement,  there  exist  three  com¬ 
petitive  mechanisms:  interfacial  debonding,  multiple 
matrix  fracture,  and  direct  crack  propagation  through  the 
reinforcement.  The  mechanism  that  prevails  is  decided 
not  only  by  fracture  energies  of  the  interface  and  tough¬ 
ness  of  the  matrix  but  also  by  the  slip  capability  of  the 
ductile  reinforcement.  Dccohcsion  length  at  the  matrix/ 
reinforcement  interface  is  a  result  of  the  competition.  In 
the  case  of  high  slip  capability  of  the  reinforcements,  the 
higher  the  fracture  energy  of  interfaces,  the  shorter  the 
dccohcsion  length. 

The  toughness  measurement  has  revealed  that  whether 
or  not  a  strong  interfacial  bonding  is  conducive  to  tough¬ 
ness  depends  on  the  criterion  used  to  describe  the 
toughness  of  the  composites.  If  the  peak  load  of  the 
chevron-notched  specimen  is  used  as  an  indicator  of 
the  toughness,  a  strong  bonding  would  be  desirable.  On 
the  other  hand,  if  the  work  of  fracture  is  used  as  indic¬ 
ative  of  its  toughness,  then  a  relatively  weak  bonding  is 
required.  Ductility  of  the  ductile  reinforcement  is  also 
an  important  factor  in  controlling  toughness  of  the  com¬ 
posites.  It  has  been  demonstrated  that  loss  of  ductility  of 


Table  IV.  Decohcsion  Length  Measured  from  Single  Constrained 
Nb  Foil  Specimens  (llot-I’resscd  at  1400  *C,  40  MPa  for  I  Hour)* 


Thickness  of 
Nb  Foil  (mm) 

1.0 

0.5 

0.25 

Processing 
condition 
Decohesion 
length  (mm) 

uncoated 

10  ±  5 

AI.O,  ZtO, 

coaled  coated 

dcctihcsion 
all  the  way 
to  the  grips 

uncoatcd 

2.V  ±  <1.4 

Al,(),  ZtO, 

coated  coated 

3.3  ±  0.4  dccohcsion 

all  the  way 
to  the  grips 

uncoatcd 

0.86  ±  0.09 

Al,0. 

coated 

0.94  ±  0  23 

ZtO, 

coated 
1.30  ♦  0.61 

•Four  specimens  for  each  condition  were  tested  except  for  O.S-imn-thick  Nl>  foils  lor  which  eight  specimens  were  tested 


the  ductile  reinforcement  during  processing  could  result 
in  little  improvement  in  toughness  of  the  composites. 
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ABSTRACT 

This  study  explores  the  relations  between  processing  routes,  microstructures  and 
mechanical  properties  of  the  matrix/reinforcement  interfaces  in  MoSi2/Nb  composites.  It  was 
found  that  the  fracture  energy  of  the  interfacial  region  depended  on  the  intcrfacial  bond 
strength,  roughness  of  interface,  and  the  nature  of  the  interfacial  compounds.  The  fracture 
energy  between  the  oxide  coating  and  intermetallic  interfacial  compounds  was  found  to  be 
lower  than  that  between  two  intermetallics  or  between  Nb  and  an  intermetallic.  Processing 
routes  were  found  to  affect  the  fracture  energy  of  the  interfacial  region  by  changing  interphase 
formation,  changing  microstructure  of  materials  adjacent  to  the  interface,  or  changing 
roughness  of  interface. 


INTRODUCTION 

It  is  commonly  accepted  that  a  relatively  weak  interface  is  desirable  for  improving 
fracture  toughness  of  ceramics  and  intermetallics  reinforced  by  ceramic  fibers  [1-4].  The  reason 
for  this  is  that  such  an  interface  when  present  in  the  path  of  an  advancing  crack  would  fail 
locally  and  blunt  the  crack.  A  relatively  weak  interface  is  also  beneficial  to  fracture  toughness 
of  polymer-matrix  composites.  An  example  is  provided  by  Harris  ct  al.  [5],  who  used  different 
fiber  surface  treatments  to  change  the  bond  strength  of  the  interface  in  carbon  fibcr-rcinforccd 
polyester  composites,  and  demonstrated  that  higher  fracture  energy  was  achieved  in  the  case  of 
the  weakest  interface,  resulting  from  greater  pullout  length  of  the  carbon  fibers.  Similar  results 
are  found  in  carbon  fibcr-rcinforccd  epoxies  [6]  and  a  boron  epoxy  composite  [7].  Metal- 
matrix  composites  also  exhibit  a  strong  dependence  of  toughness  on  the  fiber-matrix 
debonding,  as  exemplified  by  tungsten  wire-reinforced  aluminum  composites  [8].  In  this  case, 
the  toughness  is  proportional  to  the  energy  to  break  the  debonded  fibers. 

The  above  examples  show  that  debonding  at  the  interface  play  an  important  role  in  the 
mechanical  performance  of  composites.  A  recent  study  [9]  has  shown  that  debonding  length  in 
the  composites  depends  strongly  On  the  fracture  energy  of  the  matrix/reinforcement  interface. 
The  latter  is  expected  to  be  affected  by  various  factors,  such  as  the  extent  of  chemical 
interaction  at  the  interface,  roughness  of  interface,  dissipation  of  strain  energy  by  ductile 
reinforcements,  thermal  expansion  mismatch,  and  bond  strength  of  the  interface.  Therefore, 
parameters  affecting  interfacial  fracture  energy  must  be  evaluated  and  understood  in  order  to 
control  the  mechanical  behavior  of  interfaces  in  composites.  In  the  present  study,  the  relations 
between  processing  routes,  microstructures  and  fracture  energy  of  the  matrix/reinforcement 
interfaces  in  MoSi2/Nb  composites  were  explored.  The  composites  were  fabricated  by  hot 
pressing  MoSi?  powder  with  AI2O3  coated  or  uncoated  Nb  reinforcement.  Deposition  of  the 
oxide  coating  on  Nb  was  achieved  via  different  processing  routes,  i.  e.,  sol-gel  coating 
technique,  physical  vapor  deposition  and  hot  dipping  Nb  in  a  molten  Al  bath,  followed  by  an 
anodizing  process  to  form  AI2O3.  Interfacial  fracture  energy  was  evaluated  using  chcvron- 
notched-short-bar  specimens.  Variation  in  the  fracture  energy  of  the  intcrfacial  region  is 
discussed  in  terms  of  the  microstructures  and  types  of  the  interfacial  bonding. 


EXPERIMENTAL 
Coating  Techniques 


The  sol  solution  for  the  sol-gel  coating  was  an  aluminum-alkoxide-derived  sol  (using 
aluminum-scc-butoxide  (ASB)),  hydrolyzed  in  excess  water  and  peptized  with  aluminum 


nitrate,  AI(NOj)  v  Ihe  procedures  for  preparing  the  sol  solution  developed  hy  Clark  ct  al.  [10) 
were  used.  The  AI2O3  coating  was  produced  by  electrophoretic  deposition  on  to  the  Nb  foils. 
Once  the  coating  was  applied,  the  coated  Nb  foils  were  suspended  vertically  for  48  hrs  at  the 
ambient  temperature,  and  then  further  dried  in  a  furnace  at  500®C  for  l  hr  with  a  heating  rate  of 
3°C/min  before  the  hot  pressing. 

Physical  vapor  deposition  of  AI2O3  on  to  Nb  foils  was  conducted  using  Thcrmionics 
100-0030  with  a  electron  beam  heated  source.  The  emission  current  was  2(X)  mA  with  a 
potential  difference  between  the  cathode  and  the  anode  being  3  KV.  The  resulting  deposition 

rate  was  10  A/scc.  The  thickness  of  the  AI2O3  deposit  in  the  present  study  was  1  pm. 

The  hot  dipping  and  anodizing  technique  for  the  formation  of  AI2O3  coating  consisted 
of  the  following  steps.  First,  Nb  foils  were  hot  dipped  into  a  molten  aluminum  bath  for  2 
minutes  which  was  kept  at  a  temperature  of  930®C.  Second,  the  hot  dipped  Nb  foils  was 
anodized  in  an  electrolyte  containing  5  wt.%  of  sulfuric  acid  to  convert  the  aluminum  into 
alumina.  The  anodizing  was  conducted  at  ambient  temperature,  and  a  constant  DC  voltage 
ranging  from  10  to  20  volts  was  applied  to  produce  current  densities  ranging  from  5  to  25 
mA/cm2.  Anodizing  time  was  30  minutes.  More  detailed  description  of  the  coating  techniques 
can  be  found  elsewhere  [11]. 

Fabrication  of  Laminate  Composites 

The  test  specimens  were  three  layer  composites  with  the  coated  or  uncoatcd  Nb  foil 
sandwiched  in  between  two  layers  of  MoSi2.  The  thickness  of  the  Nb  foils  used  was  0.127 
mm.  The  specimens  were  prepared  by  stacking  the  coated  or  uncoated  Nb  foil  with  two  layers 
of  commercially  pure  MoSi2  powder  of  -325  mesh  and  then  vacuum  hot  pressing  at  1400®C 
for  1  hr  with  a  pressure  of  40  MPa.  In  order  to  minimize  residual  thermal  stresses,  the  hot 
pressed  discs  were  held  in  the  hot  pressing  chamber  at  800®C  for  1  hour  before  cooling  down 
to  room  temperature.  The  discs  were  then  cut  into  rectangular  short  bar  with  dimensions  of 
8.28x9.25x14.29  mm  to  prepare  the  specimens  for  the  measurement  of  interfacial  fracture 
energy. 

Measurement  of  Interfacial  Fracture  Energy 

The  measurement  of  the  interfacial  fracture  energy  was  conducted  on  chevron  notched 
short  bars  using  the  procedures  recommended  in  reference  [12].  The  technique  involves 
determining  the  critical  stress  intensity  factor  from  the  peak  load  of  the  notched  bars  and  then 
converting  the  critical  stress  intensity  factor  to  the  fracture  energy  of  the  interface.  The  equation 
used  to  calculate  the  fracture  energy  of  the  interface,  Gic.  is  [12] 


Gk-%8  .  (I) 

where  E  is  the  elastic  modulus  of  MoSi2 
and  Kicsr  is  the  critical  stress  intensity 
factor  determined  from  the  peak  load  of 
the  short  bar  test. 

In  the  present  study,  however,  a 
modified  specimen  geometry,  as  shown 
in  Fig.  1,  was  used.  An  advantage  of  the 
present  geometry  is  that  there  is  no  need 
for  compliance  calibration  due  to 
symmetry  of  compliance  of  the  specimen 
with  respect  to  the  interface.  The  notch  in 
the  short  bar  was  cut  parallel  to  the  foil 
using  a  diamond  wafering  blade  with  a 
thickness  of  0.4  mm.  The  thickness  of 
the  notch  was  chosen  to  be  slightly  larger 
than  that  of  the  foil  to  insure  that  the 


Fig.  2  Intcrfacial  Microstructurcs  of  MoSij/Nb  laminate  composites  with  different  processing  conditions. 

(a)  uncoatcd  Nb.  (b)  PVD  coated  Nb.  (c)  sol-gel  coated  Nb,  and  (d)  hot-dipping-and-anodizing  coated  Nb. 

initiation  and  propagation  of  the  crack  is  at  the  weakest  position  among  various  interfaces 
between  matrix/coating/reinforccment.  The  specimen  was  loaded  at  a  constant  test  machine 
crosshcad  speed  of  0.005  in/min  using  a  hydro-servo  controlled  MTS.  The  load  was  recorded 
as  a  function  of  the  crosshcad  displacement. 


RESULTS 

Intcrfacial  microstructurcs  of  MoSi2/Nb  laminate  composites  with  different  processing 
conditions  arc  shown  in  Fig.  2.  The  detailed  mechanism  for  the  formation  of  the  intcrfacial 
compounds  (interphascs)  between  MoSi2  and  Nb  and  the  effect  of  the  coatings  on  the 
interphase  formation  can  be  found  elsewhere  [1 1,13,14].  Extensive  interphase  formation  was 
observed  in  MoSi2/uncoatcd  Nb  composites,  resulting  in  the  formation  of  intcrmctallics  of 
(Nb,Mo)Si2  and  NbsS^.  When  the  AI2O3  coating  was  applied,  either  the  thickness  of  the 
interphascs  was  reduced  or  the  composition  of  the  interphase  was  changed  (Fig.  2d).  Such 
changes  have  been  attributed  to  the  the  retardation  of  Si  diffusion  and  the  suppression  of  Mo 
and  Nb  interdiffusion  across  the  coatings  [14]. 

A  typical  load  displacement  curve  of  the  hot-dipping-and-anodizing  coated  Nb/MoSfe 
laminate  and  the  corresponding  fracture  surface  at  the  chevron  crack  are  shown  in  Fig.  3.  A 
stable  crack  propagation  has  been  achieved,  as  indicated  by  the  fluctuation  in  the  curve  near  the 
maximum  load.  Therefore,  the  maximum  load  was  used  to  calculate  Gjc  with  the  aid  of 
eq.  (1).  By  examining  the  two  fracture  surfaces  of  a  broken  short  bar  with  SEM  and  EMP,  the 
failure  location  at  the  interface  could  be  determined.  Depending  on  the  processing  conditions, 
the  crack  propagates  along  an  interface  in  some  cases,  or  by  kinking  between  two  interfaces,  or 
only  inside  MoSi2  matrix  in  other  cases.  Owing  to  this  feature,  the  measured  fracture  energy  of 
interface  using  the  notched  short  bar  has  been  referred  to  as  fracture  energy  of  the  interfacial 
region  of  the  laminates.  The  measured  fracture  energies  of  the  interfacial  region  and  failure 
locations  for  laminate  composites  with  different  processing  conditions  arc  summarized  in 
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Fig.  3  A  typical  load  displacement  curve  of  the  hot-dipping-and-anodizing  coated  Nb/MoSi2  laminate  and  the 
corresponding  fracture  surfaces  at  the  chevron  crack. 

Tabic  I.  For  comparison,  fracture  energy  for  MoSi2  alone  is  also  included  in  the  table. 

In  the  case  of  the  hot-dipping-and-anodizing,  the  failure  of  the  laminate  occurred  mainly 
along  the  Al203/NbSi2  interface.  A  small  portion  of  the  failure  also  occurred  in  the  Nb5Si3 
phase,  as  shown  in  Fig.  3,  which  was  probably  due  to  the  discontinuity  of  the  oxide  coating 
generated  during  the  anodizing  process  and/or  the  roughness  of  the  interface.  Similar  fracture 
surface  was  observed  for  the  sol-gel  coated  Nb/MoSi2  laminate.  Correspondingly,  the 
specimens  using  the  two  coating  techniques  mentioned  above  exhibited  a  similar  fracture 
energy  of  the  intcrfacial  region.  By  changing  the  sol-gel  processing  control  parameters,  the 
interphase  formed  can  be  limited  to  be  only  one  phase,  i.  c.,  NbsS^,  instead  of  (Nb,Mo)Si2 
and  NbsSi3  (1 1.13J.  However,  the  measured  fracture  energy  of  the  intcrfacial  region  in  this 
case  is  the  same  as  Al203/(Nb,Mo)Si2  interface,  as  shown  in  Table  I. 

Quite  different  fracture  surface  was  observed  for  the  PVD  coated  specimens.  As  shown 
in  Ftg.  4,  failure  location  in  this  case  was  partially  in  MoSi2  and  partially  at  the  interface  of 

Table  1.  Fracture  energy  and  failure  location  of  the  intcrfacial  region  in  the  coated  and 

uncoatcd  Nb/MoSi2  systems 


Fig.  4  Fracture  surface  at  the  chevron  crack  of  a  Fig.  5  An  enlarged  fracture  surface  of  the  tip  area  in 

PVD  coated  Nb/MoSij  specimen  Fig.  4. 

Ab03/(Nb,Mo)Si2.  This  is  believed  to  be  due  to  the  small  and  frequent  discontinuity  of  the 
oxide  coating  (Fig.  2b)  caused  by  the  presence  of  the  SiC>2  and  free  Si  in  the  commercially  pure 
MoSb  powder,  as  shown  in  Fig.  2(a)  and  reported  in  elsewhere  (15,16).  Because  of  such 
small  and  frequent  discontinuity  of  the  coating,  the  fracture  resistance  along  the 
Al20V(Nb,Mo)Si2  interface  has  been  increased.  Combining  the  effect  of  the  roughness  of  the 
interface  (Fig.  2b).  crack  is  unable  to  propagate  along  the  Al2C>3/(Nb.Mo)Si2  interface,  but 
have  to  kink  between  the  interface  and  MoSb  matrix  to  obtain  crack  propagation  with  minimum 

energy  consumption.  .  .  .  . , 

For  the  uncoatcd  Nb/MoSb  laminates,  the  failure  was  observed  to  take  place  inside 
MoSb  rather  than  at  the  interfaces,  indicating  that  the  interfacial  region  has  a  higher  fracture 
energy  than  the  matrix.  The  fracture  energy  of  MoSb  measured  in  the  present  study  is 
33.7  J/m2  Thus,  the  fracture  energy  of  the  interfacial  region  in  uncoatcd  Nb/MoSi2  laminates 
must  be  higher  than  this  value.  Indeed,  all  the  measurements  conducted  on  uncoatcd  Nb/MoSi2 
laminates  were  about  36.4  J/m2  because  the  crack  in  MoSb  failed  to  follow  the  chevron 
notched  plnnc  strictly. 


DISCUSSION 

Various  interphascs  were  formed  in  the  present  study  due  to  the  diffusion  of  Si,  Mo 
and/or  Nb  through  the  coating.  The  thickness  and  the  nature  of  the  interphascs  were  found  to 
depend  on  the  processing  temperature  and  time  (13,14).  Because  of  the  presence  of  the  various 
interphascs,  the  interfaces  at  the  interfacial  region  have  been  divided  into  three  categories,  as 
shown  in  Table  2.  Category  I  consists  of  an  interface  (bonding)  between  the  oxide  coating  and 
intcrmetallics.  Category  II  is  composed  of  a  bond  between  two  intcrmetallics.  Category  III  is 
the  interfaces  which  have  a  bond  between  a  metal  and  an  intcnnctnllic.  Because  of  the 
interaction,  no  direct  bonding  between  oxide  and  metal  was  observed.  By  examining  the  failure 
locations  and  fracture  energy  of  the  intcrfacial  region  measured,  die  fracture  energy  for  the 
interfaces  present  in  this  study  can  be  estimated  and  summarized  in  I  able  2. 

It  is  noted  that  fracture  energy  for  the  oxide  bond,  category  I,  is  lower  than  the  bonds 
between  intcrmetallics  or  between  a  metal  and  an  intcrmctallic  (categories  II  and  III).  It  is  at  a 
level  of  16  J/m2  in  the  present  instance,  which  is  even  lower  than  the  fracture  energy  of  the 
alumina  itseir  (-  20-40  J/m2).  The  low  fracture  energy  of  the  oxide  bond  is  attributed  to  the 
low  bond  strength  between  alumina  and  silicides  involved.  As  concluded  by  Sutton  and 
Feingold  ( 17|,  the  bond  strength  between  oxide  and  other  materials  is  directly  related  to  the 
amount  of  interaction  between  the  two  mutcriuls,  und  the  free  energy  of  formation  of  the  other 
materials'  oxide  is  an  important  criterion  in  determining  the  interaction.  Weak  bonding  will 
form  when  the  conditions  arc  unfavorable  for  the  formation  of  other  oxides.  In  the  present 
case,  elemental  Mo.  Nb  and  Si  have  a  lower  free  energy  of  formation  of  their  oxides  in 
comparison  with  A^Oj  1 18).  As  such,  formation  of  silica,  niobium  and  molybdenum  oxides, 


directly  or  by  decomposition  of  MoSi2,  is 
Table  2.  Fracture  energy  of  the  interfaces  unfavorable  in  terms  of  free  energy  change. 

Therefore,  it  is  expected  that  the  reactivity  of 
the  silicides  with  alumina  would  be  very  low. 
resulting  in  a  low  bond  strength.  On  the 
otherhand,  if  the  free  energy  of  formation  is 
more  favorable  for  forming  other  oxides 
instead  of  alumina,  strong  bond  may  form.  An 
example  is  given  by  the  work  of  Dalglcish  et  al. 
( 19].  They  found  that  crack  always  initiated  in 
the  alumina  adjacent  to  the  interface  of  a  Al-Mg 
alloy  bonded  to  an  alumina.  High  bond 
strength  in  this  case  can  be  attributed  to  a  much 
more  negative  free  energy  of  formation  for 
MgO  than  that  of  AI2O3. 

Moreover,  the  fracture  energy  of  category  I  interface  was  found  to  be  insensitive  ter  the 
change  in  the  composition  of  the  silicides,  as  shown  in  Table  2.  This  is  probably  due  to  the 
similarity  of  Nb  and  Mo  in  their  atomic  structures.  If  this  is  true,  A!2(>3/MoSi2  interface  should 
show  similar  fracture  energy.  However,  no  failure  at  Al20;j/MoSi2  interface  was  observed  in 
the  present  study.  As  shown  in  Fig.  2(c)  and  (d),  one  major  difference  of  Al203/MoSi2 
interface  from  the  Al2C>3/NbSi2  and  Al20y(Nb,Mo)Si2  interfaces  is  that  the  former  is  rougher 
than  the  latter.  Such  roughness  of  the  interface  can  increase  fracture  resistance  by  the 
mechanism  of  interlocking  and  crack  deflection.  Thus,  Al203/MoSi2  interface  shows  a  higher 
fracture  resistance  than  Al203/NbSi2  and  Al203/(Nb,Mo)Si2  interfaces,  although  their  bond 
strengths  may  be  similar. 
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Category  II  and  HI  interfaces  all  exhibit  higher  fracture  resistance  than  MoSi2  matrix, 
indicating  the  bond  strength  between  two  intcrmetallics  or  between  a  metal  and  an  intermctallic 
is  high.  In  this  case,  crack  was  observed  to  propagate  inside  the  MoSi2  matrix  instead  of  inside 
the  intcrphascs  formed.  However,  this  docs  not  necessarily  mean  that  MoSi2  has  a  lower 
inherent  fracture  resistance  than  that  of  the  interphascs,  (Nb,Mo)Si2  nnd  NbsS^.  It  is  believed 
that  the  low  apparent  fracture  resistance  of  MoSi2  in  the  present  instance  is  partially  related  to 
the  high  porosity  and  SiC>2  in  MoSi2  adjacent  to  the  interface,  as  shown  in  Fig.  2(a).  High 
porosity  is  due  to  the  fast  diffusion  of  Si  into  Nb  and  segregation  of  vacancy  onto  the  opening 
channel  of  MoSi2  powder  compact.  In  contrast,  the  intcrphascs  formed  are  very  dense,  as 
shown  in  Fig.  2.  Because  the  pores  distribute  along  the  grain  boundary  of  MoSi2.  it  is 
expected  that  crack  would  propagate  along  the  grain  boundary  and  an  intergranular  fracture 
results.  Indeed,  this  is  confirmed  by  SEM  observation.  Fig.  5  shows  an  enlarged  fracture 
surface  of  the  tip  area  in  Fig.  4.  Similar  intergranular  fracture  was  observed  in  MoSi2 
specimens,  consistent  with  the  report  by  Kaufman  ct  al.  (15).  Therefore,  low  apparent  fracture 
resistance  of  MoSi2  is  partially  caused  by  the  presence  of  porosity  and  Si02. 

Different  processing  routes  have  shown  little  effect  on  the  fracture  energy  of  the 
interfacial  region  as  long  as  the  oxide  coating  is  thick  enough  to  prevent  the  breakdown  of  the 
coating  by  the  attack  of  SiC>2  and  free  Si.  Fracture  energies  for  the  interfacial  region  generated 
by  Sol-gel  technique  and  the  hot-dipping-and-anodizing  technique  arc  similar  because  a  thick 
and  continuous  coating  has  been  formed  in  general  by  these  two  techniques.  The  results 
indicate  that  bond  strength  merely  depends  on  chemical  bonding  rather  than  on  a  long  range 
interaction  force.  For  the  PVD  coated  laminates,  a  frequent  discontinuity  in  the  coating  results 
in  a  partial  oxide  bond  und  a  partial  intermctallic  bond  interface,  leading  to  an  increase  in 
fracture  resistance  of  the  interfacial  region. 


CONCLUDING  REMARKS 

'Ihc  present  set  of  experiments  have  demonstrated  that  fracture  energy  of  an  interfacial 
region  depends  on  the  interfacial  bond  strength,  roughness  of  interface  and  microstructure  of 
the  two  component  materials  at  the  interface.  Weak  bond  strength  leads  to  a  low  interfacial 
fracture  energy.  Roughness  of  the  interface  increases  the  interfacial  fracture  energy.  Porosity  in 
one  of  the  two  component  materials  at  the  interface  could  lead  to  a  low  fracture  energy  of  the 
interfacial  region  due  to  the  crack  propagation  along  the  weak  path  in  one  of  the  component 
materials  instead  of  along  the  interlace.  Processing  routes  can  affect  fracture  energy  of  the 


interfacial  region  by  changing  interphase  formation,  changing  roughness  of  interface,  or  by 
changing  microstmcturc  of  materials  adjacent  to  the  interface.  However,  if  such  changes  have 
not  been  brought  out  during  processing,  there  will  be  little  effect  of  processing  routes  on 
fracture  energy  of  the  interfacial  region. 
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ABSTRACT 

Substantial  toughening  of  intermelallics  and 
ceramics  by  ductile  reinforcements  has  been 
established.  To  evaluate  the  toughening  by  ductile 
reinforcements,  it  is  necessary  to  know  the  stress- 
displacement  curve  of  the  ductile  phase  constrained 
by  the  brittle  matrix.  In  the  present  study,  tensile 
tests  involving  the  specimen  with  a  ductile 
reinforcement  imbedded  in  the  notched  brittle 
matrix  have  been  used.  Effects  of  experimental 
variables,  notch  geometry  in  the  vicinity  of  the 
ductile  phase,  depth  of  the  notches  and  size  of 
ductile  reinforcement,  on  the  measured  stress- 
displacement  curves  have  been  evaluated.  The 
experimental  results  showed  that  these  variables 
played  important  roles  in  the  stress-displacement 
curves.  The  results  are  analyzed  using  theory  of 
notch  stresses  and  finite  clement  method.  A 
formula  to  estimate  these  effects  of  the  variables 
has  been  put  forward. 

I.  INTRODUCTION 

It  has  been  established  that  substantial  toughening 
of  brittle  matrices  can  be  achieved  by  incorjxrrnting 
ductile  reinforcements  (l-9|.  The  primary 


mechanism  responsible  for  the  enhanced 
toughness  has  been  attributed  to  be  bridging  by 
intact  ligaments  of  the  ductile  phase  behind  the 
advancing  crack  tip  (10-14).  The  physical 
mechanism  of  toughening  by  intact  ligaments  of 
the  ductile  phase  is  straightforward.  If  ductile 
ligaments  span  the  advancing  crack,  they  must 
stretch  as  the  crack  opens  until  they  fracture  or 
decohere.  The  work  of  stretching  contributes  to  the 
toughness  of  the  composite  and  the  increased 
fracture  toughness  of  the  composite  can  be  obtained 
directly  from  the  J-integral  around  the  traction  zone 
as  (11,12) 

AG  =  V(J  o(u)du  .  (1) 

where  u  is  the  crack  opening,  o(u)  the  nominal 
stress  on  the  ligament,  u’  the  crack  opening  at  the 
end  of  the  traction  zone  and  V(  is  the  area  fraction 

of  reinforcements  on  the  crack  plane.  Once  o(u)  as  a 
function  of  crack  opening  is  known,  the  increase  in 
toughness  of  the  coinpositc  can  be  evaluated 
through  cq.  (1). 

Recognizing  that  o(u)  is  different  from  that 
measured  in  a  simple  tensile  lest,  several 
investigators  (15-17|  have  used  a  test  procedure  to 


Fig.  1  (a)  Schematic  of  a  composite  laminate  test  specimen; 
(b)  Schematic  of  a  composite  cylinder  test  specimen. 

evaluate  a(u).  The  test  procedure  is  based  on  the 
concept  that  the  stress-displacement  relationship 
obtained  from  one  ductile  reinforcement  imbedded 
in  a  brittle  matrix  can  be  used  to  describe  the 
mechanical  characteristics  of  the  reinforcements  in 
the  composites.  The  basic  test  specimen  consists  of 
one  ductile  filament  or  foil  imbedded  in  a 
precracked  brittle  matrix,  as  shown  in  Fig.  1,  and  a 

tensile  test  is  conducted  to  evaluate  the  o(u). 
Clearly,  in  order  to  accurately  simulate  constrained 
condition  of  the  reinforcements  in  the  matrix,  it  is 
necessary  to  be  aware  of  effects  of  experimental 
variables,  such  as  depth  of  the  notch  and  geometry 
ol  the  notch  tip,  on  the  measured  stress- 


displacement  relation.  In  the  present  study,  elfecis 
of  these  two  variables  are  evaluated  and 
appropriate  combination  of  these  two  variables 
with  size  of  ductile  reinforcement  is  also  evaluated. 
The  experimemal  results  are  analyzed  using  theory 
of  notch  stresses  and  finite  element  method.  A 
formula  to  estimate  the  effects  of  the  variables  is 
established  and  will  provide  guideline  for  the 
future  design  of  proper  test  specimens  to  obtain  the 
intrinsic  properties  of  the  reinforcements. 

II.  EXPERIMENTAL 

2.1  THE  TEST  SPECIMEN  -  The  test  specimens  used 
in  this  study  were  laminated  composites  with  pure 
Nb  foil  sandwiched  between  MoSb  matrices,  as 
shown  in  Fig.  1(a).  The  specimens  were  prepared  by 
stacking  a  Nb  foil  with  two  layers  of  MoSi2  powder 
of  -325  mesh  at  an  appropriate  ratio,  and  then 
vacuum  hot  pressing  at  1400°C  for  1  hour  under  a 
pressure  of  40  MPa  to  get  the  composite  discs.  Three 
different  thicknesses  of  Nb  foils  (  0.25,  0.5  and  1.0 
mm)  were  used  to  prepare  the  composite  discs.  The 
discs  were  then  cut  into  rectangular  tensile  test  bars 
with  dimensions  of  5.0x3.8x30.0  mm.  In  order  to 
obtain  the  relation  between  crack  propagation  and 
stresses,  surfaces  of  the  tensile  test  bars 
perpendicular  to  the  plane  of  the  Nb  foil  were 
polished  before  notching.  .The  notches  in  the  MoSi2 
matrix  were  introduced  using  diamond  wafering 
blades.  The  variation  in  radius  of  the  notch  tip  was 
obtained  by  using  different  sizes  of  diamond 
wafering  blades.  Three  different  radii  of  notch  tips 
used  in  the  present  study  were  0.075,  0.165  and  0.270 
mm.  Fig.  2  shows  typical  precracks  in  a  test 
specimen  and  a  close-up  image  of  one  of  the  notch 
tips  with  a  radius  of  0.075  mm.  The  notches  on  the 
both  sides  were  symmetrical  with  respect  to  the 
central  Nb  foil.  Depth  of  the  notches  was  measured 
in  terms  of  the  width  of  the  narrowest  cross  section, 
2a,  as  shown  in  Fig.  1(a).  The  reason  for  that  will 
become  obvious  in  Section  3. 

2.2  TEST  PROCEDURE  -  Displacement  controlled 
tensile  tests  were  conducted  with  INSTRON. 
Wedge-type  grips  were  used  to  clamp  the  specimens 
and  load  train  alignment  was  achieved  by  coupling 
the  top  grip  to  a  universal  joint.  Strictly  speaking,  to 
simulate  the  interaction  between  ductile 
reinforcements  and  cracks,  very  sharp  precracks 
should  be  introduced  in  the  matrix.  However,  this 
is  difficult  to  do  or  very  tedious-procedure  has  to  be 


Fig.  2  (a)  A  general  view  of  precracks  in  a  composite 

Ywvi<aiC  'CS‘  sPcc.imcn  wilh  3  0  5  thick  Nb  lamina  and 
0.075. mm  notch  tip  radius;  (b)  A  close-up  image  of  one  of 
,  the  .notch  tips  in  (a). 

.fpC 

taken,  such  as  initiating  cracks  by  fatigue  or  by 
introducing  a  chevron  form  of  notch.  In  the  present 
study,  a  very  slow  displacement  speed,  0.005 
m/min,  was  used  to  alleviate  this  conflict.  With 
suclv  low  speed,  it  was  easy  to  unload  the  specimens 
at  the  load  level  desired  for  examining  the 
specimens  with  SEM  to  identify  the  critical  stress 
lor  initiating  a  crack  at  the  notch  tip  and  to  observe 
sharpness  of  cracks  and  crack  propagation. 

For  comparison,  the  critical  stress  for 
initiating  a  crack  at  the  notch  tip  was  also  detected 
y  conducting  tensile  tests  on  some  notched 
monolithic  MoSij  specimens. 

HI  RESULTS  AND  DISCUSSION 

3d  slRr.SS  DISTRIBUTION  IN  A  MONOLITHIC 
Tl.klAI.  SPECIMEN'  ■  Because  of  geometry  of 
,!C  specimens  in  the  present  study,  stress 
■Stribution  in  specimens  consisting  of  a 


monolithic  material  can  he  approximately  treated  as 
a  problem  of  a  flat  bar  with  a  deep  notch  on  each 
side  H.  Neither  |18]  has  already  derived  a  formula 
to  calculate  stress  distribution  over  the  narrowest 
cross  section  of  such  specimen  under  a  tensile 
loading  (Fig. 3).  The  stress  distribution  in  question  is 
only  a  function  of  a/p  and  not  affected  by  depth  of 
the  notch,  w  (Fig.l).  The  formula  proposed  is 


(tv  =  ~  coshv  cosu  (2  +f2?V£OsV 

I'2  h7 


where  A  and  h  are  defined  as 


(2) 


A  _  _E _ sinuQ 

2nd  u0  +  sinu0  cosu0  ^ 

h 7  =  sinli  2v  +  cos2!)  .  (4) 

Meanings  of  the  symbols  used  in  eqs.  (2)-(4)  are  as 

follows,  v  and  u  are  elliptical  coordinates  and  the 
relations  between  elliptical  coordinates  and 
Cartesian  coordinates  are 


y  =  siniiv  cosu 
x  =  coshv  sinu 

°v  >s  stress  in  v  direction  at  any  position  in  the 
plane  of  the  narrowest  cross  section,  F  the  tensile 
loading,  F/2ad  the  nominal  stress  in  y  direction 
over  the  narrowest  cross  section,  u0  a  constant 
which  defines  contour  of  the  notches  with  a 
formula  of  u  =  u0  (a  hyperbola  contour).  The  reason 
the  contour  of  the  notches  was  assumed  as  a 
hyperbola  in  the  derivation  of  eq.  (2)  was  because 
curvature  of  the  notch  tip  had  much  more 
considerable  effect  on  the  stress  distribution  than 
the  additional  contour  of  the  notch  and  the 
assumption  of  a  hyperbola  contour  permitted  the 
simp'est  possible  calculation.  Due  to  such  an 
assumption,  the  contour  of  the  notch  is  related  to 
the  width  of  the  narrowest  cross  section  and 
curvature  of  the  notch  tip  with  a  formula  of 
uo=arc  cos(  1  /V(n/p  + 1 )).  The  stress  component,  ov. 
over  the  narrowest  cross  section  can  be  obtained 
from  eq.  (2)  when  setting  v=0. 

I  he  tensile  tests  on  the  notched  monolithic 
MoSi2  specimens  showed  that  the  nominal  stress 
over  the  narrowest  cross  section  for  initiating  cracks 
at  the  notch  tips.  ocr.lcW(,1<)ni).  was  66  2  =  13  6  MPa  for 


r 


Fig.  3  Stress  distribution  over  the  narrowest  cross  section 
and  the  corresponding  contour  of  die  notches  in  a 
notched  bar  consisting  of  a  monolithic  MoSi2 

specimens  with  a  width  of  2.0  mm  at  the  narrowest 
cross  section  and  a  notch  tip  radius  of  0.075  mm. 
Inserting  the  crcrack(n0m)  measured  and  the 
specimen's  dimensions  into  eq.  (2)  and  setting  v  =  0, 
it  was  found  that  the  stress  at  the  notch  tip  at  the 
point  of  crack  initiation,  Ocra^,*,,,),  was  310.4  ±  60.6 
MPa,  as  shown  in  Fig.  3.  It  is  noteworthy  that 

°crack(max)  calculated  in  the  present  study  is  very 
dose  to  the  flexural  strength  (319MPa)  of 
monolithic  MoSi2  measured  using  four-point  bend 
tests  in  a  related  study  (19].  The  physical  meanings 
of  these  two  quantities  are  the  same,  i.c.,  both  of 
them  are  the  maximum  tensile  stress  the  MoSi2  can 
sustains  before  a  crack  is  initiated.  The  results 
suggest  that  with  a  proper  design  of  the  notched 
spedmen,  tensile  strength  of  brittle  materials  can  be 
evaluated  with  such  precracked  specimen 
geometry. 


3.2  STRESS  ANALYSIS  OF  THE  SANDWICHED 
SPECIMEN  -  In  the  case  of  sandwiched  specimens, 
eq.  (2)  can  still  be  utilized  provided  some 
assumptions  arc  made.  It  is  noted  that  there  is  a 
deformation  continuity  across  the 
matrix/reinforcemcnt  interface  before  the 
debonding  at  the  interface  occurs.  Therefore,  it  is 
assumed  that  the  stress  oy  in  the  Nb  side  at  the 


interlace  is  3.6  times  less  than  that  in  the  MoSi2  sid. 
during  the  elastic  stage  because  the  elastic  moduli* 
of  MoSi2  (379GPa)  is  3.6  times  larger  than  that  of  N1 
(lOSGPa).  It  is  also  assumed  that  the  stres 
distribution  described  by  eq.  (2)  is  still  valid  ever 
inside  the  Nb  reinforcement  but  with  all  tht 
stresses  being  only  1/3.6  of  the  stresses  calculatec 
using  eq.  (2).  With  the  above  assumptions,  th< 
stress  distribution  in  the  sandwiched  specimens  car 
be  calculated  using  eq.  (2).  Errors  introduced  will 
the  assumptions  are  estimated  using  finite  elemen 
analysis  and  the  results  are  presented  in  the 
Appendix. 

Measured  a  cuck(nom)  for  laminatec 
composites  with  0.5  mm  thick  Nb  lamina  as  a 
function  of  width  of  the  narrowest  cross  section  i< 

shown  in  Fig.  4.  If  aCraek<max)  of  310.4  MPa 
measured  from  the  monolithic  MoSi2  is  taken  as 
the  stress  to  initiate  cracks  at  the  notch  tips  in  the 
laminated  composite  specimens,  acrack(nom)  for  the 
laminated  specimens  can  be  calculated  using  eq.  (2) 
with  the  aforementioned  assumptions.  The 

calculated  acrack(nom)  is  also  included  in  Fig.  4  for 
comparison.  As  seen  in  the  figure,  the  theory  of 

notch  stresses  predicts  that  acrack(nom)  increases 
with  decreasing  width  of  the  narrowest  cross 
section  and  such  trend  is  confirmed  by  the 
measurement  when  the  narrowest  cross  section  is 
wide.  However,  the  predicted  value  deviates  from 
the  experimental  data  when  width  of  the  narrowest 
cross  section  is  small.  Such  deviation  is  caused  by 
the  residual  thermal  stresses,  as  discussed  below. 
Using  eq.  (2)  and  the  aforementioned  assumptions. 
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Fig.  4  A  plot  of  Ocrack(nom)  vs  width  of  (he  narrowest  cross 
section  for  composite  laminates  with  0.5  mm  thick  Nb 
lamina  and  0.075  mm  notch  tip  radius. 


Fig.  5  A  ploi  of  Ocrack(ma*)  vs  width  of  ihe  narrowest  cross 
section,  The  data  for  the  laminated  cotnposites  arc 
calculated  from  the  data  in  Fig.  4. 


Radius  of  the  notch  tip,  mm 

Fig.  6  Effect  of  notch  size  on  the  nominal  stress  for 
initiating  cracks  in  die  matrix. 


the  measured  ocrack(nom)  in  Fig.  4  can  be  used  to 
calculate  Ctcrack(max)  for  the  laminated  specimens. 
;The  calculated  ocrack(rmx)  arc  presented  in  Fig.  5  as  a 
function  of  width  of  the  narrowest  cross  section.  In 
principle,  the  stress  to  initiate  cracks  at  notch  tips 
for  all  the  specimens  should  be  the  same  in  spite  of 
different  notch  depths.  However,  Fig.  5  shows  that 

measured  ocrack(max)  is  lower  for  deeply 
lynched  specimens  than  other  specimens.  It  is 
believed  that  this  conflict  is  caused  by  the  residual 
thermal  stresses  which  contribute  a  tensile  stress  in 
*$555tion  of  about  19  MPa  to  the  MoSi2 

SSSf??*  to  the  interfaces  (19].  Superposition  of  the 
residual  stresses  to  the  external  stress  results  in  a 

idrop  of  acracic(ma)t)  when  width  of  the  narrowest 
cross  section  is  small. 

Effect  of  notch  size  on  the  measured 


^crack(nom)  is  shown  in  Fig.  6.  Taking  310.4  MPa  as 
the  stress  to  initiate  cracks  at  the  notch  tips  in  the 
laminated  specimens,  ocrack(nom)  has  been 
calculated  using  eq.  (2)  as  a  function  of  notch  size 
and  the  results  are  also  presented  in  Fig.  6.  As 
expected,  the  theory  of  notch  stresses  predicts 
■increase  of  cjcrack(nom)  with  increasing  radius  of 
notch  tip.  However,  the  measured  ocrack(nom)  shows 
P  increase  or  a  very  small  increase  from  65.86  ± 

•  8  to  71.15  ±  16.32  and  then  to  69.62  ±  10.14  MPa 
as  radius  of  the  notch  tip  increases  from  0.075  to 
.  •  65  and  then  to  0.27  mm.  The  results  suggest  that 
,  ,n  radlus  of  "ic  notch  tip  is  large,  such  as  0.165 
7  mm'  lhc  StrcSS  to  ini{iate  cracks  at  the 

no  ch  „ps  is  nQ  |onger  con,ro||ed  by  rad.us  Qf  the 

°,Ch  ''I1*-  but  by  intrinsic  defects  such  as  porosity 


in  the  matrix  or  the  defects  introduced  during  the 
notching.  Close  examination  of  Fig.  2(b)  reveals  that 
some  defects  are  indeed  introduced  at  tire  notch  tip. 
Such  defects  could  become  decisive  factors  when 
radius  of  the  notch  tip  is  large.  Tire  results  indicate 
that  a  small  radius  of  notch  tip  should  be  used  if  the 
stress  to  initiate  cracks  at  the  notch  tips  is  to  be 
controlled. 

3.3  LOAD-DISPLACEMENT  CURVES  -  Fig  7  shows 
effect  of  notch  depth  (0.075  mm  tip  radius)  on  the 
load-displacement  curves  of  laminated  composites 
with  0.5  mm  thick  Nb  lamina.  Sudden  load  drops 
m  curves  A  and  B  correspond  to  the  load  for 
initiating  cracks  at  the  notch  tips.  The  load  for 
initiating  cracks  in  curve  C  is  about  40  lbs  and  it  is 
hard  to  ascertain  from  the  curve  because  of  small 
load  drop.  The  reason  the  load  drop  in  curve  C  is 
240 
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Fig.  7  Effect  of  notch  depth  on  the  lead-displacement  curves 
of  constrained  Nl> 


Fig-  8  A  SEM  micrograph  of  a  laminated  specimen 
unloaded  after  the  specimen  has  passed  die  sudden 
load  drop  in  die  load-displacement  curve. 


small  is  because  the  matrix  only  carries  a  small 
portion  of  the  tensile  loading  when  the  width  of 
the  narrowest  cross  section  is  small.  It  is 
noteworthy  that  when  width  of  the  narrowest  cross 
section  is  large,  the  stress  to  initiate  cracks  could  be 
high  enough  to  distort  intrinsic  load-displacement 
curves  of  the  constrained  ductile  reinforcement,  as 
in  the  cases  of  curves  A  and  G. 

A  proper  design  of  notch  depth  should 
remain  an  appropriate  degree  of  elastic  constraints 
on  the  ductile  phase,  and  on  the  other  hand  it 
should  prevent  distortion  of  the  load-displacement 
curves  of  the  constrained  ductile  phase.  Based  on 
this  guideline,  the  width  of  the  narrowest  cross 
section  for  curve  C  is  deemed  as  an  appropriate 


2a,  mm 

1  ip.  )  A  plot  Ol  notch  depth  vs  the  nominal  stress  carrier!  by 
(It Herein  sires  of  constrained  Nb  laminae  iij'ln  alter 
the  cracl;  propagation  through  the  whole  matiix 


notch  depth  and  the  area  under  curve  C  is  regarded 
as  a  truly  representative  of  the  contribution  ol  the 
ductile  reinforcements  to  the  toughness  of  a  brittle 
matrix  composite. 

The  present  experiments  showed  that  cracks  . 
propagated  through  the  whole  matrix  as  soon  as  the  i 
cracks  were  initiated  at  the  notch  tips,  and  from  that  ■ 
point  on  the  load  was  carried  otdy  by  the  central  Nb  ! 
lamina.  Fig.  8  shows  such  a  typical  crack  i 
propagation.  Nominal  stress  carried  by  the  central  j 
Nb  lamina  right  after  the  crack  propagation  j 

through  the  whole  matrix,  o,Nb(llo,n),  is  calculated  I 
using  eq.  (2)  by  assuming  that  310.4  MPa  is  the  stress  j 
to  initiate  cracks  at  the  crack  tips  and  the  load  j 
reached  at  the  point  of  initiating  cracks  is  carried  I 
totally  by  the  Nb  lamina.  The  calculated  results  for 
different  thicknesses  of  Nb  laminae  are  plotted  as  a 
function  of  width  of  the  narrowest  cross  section  in 
Fig.  9.  The  maximum  stress  reached  by  the 
constrained  Nb  measured  from  the  load- 
displacement  curves  are  351.3  ±  25.7,  320.4  ±  14.6 
and  259.9  ±  22.9  MPa  for  Nb  laminae  with  a; 
thickness  of  0.25,  0.5  and  1.0  mm,  respectively.  The, 

present  experiments  showed  that  if  o'Nb(nom)  was* 
below  about  half  of  the  maximum  stress  readied  by,' 
the  constrained  Nb  lamina,  then  the  stress  to? 
initiate  cracks  was  not  high  enough  to  distort  thej 
intrinsic  load-displacement  curves  of  the; 
constrained  ductile  phase.  Half  of  the  maximum" 
stress  readied  by  each  size  of  constrained  Nb  lamina’ 
is  indicated  by  arrows  in  Fig.  9.  Thus,  a  proper 
combination  of  size  of  ductile  reinforcement  and 
depth  of  notch  can  be  found  in  Fig.  9. 


I'it;  10  Stress-displacement  curves  for  different  sires  of 
constrained  Nb  laminae  The  thickness  of  the  Nb 
laminae  is  0.25,  0.5  and  I  0  nun  for  curves  A,  II 
and  C.  respectively 


Examples  of  stress-displacement  curves 
resulted  from  a  proper  combination  of 
reinforcement  size  and  notch  depth  are  showed  in 
Fig.  10.  The  widths  of  the  narrowest  cross  section  in 
the  figure  are  0.65,  0.9  and  1.6  mm  for  0.25,  0.5  and 
1.0  mm  thick  Nb  laminae,  respectively.  It  can  be 
seen  that  with  such  combinations  the  load  drop  in 
the  curves  is  at  (lie  lower  stress  level  and  very  hard 
to  ascertain.  Thus,  the  area  under  the  curves  can  be 
regarded  as  the  contribution  of  Nb  to  the  toughness 
of  MoSi2  matrix  composites.  From  Fig.  10  and  eq. 
(1),  it  is  cottcluded  that  toughness  of  ductile-phase- 
reinforced  brittle  matrix  composites  increases  with 
increasing  size  of  ductile  phases. 


IV.  CONCLUDING  REMARKS 

The  present  set  of  experiments  demonstrate  that 
the  formula  proposed  by  H.  Neuber  to  describe  the 
stress  distribution  of  a  flat  bar  with  a  deep  notch  on 
each  side  can  be  used  to  estimate  the  stress 
distribution  for  both  notched  monolithic  and 
composite  laminate  tensile  specimens.  The  stress  to 
initiate  cracks  at  the  notch  tips  in  the  brittle  matrix 
can  be  predicted  using  the  formula  and  such  stress 
Jias  been  found  to  be  equal  to  the  flexural  strength 
vof.the  basic  matrix. 

Evaluation  of  notch  size  effect  indicates  that 
£*5??.  radius  of  notch  tip  should  be  used  for  a 
.i:4^fe^fntro1  of  the  stress  to  Vitiate  cracks  in  the 
*s  shown  that  in  order  to  remain  an 
^RP^opriate  degree  of  elastic  constraints  on  the 
vlc?5i!e,  Phase  and  at  the  same  time  prevent  the 
the  stress-displacement  curve  of  the 
..Constrained  ductile  phase,  the  nominal  stress  on 
•VvSv.^hl.e  P^se  at  the  point  of  crack  initiation  in 
i-4w.matr‘x  should  be  below  about  half  of  the 
nuximum  stress  reached  by  the  constrained  ductile 
Phase.  Thus,  to  avoid  the  distortion  of  the  stress- 
displacement  curve,  notch  depth  should  increase 
with  decreasing  size  of  constrained  ductile 
r®*morcement. 

'V*;- Although  no  experiment  on  composite 
Vender  specimens  has  been  conducted,  it  is 
.  ^mended  that  the  formula  proposed  by  H. 

*  tensilCr  f°  ^escr*he  the  stress  distribution  for  a 
"'hh  a  deep  circumferential  notch  could 
■  Voeri '  f°  ana*>'ze  *he  notched  composite  cylinder 

Present^  USing  an  aPProach  analogous  to  the 
analysis  of  composite  laminate  specimens. 
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APPENDIX 

Finite  clement  analysis  (FEA)  of  the  stress 
distribution  in  the  notched  composite  laminates 
during  the  elastic  deformation  was  implemented 
using  the  finite  element  software  package  ANSYS. 
Due  to  the  symmetry,  only  one  quarter  of  the 
specimen  was  analyzed  using  both  two- 
dimensional  ‘1-node  isoparametric  and  6-node 
triangular  elements  with  an  assumption  of  plane 
stress  deformation.  Fig.  11  shows  the  mesh  used  in 
the  analysis.  A  total  of  184  elements  were  used.  The 
displacement  at  the  central  plane  along  y-axis  was 
allowed  only  in  the  y-direction,  and  the  plane  of  the 
narrowest  cross  section  was  allowed  to  displace  only 
in  x-direction. 

Stress  distributions  over  the  narrowest  cross 
section  from  analysis  of  the  theory  of  notch  stresses 
and  FEA  are  shown  in  Fig.  12  .  The  input  data  for 
the  analysis  are  as  follows:  the  Nb  lamina  is  0.5  mm 
thick,  width  of  the  narrowest  cross  section  is  1.0 
mm,  radius  of  notch  tips  is  0.075  mm  and  the 
nominal  stress  over  the  narrowest  cross  section  is 
66.75  MPa.  It  is  noted  that  the  stress  distributions 
analyzed  using  both  methods  are  very  similar  with 


Distance  from  the  axial  central  plane,  mm 


Fig.  12  Comparison  between  FEA  and  the  theory  of  notch 
stresses  on  the  stress  distribution  over  the 
narrowest  cross  section. 

the  maximum  stress  at  the  notch  tip  predicted  frotx 
the  theory  of  notch  stresses  3%  higher  than  tha 
predicted  from  FEA.  The  results  indicate  that  th< 
assumptions  mentioned  in  Section  3.2  onli 
introduce  3%  error  either  to  the  calculation  of  th? 
maximum  stress  at  the  notch  tips  or  to  th< 
calculation  of  the  nominal  stress  over  thl 
narrowest  cross  section. 

It  is  also  noted  that  ratio  of  the  stress  in  the 
MoSi2  side  to  that  in  the  Nb  side  at  the  interface'il 
not  3.6  (ratio  of  the  Poisson's  ratios  of  MoSi2  to  Nb' 
but  equals  to  2.01  for  FEA.  It  is  believed  that  tht 
deviation  of  the  stress  ratio  from  3.6  is  due  to  th< 
presence  of  the  precracks  because  if  there  are  nu 
precracks  in  the  FEA,  the  ratio  of  the  stressei 
becomes  3.6. 


l  ie  I  I  Mesh  used  in  die  FEA. 


On  the  Flow  Behavior  of  Constrained  Ductile  Phases 


L.  XIAO  and  R.  AHUASCIIIAN 

Effects  of  the  matrix/rcinforccmcnt  interface  and  the  mcclianical  properties  and  si/.e  ol  the 
ductile  reinforcement  on  (lie  flow  behavior  of  (he  constrained  ductile  reinforcement  have  been 
evaluated  using  it  tensile  test  on  a  single  Nit  lamina  imbedded  in  MoSi,  matrix.  It  was  louiul 
that  work  of  rupture  of  (he  ductile  reinforcement  increased  with  si/.e  of  the  ductile  reinforcement 
and  with  decreasing  fracture  energy  of  the  matrix/reinforccmcnl  interface.  It  was  also  found 
that  (he  work  of  rupture  normalized  by  size  and  yield  strength  of  the  reinforcement  was  de¬ 
pendent  on  the  intcrfacial  properties  and  size  of  the  reinforcement.  Based  on  the  observation, 
an  analytical  model  is  developed  which  gives  insight  into  the  influence  on  the  stress-displacement 
curve  of  yield  strength,  work  hardening,  fracture  energy  of  matrix/rcinforccmcnt  interface,  and 
size  of  the  reinforcement.  A  characteristic  decohcsion  length,  which  is  a  function  of  size  of  the 
reinforcement,  has  been  identified  by  the  nuxlcl  and  related  to  the  measured  decohcsion  length. 
The  results  allow  the  extrapolation  of  the  work  of  rupture  measured  from  the  large  size  of 
constrained  ductile  phases  to  the  small  size  of  the  ductile  phases.  As  the  reinforcements  used 
in  composites  arc  usually  smaller  in  size  than  those  tested  in  such  tensile  tests,  the  extrapolation 
of  the  work  of  rupture  allows  the  contribution  of  ductile  reinforcements  to  the  toughness  of  a 
brittle  matrix  composite  to  be  calculated. 


I.  INTRODUCTION 

NUMEROUS  studies  have  shown  that  improved 
fracture  toughness  can  be  achieved  by  the  incorporation 
of  a  ductile  second  phase  into  a  brittle  matrix.  Examples 
of  current  or  potential  technological  significance  tire 
tungsten  carbide  toughened  with  cobalt  network,"  21  zir- 
conia  toughened  with  zirconium  network,"1  alumina 
toughened  with  dispersed  molybdenum,"1  magnesia 
toughened  with  cobalt  and  nickel  particles  or  fibers,"1 
and  glass-enamels  toughened  with  dispersed  aluminum 
and  nickel  particles. ,A|  Successful  toughening  has  also  been 
observed  in  titanium  aluminide"1  and  molybdenum  disil- 
icidcIM|  reinforced  with  niobium  pancake  or  filament. 

The  primary  toughening  mechanism  of  ductile  rein¬ 
forcement  has  been  attributed  to  the  bridging  of  ductile 
ligaments. "<M"  When  the  size  of  the  bridging  zone  in 
the  wake  of  the  crack  tip  is  small  relative  to  the  crack 
length  and  the  specimen  dimension,  the  contribution  to 
fracture  toughness  from  bridging  can  be  estimated  by  ex¬ 
tending  the  cohesive  force  model1"1  to  the  ligament 
bridging1"121  and  can  be  written  as 

AG  =  V,  I  a-(u)  du  1 1 1 

Jo 

where  cr(u)  is  the  nominal  stress  carried  by  the  con¬ 
strained  ductile  reinforcement  for  a  given  crack  opening 
m,  Vf  is  volume  fraction  of  the  reinforcement,  it*  is  the 
crack  opening  at  the  point  when  the  ductile  reinforce¬ 
ment  fails,  and  the  definite  integral,  designated  as  f  in 
the  text,  is  the  work  of  rupture  of  the  constrained  ductile 
ligament.  Thus,  the  key  to  predict  the  increased  fracture 
toughness  is  to  calculate  ct(m)  as  a  function  of  crack 
opening.  Recognizing  that  o-(w)  is  different  from  that 


measured  in  a  simple  tensile  lest,  several  investigators 
have  attempted  to  relate  < j(it)  to  the  uniaxial  stress-strain 
properties  of  the  ductile  phase.  The  methods  used  in¬ 
cluded  a  slip-line  field  analysis,"1121  finite  clement 
methods,"1"'  spring  models,""14'  and  geometric 
models.'""16'  Experimental  determination  of  the  tr(it) 
has  also  been  conducted  with  a  tensile  test  on  a  single 
constrained  ductile  phase."6171"  Ashby  et  «/."6'  found 
that  the  work  of  rupture  was  enhanced  by  limited  dc- 
cohcsion  at  the  interface.  Dcve  ct  a!.}m  however,  re¬ 
vealed  a  more  complicated  situation;  i.e.,  whether  or  not 
a  limited  decohcsion  was  beneficial  to  a  high  work  of 
rupture  depended  on  the  work-hardening  capability  of 
the  ductile  phase.  Furthermore,  Ashby  el  al.m  also  found 
that  the  work  of  rupture  normalized  with  both  the  yield 
strength  and  the  size  of  the  ductile  phase  (lead  metal  in 
their  study)  was  independent  on  the  size  of  the  lead  in 
the  matrix.  Thus,  the  work  of  rupture  measured  front 
one  size  of  ductile  phase  can  be  extended  to  other  sizes 
of  ductile  phase.  These  results  indicate  that  more  ex¬ 
periments  arc  necessary  to  identify  the  effects  of  the 
interface,  and  the  extrapolation  of  the  work  of  rupture 
measured  from  one  size  of  constrained  ductile  phase  to 
other  sizes  of  ductile  phase  also  needs  to  be  further  in¬ 
vestigated  in  other  systems. 

The  primary  objective  of  the  present  study  is  to  ex¬ 
perimentally  examine  the  effects  of  properties  of  the 
matrix/rcinforccmcnt  interface  and  of  the  size  of  ductile 
phase  on  its  flow  behavior  and,  therefore,  on  the  en¬ 
hanced  fracture  toughness  of  the  composite.  The  second 
goal  of  this  study  is  to  model  the  stress-displacement  re¬ 
lation  and  to  examine  the  feasibility  of  extrapolation  of 
the  work  of  rupture  measured  from  a  large  size  of  con¬ 
strained  ductile  phases  to  a  small  size  of  ductile  phases. 
The  system  selected  for  investigation  was  MoSij  matrix 
reinforced  with  Nb.  Since  the  two  components  used  have 
similar  coefficients  of  thermal  expansion,  the  residual 
thermal  stresses  were  minimized,  thus  simplifying  the 
present  stress  analysis.  Specimens  with  laminated  form 


have  been  used  because  of  (lie  ease  of  producing  (lie 
composites  with  controlled  properties,  but  (hey  still  serve 
the  purpose  of  the  present  study.  I  he  symbols  used  in 
the  text  are  defined  in  Table  I. 


II.  EXPERIMENTAL 

Disc-shaped  laminated  specimens  were  prepared  by 
stacking  a  Nh  foil  with  two  layers  of  MoSij  powder 
(-325  mesh)  at  an  appropriate  ratio  and  then  vacuum 
hot-pressing  at  I4(X)  °C  for  I  hour  under  a  pressure  of 
40  MPa.  In  order  to  minimize  residual  thermal  stresses, 
the  hot-pressed  discs  were  held  in  the  hot-pressing  cham¬ 
ber  at  800  °C  for  I  hour  before  cooling  down  to  room 
temperature.  The  residual  thermal  stresses  induced  witli 
such  processing  have  been  estimated  to  be  small  with  a 
tensile  stress  of  19  MPa  in  the  matrix  and  a  compressive 
stress  of  79  MPa  in  the  Nb  on  the  lamina  plane. 11,1  Three 
different  thicknesses  of  Nb  foils  (1 .0.  0.5,  and  0.25  mm) 
with  a  purity  of  99.8  pet  were  used  to  prepare  the  lam¬ 
inated  specimens.  Variation  in  bonding  conditions  at  the 
matrix/rcinforccmcnt  interfaces  was  achieved  by  depos¬ 
iting  different  oxide  coatings  (AUO,  or  Zr02)  to  the  Nb 
surface  prior  to  the  hot-pressing  or  by  the  development 
of  a  reaction  product  layer  between  the  matrix  and  re¬ 
inforcement.  Details  of  the  coating  procedures  can  be 
found  in  Reference  9. 

The  hot-pressed  discs  were  cut  into  rectangular  tensile 
test  bars  with  dimensions  of  5.0  x  3.9  x  30.0  mm.  as 
shown  in  Figure  I.  Straight-through  notches  in  the  MoSi2 
matrix  were  introduced  using  a  diamond  wafering  blade 


Table  I.  Symbols  and  Definitions 


2  a 

remaining  thickness  of  reinforcement 

,1 

dccohcsion  length 

d. 

characteristic  dccohcsion  length 

dm 

measured  dccohcsion  length 

E 

Young's  modulus 

E, 

normalized  work  of  rupture  /,"  <r( <()/«•„  clu/t 

e, 

true  strain 

e. 

average  elastic  strain  in  the  ^-direction  on  the 
midplanc  of  the  neck 

e, 

clastic  strain  in  the  x-dircction  at  the  position  of 
jr  on  the  midplanc  of  the  neck 

CiG 

increment  in  toughness  caused  by  ductile 
reinforcement 

2U 

length  of  reinforcement  affected  by  necking 

R 

Poisson's  ratio 

R 

radius  of  contour  of  the  neck 

(T 

stress 

(T 

effective  stress 

<r„ 

yield  strength 

^mn 

maximum  stress  reached  by  constrained 
reinforcement 

<r,„ 

stress  in  z-di  reel  ion  at  the  free  surface  of  the  neck 

It 

initial  thickness  of  reinforcement 

axial  extension  equal  to  crack-opening  displace- 

u 

ment 

u * 

crack-opening  displacement  at  failure  of  ductile 
reinforcement 

V, 

volume  fraction  of  ductile  reinforcement 

f 

work  of  rupture,  jo  <z(»«)  du 

with  a  thickness  of  0.15  mm.  Distance  from  the  notch 
tip  to  the  laminate  interface  is  300  gin  for  I  0-mm-thick 
Nb  lamina  and  200  jail  for  0.5-  and  0.25-mm-thick  Nb 
laminae.  Such  distances  have  been  found  to  be  small 
enough  not  to  distort  the  stress-displacement  curve  of  the 
constrained  ductile  reinforcement,  and  at  the  same  time, 
they  maintain  an  appropriate  degree  of  clastic  constraint 
from  the  matrix. 121,1 

Displacement  controlled  tensile  tests  were  conducted 
using  Instron  with  a  displacement  speed  of 
().(X)5  in. /min.  The  wedge-type  grips  were  used  to  clamp 
the  specimens,  and  load  train  alignment  was  achieved 
by  coupling  the  top  grip  to  a  universal  joint.  The  load 
was  recorded  as  it  function  of  crosshcad  displacement. 

To  obtain  the  intrinsic  mechanical  properties  of  Nb 
used,  tensile  and  hardness  tests  were  conducted  on  the 
as-received  and  processed  Nb  foils.  The  processed  Nb 
foils  were  obtained  from  hot-pressed  Zr02-coated 
Nb/MoSi2  composites  by  breaking  all  the  MoSi2  on  both 
sides  of  the  Nb  foil.  This  is  not  very  difficult  to  do  due 
to  a  relative  weak  bonding  between  Nb  and  MoSi2  at  the 
presence  of  a  Zr()2  coating  layer,  as  described  in 
Section  III— B). 


III.  EXPERIMENTAL  RESULTS 

A.  Mechanical  Properties  of  Unconstrained  Niobium 

Properties  measured  from  the  processed  Nb  and 
as-received  Nb  arc  summarized  in  Table  II.  Hie  data  show 
that  strength  of  Nb  increased  after  hot-pressing,  except 
for  the  1 ,0-mm  Nb  foils,  but  the  rate  of  strain  hardening 
increased  for  all  the  niobium.  Such  changes  are  believed 
to  be  due  to  a  combination  of  two  competitive  processes 
during  hot-pressing:  (I)  grain  growth  of  Nb,  as  shown 
in  Figure  2,  and  (2)  solid  solution  strengthening  because 
of  the  equilibrium  of  Nb  with  the  silicides  formed  at  the 
matrix/rcinforccmcnt  interface.  In  related  studies,121 221  it 
has  been  shown  that  the  coated  Nb/MoSi2  systems  con¬ 
tain  three  interfaces  between  the  matrix  and  reinforce¬ 
ment,  MoSi2/coa(ing/NbsSi,/Nb,  whereas  the  uncoatcd 


Nb  MoSi2 


Fig.  I  — A  schematic  of  a  composite  laminate  test  specimen. 


lal>lo  II.  Mechanical  Properties  of  Niobium 


Processing  Condition 

As-Received 

* 

(Zr02  Coated, 

Processed** 

1 400  °C.  40  MPa 

for  1  hour) 

Thickness  of  Nt>  foil  (mm) 

1.0 

0.5 

0.25 

1 .0 

0.5 

0 

.25 

Microhardness  (MV,  kg/mm2) 

1  10 

79.4 

82.3 

104 

1  14 

1 

31 

Yield  strcnglh  (rr0,  MPa) 

204 

121 

123 

180  ±  6 

21  1  ±  9 

236 

±  1  1 

Tensile  strength  ( <rH ,  MPa) 

277 

195 

204 

221  ±  8 

260  ±  7 

285 

*  10 

Elongation  (5) 

0  403 

0.523 

0.468 

0.32  ±  0.03 

0.18  ±  0.02 

0. 10 

±  0.02 

Strcnglh  coefficient  (MPa) 

454 

353 

370 

356  ±  1 1 

363  ±  10 

386 

±  12 

Strength  hardening  coefficient 

0  173 

0.245 

0.243 

0.165  ±  0.032 

0.085  ±  ().<X>4 

0.076 

±  0.007 

«\  ,/HV 

1.85 

1.52 

1.49 

1.73 

1.85 

1 

.80 

«■„/!  IV 

2.52 

2.45 

2.48 

2.12 

2.28 

2 

.  1 

‘Only  one  sample  for  each  condition  was  tested. 

* ‘Three  samples  for  each  condition  were  tested. 

Nb/MoSi2  systems  contain  the  interfaces  of  MoSij/ 
(Mo,  Nb),Si,/Nb  or  MoSi2/(Nb,  Mo)Si2/Nb,Si,/Nb  de¬ 
pending  on  the  processing  temperatures.  In  short,  for  (lie 
present  ease,  Nb  always  equilibrates  with  silicidcs,  re¬ 
sulting  in  the  solid  solution  strengthening  of  the  Nb.  For 
1.0-mm  Nb  foil,  grain  si/.e  has  changed  from  15  to 
~500  /xm  during  hot-pressing,  which  leads  to  a  large 
decrease  in  strength  and  overshadows  the  increase  due 
to  the  solid  solution  hardening.  For  0.5-  and  0.25-mm 
Nb  foils,  grain  size  has  changed  from  50  to  —370  /xm 
and  from  48  to  —300  /xm,  respectively.  However,  shorter 
diffusion  distance  to  the  center  of  the  niobium  hits  made 
solid  solution  hardening  dominant  over  softening  due  to 
grain  growth.  Therefore.  0.5-  and  0.25-mm  Nb  foils  show 
an  increased  strength  after  hot-pressing. 

Examination  of  the  true  stress-strain  data  of  the  pro¬ 
cessed  Nb  reveals  that  after  the  true  strain  is  larger  than 
a  certain  value,  the  true  stress-strain  follows  power  law 
quite  well.  For  example,  the  true  strain  at  which  the  true 
stress-strain  starts  to  follow  a  power  law  is  —0.34  pet 
for  0.25-mm  processed  Nb  and  —1.0  pet  for  1 ,0-mtn 
processed  Nb.  Thus,  the  true  stress-strain  data  after  the 
previously  mentioned  strains  (c.g.,  0.34  pet  for  0.25-mm 
Nb)  have  been  used  to  calculate  both  the  strength  coef¬ 
ficient  and  the  strength-hardening  coefficient.  The  re¬ 
sults  are  listed  in  Table  II  and  also  presented  in  Eq.  |2| 
for  convenience. 

<r,  =  356c"  165  (MPa)  for  1.0-min  Nb 

<t,  =  363c"'"*5  (MPa)  for  0.5-mm  Nb  |2| 

c r,  =  386c""7"  (MPa)  for  0.25-mm  Nb 

The  above  true  stress-strain  relations  have  been  utilized 
to  describe  the  intrinsic  properties  of  the  unconstrained 
Zr02-coated  Nb  and  the  unconstrained  AI2Orcoatcd  and 
uncoatcd  Nb  because  of  the  following  reasons.  As  shown 
in  Table  II,  although  the  tensile  strength  of  the  niofium 
varies  with  the  thickness,  the  tensile  strength  is  propor¬ 
tional  to  its  hardness  (i.e.,  cr./HV  equals  to  2.48  ±  0.04 
and  2.19  ±  0.08  for  the  as-received  and  processed  Nb, 
respectively).  Such  a  definite  relationship  has  also  been 
reported  for  other  materials.12’1  The  ratio  of  the  yield 
strength  to  the  Vicker’s  hardness  is  also  approximately 
a  constant,  as  shown  in  Table  II.  The  results  indicate 
that  it  is  reasonable  to  infer  the  strength  of  the  niobium 
from  the  hardness  measured.  Hardnesses  of  Nb  hot-pressed 


with  different  conditions  arc  summarized  in  Table  III. 
The  table  shows  that  the  hardnesses  arc  almost  the  same 
for  each  group  of  Nb  based  on  the  size.  Due  to  such 
hardness  results,  the  stress-strain  relations  for  both  the 
uncoatcd  and  the  Al20, -coated  Nb  under  the  uncon¬ 
strained  condition  can  be  assumed  to  be  the  same  as  those 
of  the  processed  Nb,  which  is  the  Zr02  uncoated  Nb. 
before  MoSi2  on  both  sides  of  the  Nb  foils  has  been  broken 
away. 

It  is  clear  from  the  previous  discussion  that  the  intrin¬ 
sic  mechanical  properties  of  the  Nb  reinforcement  in  the 
composites  arc  different  from  those  of  the  Nb  before  the 
compositing.  It  is  believed  that  such  a  change  in  prop¬ 
erties  due  to  hot-compaction  processing  is  a  common 
phenomenon  for  ductile-phase  reinforced  brittle  matrix 
composites,  because  most  of  them  have  to  be  fabricated 
with  high-temperature  processing  techniques.  Even  in 
chemically  compatible  composites,  change  of  grain  size 
will  cause  property  change  of  the  ductile  reinforcements. 
Such  change  imposes  difficulty  on  the  prediction  of  the 
composite  properties. 

B.  Failure  Mechanism  and  Related  Observation  on 
Constrained  Niobium 

An  edge  view  of  the  unconstrained  and  constrained 
uncoaled  Nb  foils  after  the  tensile  test  is  shown  in 
Figure  3.  As  seen  in  the  Figure,  Nb  foils  fail  by  drawing 
down  to  a  wedge  for  both  the  constrained  and  uncon¬ 
strained  conditions.  All  three  sizes  of  Nb  foils  show  the 
same  failure  mechanism.  Furthermore,  similar  necking 
is  also  observed  for  all  of  the  coated  Nb.  Close  exami¬ 
nation  of  Figure  3  reveals  that  the  dccohcsion  of  Nb  from 
the  matrix  is  due  to  either  multiple  matrix  fracture 
(Figures  3(b)  and  (d))  or  partial  matrix  fracture  and  par¬ 
tial  debonding  at  the  interface  (Figure  3(c)).  For  the  Al20,- 
and  Zr02-coatcd  Nb,  the  dccohcsion  of  the  Nb  was  found 
to  largely  come  from  debonding  at  the  interface,  as  shown 
in  Figure  4.  These  results  are  in  agreement  with  a  related 
study,1221  which  shows  that  the  uncoated  interface  has  a 
higher  interfacial  fracture  energy  than  the  fracture  en¬ 
ergy  of  the  matrix,  while  the  oxide-coated  interfaces  have 
a  lower  interfacial  fracture  energy  than  the  matrix.  Thus, 
it  is  expected  (hat  the  matrix  would  fracture  before  the 
interface  fails  in  the  case  of  the  uncoated  Nb  in  contrast 
to  the  predominance  of  interfacial  failure  in  the  case  of 
the  coated  Nb. 


Tig.  2 —  Optical  micrpstruclurcs  of  Nil  toils:  («>  as- received.  I  (l-nim  thick:  (/>)  processed.  I  O-min  thick;  (<•)  as-received.  0  5-mm  ihick;  and 
(</)  processed,  0,5-mnV thick.  Note  that  different  magnifications  arc  used. 


Table  III.  Microhardncss  of  Nb  with  Dirferctil  Processing  Conditions  {Hot  -  Pressed  at  1400  °C,  40  MPa  for  1  Hour) 


Thickness  of 

Nb  Foil  (mm) 

1.0 

0.5 

0.25 

Processing  condition 

HV  (kg/mm2) 

uncoatcd  Al;0, 

coated 

104  106 

Zr02 

coated 

104 

uncoatcd 

i  18 

ai2o, 

coated 

1  16 

Zr02 

coaled 

1 14 

uncoatcd 

131 

A  1,0, 
coated 
134 

Zr02 

coated 

131 

Both  interfacial  failure  and  matrix  fracture  create  a 
“gage  length’  at  the  matrix/rcinforccmcnt  interface,  which 
is  a  region  virtually  free  from  constraints  of  the  matrix 
and  is  called  decoticsion  length  in  the  text.  The  measured 
decohesion  lengths  arc  summarized  in  Table  IV.  The  data 
show  that  within  each  size  group,  dccohcsion  length  in¬ 
creases  from  the  uncoatcd  to  AI2Oi-coa(cd  and  then  to 
ZrOj-coatcd  Nb/MoSi2  composites.  Such  results  arc 
consistent  with  the  measurement  of  the  interfacial  frac¬ 
ture  energy, 1221  which  shows  that  the  uncoatcd  Nb/MoSij 
has  the  highest  interfacial  fracture  energy,  followed  by 
the  AIjO, -coated  and  then  Zr02-coatcd  Nb/MoSi2 
composites. 

Increase  of  the  decohesion  length  with  the  thickness 
of  Nb  foils,  as  shown  in  Table  IV,  is  believed  to  be 
mainly  related  to  the  necking  of  the  Nb.  Figure  5  shows 
schematically  the  effect  of  the  necking  on  the  dccohcsion 
length.  The  length  of  the  Nb  region  affected  by  necking, 
2H,  is  proportional  to  the  thickness  of  the  Nb,  as  shown 
in  Figure  3.  Approximately,  H  is  1.3  times  the  Nb  thick¬ 
ness,  a  result  measured  from  Figure  3.  Large  lateral  dis¬ 
placement  of  Nb  in  the  necking-affected  region  gives  rise 


to  large  transverse  stresses  that  lead  to  the  interfacial  de¬ 
bonding  and/or  matrix  fracture.  Thus,  the  thicker  the 
niobium,  the  longer  the  necking-affected  region  and, 
therefore,  the  longer  the  dccohcsion  length.  If  the  inter¬ 
face  bonding  is  relatively  weak,  such  as  the  Al20,-  and 
Zr02-coated  interfaces,  the  transverse  stresses  aroused 
by  lateral  displacement  of  the  Nb  during  uniform  strain 
can  be  large  enough  to  cause  the  interfacial  debonding 
all  the  way  to  the  test  grips.  During  the  uniform  strain, 
the  lateral  displacement  of  Nb  right  at  the  interface  is 
proportional  to  the  thickness  of  the  Nb.  Therefore,  de- 
cohesion  by  this  mechanism  can  more  easily  occur  in 
thick  Nb  composites  than  in  thin  Nb  counterparts,  as  in¬ 
dicated  in  Table  IV. 

It  has  been  shown1” 241  that  the  failure  of  the  con¬ 
strained  Nb  laminae  in  MoSi2  matrix  involves  the  fol¬ 
lowing  scenario.  When  an  advancing  crack  just  impinges 
a  Nb  reinforcement,  no  debonding  at  the  matrix/ 
reinforcement  interface  occurs.  As  external  load  contin¬ 
ues  to  increase,  debonding  at  the  interface  and/or  mul¬ 
tiple  fracture  of  the  matrix  ncar_thc  interface  occur  due 
to  a  relatively  large  lateral  deformation  of  the  Nb  rein¬ 
forcement  compared  to  the  matrix  and  load  transfer  from 


Fig-  3  —  An  edge  view  of  fractured  specimens  showing  the  contour  of  the  neck:  (»)  an  unconstrained,  processed  Nb  foil  with  a  thickness  of 
1.0  mm;  and  ( b )  through  (it)  constrained  Nb  with  thicknesses  of  1.0,  0.5,  and  0,25  mm,  respectively.  Note  that  different  magnifications  arc 
used. 


fig.  4 —  An  edge  view  of  a  fractured  AI,Oi-coated  Nb/MoSi,  com¬ 
posite  laminate  showing  intcrfacial  debonding. 


the  matrix  to  the  reinforcement.  Then  the  necking  and 
fracture  of  the  niobium  occur  as  the  load  continues  to 
increase.  The  aforementioned  rcsultsIJ,M|  and  the  pres¬ 
ent  observations  suggest  that  flow  behavior  of  the  con¬ 
strained  Nb  can  be  simplified  into  three  stages: 
(I)  elastic  deformation;  (2)  plastic  deformation  within 
the  decohesion  region;  and  (3)  localized  plastic  defor¬ 
mation  within  the  necking  region.  Such  processes  are 
illustrated  in  Figure  6.  The  crack  opening  of  the  matrix 
can  be  directly  related  to  the  deformation  of  Nb  in  the 
decohesion  zone.  At  the  early  stage  of  crack  opening, 


Nb  only  undergoes  elastic  deformation,  as  shown  in 
Figure  6(a).  As  crack  opening  increases,  Nb  enters  the 
stage  of  plastic  deformation  (Figure  6(b)).  At  last,  when 
the  work-hardening  rate  of  the  niobium  at  the  central 
portion  of  the  decohesion  region  is  lower  than  the  stress 
increase  rate  due  to  a  decrease  in  the  cross-sectional  area 
of  the  reinforcement,  the  localized  deformation  begins 
(Figure  6(c)),  which  leads  to  the  final  failure  of  the  Nb 
lamina.  Such  simplified  deformation  processes  will  be 
used  to  model  stress-displacement  behavior  of  the  con¬ 
strained  Nb,  as  will  be  presented  in  Section  IV. 

C.  Stress-Displacement  Curves  of 
Constrained  Niobium 

Figure  7  shows  typical  stress-displacement  curves  for 
the  uncoatcd  Nb  foils  with  different  thicknesses  con¬ 
strained  in  MoSij  matrix.  The  parameters  measured  are 
summarized  in  Table  V.  The  work  of  rupture  normalized 
by  the  yield  strength,  cr„,  and  half-thickness  of  ductile 
phase,  /, 

Jcr(u)  du 
o  t 

in  presented  as  E,  in  Table  V  and  is  called  the  normal¬ 
ized  work  of  rupture  in  the  text  for  convenience.  As  seen 
in  Figure  7  and  Table  V,  due  to  the  different  intrinsic 
properties,  the  maximum  stresses  reached  by  the  con¬ 
strained  Nb,  o-m„,  are  different  for  different  sizes  of  Nb. 
However,  if  the  a*,,  is  normalized  by  its  own  yield 


Table  IV.  Dccolicsion  Length  In  the  MoSlj/Nh  Composites  (Hot-I’resscd  at  1400  °C,  40  MI’a  for  I  Hour) 


Thickness  of 
Nb  foil  (mm) 

1.0 

0.5 

0.25 

Pn>cessing 
Cotut  it  ion 

tmconlcd 

AI,Ot 

coated 

ZrOj 

coated 

uncoatcd 

Al,0, 

coated 

ZrOj 

coated 

uncoaled 

AIjO, 

couted 

ZK), 

coated 

Dccolicsion 
length  (min) 

io  ±  a 

dccohesion  all  the 
to  the  grips 

way 

2.9  ±  0.4 

.1.1  ±  0.4 

dccohesion  all  the 
way  to  the  grips 

0.86  ±  0.09 

0.94  t  0.2.1 

I..10  ±  0  61 

*l;uur  specimens  for  each  condition  were  measured,  except  for  0.5-mm-thick  Nb  lamina,  for  which  eight  specimens  were  measured. 


Thick  Nb  Hj  >  It  j 


Thin  Nb 


Fig.  5  —  A  schematic  showing  the  effect  of  necking  on  the  dccolie- 
sion  length. 


Displacement,  mm 

Fig.  7  —  Typical  stress-displacement  curves  of  constrained,  uncoatcd 
Nb  laminae  with  different  thicknesses. 


(tt)  Elftsdc  defomuitan. 


(b)  Ptwlc  defamation. 


(c)  Locaiiaed  defamation. 


Fig.  6  —  A  schematic  of  three  stages  of  deformation  for  constrained 
Nb.  2 H  is  the  length  of  the  necking-affected  region,  2o  is  the  re¬ 
maining  thickness  of  the  reinforcement,  and  u  is  displacement. 


strength,  the  normalized  maximum  stress,  <rm,J<r0,  ex¬ 
hibits  an  independence  on  the  size  of  Nb.  This  result 
suggests  that  the  maximum  stress  reached  is  not  a  func¬ 
tion  of  size  of  the  ductile  phase.  It  is  noted  that  the  work 
of  rupture  increases  with  the  size  of  Nb,  indicating  that 
the  large  size  of  ductile  reinforcement  is  more  effective 
in  improving  toughness  of  the  brittle  matrix  composites. 
It  is  also  noted  that  the  normalized  work  of  rupture  shows 
a  dependence  on  the  size  of  Nb.  The  value  of  E,  in¬ 
creases  with  the  increasing  size  of  the  niobium.  The  size 
dependence  of  the  normalized  work  of  rupture  is  attrib¬ 
uted  to  the  size  dependence  of  the  decohesion  length,  as 
will  be  discussed  in  Section  V.  This  result  suggests  that 
the  data  of  the  normalized  work  of  rupture  obtained  from 
the  test  on  the  large  size  of  ductile  reinforcements  cannot 


be  extended  to  the  small  size  of  the  reinforcements  di¬ 
rectly  for  the  present  composites. 

The  cfTect  of  coatings  on  the  stress-displacement  curves 
is  shown  in  Figure  8.  The  parameters  measured  are  sum¬ 
marized  in  Table  VI.  The  data  show  that  as  the  decohe¬ 
sion  length  increases,  i.e.%  the  constraints  on  the 
reinforcement  decreases,  the  work  of  rupture  increases. 
This  is  not  surprising,  since  the  longer  the  decohesion 
length,  the  more  the  ductile  material  participates  in  the 
plastic  deformation  and,  therefore,  the  more  energy  is 
consumed  before  fracture  occurs.  It  is  noted  that  as  the 
dccohesion  length  increases,  the  normalized  maximum 
stress  decreases,  indicating  that  increasing  constraints  on 
the  ductile  phase  increase  the  Table  VI  also  shows 
that  the  normalized  work  of  rupture  is  inversely  depen¬ 
dent  on  the  interfacial  bonding  strength.  This  is  believed 
to  be  due  to  the  increase  of  work  of  rupture  with  in¬ 
creasing  decohcsion  length.  The  previous  results  indicate 
that  limited  dccohesion  enhances  the  energy  consumed 
to  fracture  the  constrained  ductile  reinforcement  and, 
therefore,  improve  the  toughness  of  the  composites. 


IV.  MODELING 

As  discussed  in  Section  III— B,  the  flow  behavior  of 
the  constrained  Nb  in  the  present  study  can  be  simplified 
into  three  stages:  (I)  elastic  deformation;  (2)  plastic  de¬ 
formation  within  the  decohesion  region;  and 
(3)  localized  plastic  deformation  within  the  necking  re¬ 
gion.  To  model  the  stress-displacement  relation  of  con¬ 
strained  ductile  phase,  <z-n,  some  assumptions  are  made. 


Table  V.  Summary  of  the  Parameters  Calculated  from  the 
Model  and  Measured  for  the  Uncontcd  Nb/MoSl2  Laminates* 


Measured 

Calculated 

2f 

(mm) 

(Mi’a) 

Vnmn/trO 

f 

(J/m2) 

e, 

<rm„ 

(MPa) 

O'n.../(T0 

(J/m2) 

E, 

^8c»ll/^8«tpl 

1.0 

259  ±  23 

1.44 

477.000  *  35.900 

5.3 

292 

1.62 

400,000 

4.4 

0.838 

0.5 

325  ±  16 

1.54 

239.000  ±  24  .(MX) 

4.5 

329 

1.56 

196,000 

3.7 

0.814 

0.25 

351  ±  15 

1.49 

85.000  ±  7800 

2.8 

354 

1.50 

88,000 

2.9 

1.025 

‘four  specimens  for  each  condition  were  tested,  except  for  0.5-mm-thick  Nh  lamina,  for  which  c 

ighl  specimens  - 

were  tested. 

Pig.  8 — The  effect  of  the  coatings  on  the  stress-displacement  curve 
measured  from  composite  laminates  with  0.5-mm-thick  Nb  lamina. 


A.  Stage  of  Elastic  Deformation 

To  compute  a-u  data  for  elastic  deformation,  two  more 
assumptions  are  made:  (I)  the  volume-conserving  nature 
of  large-scale  plastic  deformation  is  also  applicable  to 
this  stage;  and  (2)  the  effective  stress  across  the  mid¬ 
plane  of  the  neck  is  constant. 

Assumption  (I)  and  the  assumed  contour  relate  the 
displacement,  u,  to  the  radius  of  the  cylinder,  R,  by 
geometry  as 

+  ,3, 

I2rw  3  (</  +  «) 

Assumption  (2)  renders  the  Bridgman  formula  for  a 
necking  plate,1”1 


First,  displacement  of  the  stress-displacement  curve  is 
assumed  to  come  only  from  the  deformation  of  Nb  lam¬ 
ina  inside  the  decohesion  region,  because  the  Nb  outside 
the  dccohesion  region  is  bonded  to  the  matrix  and  only 
undergoes  elastic  deformation.  Second,  the  contour  of 
the  Nb  lamina  in  the  decohesion  region  is  assumed  to  be 
part  of  the  outside  surface  of  a  cylinder  with  a  varied 
radius  of  R  for  all  stages  of  deformation,  as  shown  in 
Figure  6.  Such  an  assumption  is  an  approximation  of  the 
real  contour  of  the  Nb  observed  in  the  experiments  and 
makes  the  calculation  possible.  Third,  plane  strain  is  as¬ 
sumed  for  the  computation  in  all  of  the  stages.  In  ad¬ 
dition,  in  the  calculation,  the  value  of  u  is  measured  as 
the  axial  displacement  of  the  matrix  point  at  the  bound¬ 
ary  of  the  decohesion  region  while  <r  is  computed  from 
the  total  force  exerted  on  the  remaining  cross  section  of 
the  midplane  at  the  neck  normalized  by  the  original  mid¬ 
plane  area. 


computable  even  for  elastic  deformation.  The  terms  x 
and  a  in  Eq.  14]  are  defined  in  Figure  6,  and  a,  and  aM, 
which  are  functions  of  x,  are  the  stresses  on  the  midplane 
of  the  neck  in  the  z-  and  jr-directions,  respectively.  Al¬ 
though  the  assumed  contour  and  constant  effective  stress 
do  not  represent  the  real  situation  of  the  decohesion  re¬ 
gion,  they  introduce  negligible  error  to  the  work  of  rup¬ 
ture  (see  the  Appendix). 

With  assumption  (2),  boundary  conditions  at  the  neck, 
and  plane-strain  assumption,  the  stress  component  a,  can 
be  related  to  the  stress  <r„,  which  is  rr,  at  the  free  surface 
of  the  neck,  as  follows, 


r*  = 


7  ,  7 

a,  +  cr. 


(I  +  2(jl-  2ft1) 

(I  -li  +  M1) 


<r,<r, 
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where  n  is  the  Poisson’s  ratio  and  is  equal  to  0.39  for 


Table  VI.  Summary  of  the  Parameters  Calculated  from  the  Model 
and  Measured  from  the  Composites  with  0.5-mm-Thlck  Nb  Lamina* 


Processing 

Condition 

Measured 

Calculated 

(MPa) 

(j/m2) 

E, 

<Z( Ml 

(MPa) 

crm««/o'0 

(J/m2) 

E, 

Uncoated 

325  ±  16 

1.54 

239.000  ±  24,000 

4.5 

329.3 

1.56 

196,000 

3.707 

0.824 

AljOj  coated 

310  ±  II 

1.47 

243.000  ±  21,000 

4.6 

328.4 

1.55 

203,000 

3.860 

0.839 

ZiOj  coated 

275  ±  12 

1.31 

429,000  ±  26,000 

8.1 

328.2 

1.55 

339,000 

6.435. 

.0.794 

•Eight  specimens  for  each  condition  were  tested. 

Nb.,2h|  Introduction  of  the  Poisson’s  ratio  of  Nb  into 
Eq.  |5|  yields 

a,  ~  0.968  (t ,  ±  tr,„  |6| 

The  negative  sign  in  Eq.  1 6)  is  discarded  in  the  following 
computation  because  of  the  boundary  conditions  at  the 
neck  ( i.e .,  <r,  =  0  and  tr,  =  <r.„  when  x  =  a).  Substi¬ 
tuting  Eq.  |6|  into  Eq.  |4|  and  solving  the  linear  first- 
order  differential  equation  for  a,  yield 


where  is  related  to  the  average  elastic  strain,  T„  which 
can  be  measured  from  the  dimension  of  the  neck  using 
the  relation  of  T,  =  In  (a/t)  and  can  be  related  to  the 
clastic  strain  in  the  ar-direction  at  the  position  of  x  on  the 
midplane  of  the  neck,  e,(cr,,<r,.<T,),  as  follows: 


18) 


C.  Stage  of  Localized  Plastic  Deformation 

The  localized  plastic  deformation  is  assumed  to  begin 
when  the  nominal  axial  stress  is  about  to  decrease.  The 
length  of  the  region  affected  by  necking,  211,  shown  in 
Figure  6,  is  chosen  as  2t.  After  necking  down  to  a  point 
at  the  neck,  the  region  with  such  dimension  gives  two 
triangles  with  height  equal  to  the  base.  The  base  is  as¬ 
sumed  to  have  no  more  deformation  when  the  localized 
deformation  begins.  The  assumptions  give  rise  to  a  con¬ 
tour,  as  shown  in  Figure  6(c),  and  such  contour  is  an 
approximation  for  the  contour  of  Nb  in  the  decohesion 
region,  as  shown  in  Figure  3.  The  displacement  in  the 
stage  of  the  localized  deformation  is  assumed  to  come 
only  from  the  deformation  of  the  necking-affected  re¬ 
gion,  and  the  computation  of  the  nominal  axial  stress  is 
carried  out  using  Eqs.  (9)  and  (10). 

In  summary,  in  the  preceding  approximate  model,  the 
effect  of  bonding  conditions  at  the  interface  on  the  cal¬ 
culated  <t(u)  —  u  curve  is  introduced  by  properly  se¬ 
lecting  the  decohesion  length  at  the  interface,  since  the 
decohesion  length  is  dependent  on  the  interfacial  con¬ 
ditions,  as  revealed  in  the  experiments  (Section  III— B). 
The  effects  of  intrinsic  mechanical  properties  of  ductile 
phase  are  addressed  by  utilizing  the  elastic  modulus,  yield 
strength,  and  tme  stress-strain  relation  of  the  ductile  phase 
throughout  the  computation  of  the  tr(ti)  —  u  curve.  Fi¬ 
nally,  the  size  of  the  ductile  phase  comes  into  play  through 
the  selection  of  the  dccohcsion  length  and  the  direct  en¬ 
try  of  the  half-thickness  of  the  ductile  phase  in  the  model. 

V.  COMPARISON  BETWEEN 
THE  MODEL  AND  EXPERIMENTS 


where  E  is  the  Young’s  modulus  of  Nb.  Thus,  by  nu¬ 
merical  integration  of  Eq.  [8],  <r„  can  be  found  for  any 
specific  R  and  a.  Using  Eqs.  (3)  and  (6)  through  |8J, 
(T-u  data  can  be  calculated  for  the  elastic  deformation. 

B.  Stage  of  Plastic  Deformation 

The  von  Mises  yield  criterion  is  used  to  monitor  the 
initial  yielding.  Thus,  when  the  effective  stress  reaches 
the  yield  strength  of  the  Nb,  plastic  deformation  begins. 
Now  the  Bridgman  formula  for  a  necking  plate,1231 


T  |  a  ( 

1  +  In  1  +  -  - 
L  2  R\ 

-?)} 

19) 

can  be  used  directly  to  compute  (he  nominal  axial  stress. 
By  applying  boundary  conditions  at  the  neck,  a  relation 
between  tr„  and  the  effective  stress,  <r,  can  be  found: 

<rm  =1.1 547<r  (10) 

where  <r  is  determined  by  the  effective  strain. 

In  the  computation,  the  effective  strain  at  the  initial 
yield  is  assigned  as  zero,  while  the  effective  stress  has 
a  value  of  the  yield  strength  of  the  unconstrained  Nb. 
After  the  initial  yield,  the  niobium  is  assumed  to  be  a 
perfect  Isotropy  of  strain  hardening,  and  the  power  law, 
Eq.  (2),  is  used  to  compute  the  effective  stress. 


A.  Effect  of  the  Decoliesiort  Length 

Dependence  of  the  stress-displacement  curve  on  the 
dccohesion  length  is  shown  in  Figure  9,  which  is  gen¬ 
erated  using  the  true  stress-strain  data  of  0.5-mm  Nb. 
The  results  indicate  that  the  maximum  stress  reached  by 
the  constrained  Nb,  (r„„  increases  with  increasing  con¬ 
straints  on  the  ductile  reinforcement,  but  increasing  con¬ 
straints  decrease  the  work  of  rapture,  a  trend  also  exhibited 


Fig.  9 — The  effect  of  decohesion  length  on  the  stress-displscement 
curve. 


by  (lie  experiments.  The  results  surest  that  a  relatively 
weak  bond  at  the  interface  enhances  the  work  of  rupture 
and.  therefore,  is  conducive  to  toughening  brittle  matrix 
composites.  Similar  results  were  obtained  by  other  in¬ 
vestigators  using  different  models. i111'11,1 

The  calculated  parameters  from  the  model,  based  on 
the  experimental  data  of  0.5-mm-thick  Nb  lamina  in 
Table  IV.  are  presented  in  Table  VI.  Ratios  of  the  cal¬ 
culated  and  measured  normalized  work  of  rupture,  E^J 
arc  also  included  in  the  (able.  A  comparison  be¬ 
tween  the  calculated  and  measured  data  in  Table  VI  re¬ 
veals  that  the  calculated  work  of  rupture  deviates  from 
the  measured  counterparts  by  about  20  pet.  However, 
the  general  trend  that  the  work  or  rupture  decreases 
with  the  increasing  interfacial  fracture  energy  observed 
in  the  experiments  has  been  maintained  in  the  prediction 
of  the  model.  The  discrepancy  in  the  values  between  the 
calculated  and  measured  work  of  rupture  lies  in  the  as¬ 
sumptions  involved  in  the  model,  especially  the  as¬ 
sumption  of  the  contour  of  the  Nb  lamina  in  the  decohesion 
region.  The  assumed  contour  of  the  neck  makes  the 
computation  feasible,  but  it  does  not  exactly  reflect  the 
real  contour  of  the  Nb,  which  actually  displays  a  convex 
shape  at  the  region  away  from  the  neck,  as  shown  in 
Figure  3.  On  one  hand,  the  assumed  contour  (a  concave 
shape)  leads  to  a  larger  strain  to  failure  when  compared 
with  the  convex  shape  of  the  real  contour;  on  the  other 
hand,  it  also  results  in  a  larger  radius  of  curvature  at  the 
neck  than  does  the  real  contour.  As  such,  a  less  severe 
state  of  triaxial  stresses  results,  and  a  lower  stress  in  the 
axial  direction  (z-dircetion)  is  predicted  by  the  model. 
All  of  these  contribute  to  the  discrepancy  in  the  work  of 
rupture.  Nevertheless,  the  predicted  values  are  reason¬ 
able  approximations  to  the  measured  counterparts. 

It  is  also  noted  from  Table  VI  (hat  <rm„,  predicted  by 
the  model,  is  insensitive  to  the  interfacial  bonding  con¬ 
ditions  in  the  range  of  the  measured  decohesion  lengths. 
The  result  indicates  that  the  model  becomes  less  sensi¬ 
tive  to  the  decohesion  length  when  the  dccohcsion  length 
is  large,  because  for  short  decohesion  lengths,  <rn„,  is 
very  sensitive  to  the  decohesion  length,  as  shown  in 
Figure  9.  This  phenomenon  will  be  further  discussed  in 
Section  V-B.  An  implication  of  the  present  result  is  that 
the  present  coated  and  uncoatcd  Nb/MoSi2  laminates  are 
in  the  range  of  low  constraints  (i.e.,  long  decohesion 
length).  The  experimental  evidence  for  this  is  that  the 
maximum  stress  reached  by  the  laminate  composites  with 
1.0-mm  Nb  lamina  is  almost  the  same  for  different  de- 
cohesion  lengths  ranging  from  ~5  to  ~I5  mm. 

B.  Effect  of  Reinforcement  Size 

A  comparison  of  the  size  effect  between  the  model 
and  experiments  for  (he  uncoated  Nb/MoSij  laminates 
is  shown  in  Figure  10.  The  input  data  for  the  model  are 
from  Eq.  (2)  and  Tables  II  and  IV,  with  each  size  of  Nb 
having  its  own  measured  parameters  and  properties.  The 
input  of  Young’s  modulus  is  from  the  slope  of  the  stress- 
strain  curve  of  the  unconstrained  Nb  in  a  simple  tensile 
lest.  As  shown  in  Figure  10,  the  model  fits  the  experi¬ 
mental  data  reasonably  well,  except  the  stage  of  the  lo¬ 
calized  plastic  deformation.  The  deviation  in  this  stage 


Fig.  |0  — The  effect  or  reinforcement  size  on  the  stress-displacement 
curve.  A  I,  B  I,  and  Cl  (solid  lines)  are  experimental  curves  of  the 
composites  with  0.25-,  0.S-.  and  1.0-mm-lhick  Nb  laminae,  respec¬ 
tively;  A2.  B2.  and  C2  (dashed  lines)  are  results  from  the  model  for 
composites  with  0.25-,  0.5-.  and  1.0-mm-thick  Nb  laminae,  respec¬ 
tively. 


is  largely  due  to  the  difference  between  the  real  and  as¬ 
sumed  contours  of  the  neck,  as  discussed  in  Section 
V-A.  The  parameters  calculated  from  the  model  are 
summarized  in  Table  V.  It  is  noted  that  the  calculated 
maximum  stress,  the  work  of  rupture,  and  the  normal¬ 
ized  work  of  rupture  arc  all  close  to  the  measured 
counterparts.  It  is  clear  that  the  estimation  of  the  max¬ 
imum  stress,  the  work  of  rupture,  and  the  normalized 
work  of  rupture  can  be  made  from  the  model. 

Reinforcements  used  in  composites  may  be  smaller  in 
size  than  those  tested  in  the  present  study.  To  predict  the 
work  of  rupture  for  the  small  size  of  reinforcements,  it 
is  necessary  to  know  the  dccohcsion  length  in  advance 
for  use  of  the  model.  A  plot  of  tr™,  vs  decohesion  length, 
computed  from  the  model  for  the  composites  with 
0.25-mm  Nb  lamina,  is  shown  in  Figure  II.  It  is  noted 
that  there  exists  a  characteristic  decohesion  length,  dr. 
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Fig.  ||  — A  plot  of  <r„.  vx  dccohcsion  length.  Arrow  A  shows  char¬ 
acteristic  dccohcsion  length,  and  arrows  B,  C,  anAD  show  the  mea¬ 
sured  dccohcsion  lengths  of  the  composites  containing  uncoated,  Al,0,- 
coated,  and  ZrO,-coa(ed  Nb  laminae,  respectively. 


below  which  crml,  becomes  very  sensitive  to  the  de¬ 
cohesion  length.  Computation  or  the  model  shows  that 
the  characteristic  dccohesion  length  is  equal  to  twice  the 
thickness  of  the  niobium  and  that  the  normalized  work 
of  mpture  with  the  characteristic  dccohesion  length,  called 
the  characteristic  normalized  work  of  rupture,  is  constant 
regardless  of  the  size  of  (he  reinforcement. 

The  measured  dccohesion  lengths.  dm,  in  the  present 
study  are  all  larger  than  However,  the  ratio  of  dm  to 
dr  is  found  to  be  a  linear  function  of  size  of  the  rein¬ 
forcement,  as  shown  in  Figure  12.  The  relations  found  arc 

dm/d,  ~  0.66  +  I0.72r  (for  AIjO, -coated  laminates) 
dm/dr  =  0.66  +  8.70/  (for  uncoatcd  laminates)  1 1 1} 

It  is  noted  that  dm  becomes  closer  to  d,  as  the  size  of 
the  reinforcement  decreases,  suggesting  that  the  nor¬ 
malized  work  of  rupture  becomes  smaller  and  closer  to 
the  characteristic  normalized  work  of  rupture.  The  oxide 
coating  changes  the  slope  of  the  line,  indicating  that  the 
coating  enhances  decohesion,  and  the  effect  becomes 
larger  as  the  size  of  the  reinforcement  increases.  With 
Eq.  [II],  the  decohcsion  length  of  the  small  size  of  the 
reinforcement  can  be  predicted,  and  the  work  of  rupture 
can  be  calculated  from  the  model.  A  plot  generated  in 
this  way  is  shown  in  Figure  13,  which  shows  that  E, 
decreases  with  decreasing  size  of  the  reinforcement,  a 
general  trend  found  in  the  experiments.  The  discrepancy 
in  the  values  between  the  predicted  and  measured  work 
of  ruptures  is  believed  to  be  mainly  related  to  the  dif¬ 
ference  between  the  assumed  and  real  contours  of  the 
neck,  as  discussed  in  Section  V-A.  Notwithstanding  the 
discrepancy,  the  model  deviates  from  the  experiments  by 
only  about  ±20  pet  and  is  still  capable  of  predicting  the 
general  trend  of  the  change  of  the  work  of  rupture  with 
the  size  of  duciile  phase.  Thus,  as  a  first  approximation, 
the  model  can  be  used  to  estimate  the  contribution  of 
ductile  reinforcements  to  the  toughness  of  a  brittle  ma¬ 
trix  composite. 

C.  Effect  of  Yield  Strength  and  Work  Hardening 

Effects  of  yield  strength  and  work  hardening  on  the 
work  of  rupture  are  evaluated  by  substituting  the  prop¬ 
erties  of  several  different  materials  into  the  model.  The 
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Fig.  12  —  A  plol  of  ritio  of  Ihc  measured  to  characteristic  dccohesion 
lengths  as  a  function  of  reinforcement  size. 


properties  are  obtained  from  Reference  27,  and  the  true 
stress-strain  curves  for  some  materials  arc  shown  in 
Figure  14.  It  is  noted  that  both  4340  steel  and  70/30 
brass  have  a  higher  work-hardening  rate  than  the  Nb  used 
in  the  present  study.  The  computed  stress-displacement 
curves  are  shown  in  Figure  15,  and  the  input  and  output 
data  are  summarized  in  Table  VII.  It  is  clear  that  the 
work  of  rupture  increases  with  increasing  work-hardening 
rate.  Although  70/30  brass  has  the  lowest  yield  strength, 
its  high  work-hardening  rate  enables  it  to  have  a  much 
higher  work  of  rupture  than  both  4340  steel  and  Nb,  both 
of  which  have  a  higher  yield  strength  than  the  brass.  The 
reason  for  such  phenomena  is  that  a  high  work-hardening 
rate  reinforcement  has  a  higher  increase  rate  in  the  load¬ 
carrying  ability,  and  instability  (/.*.,  the  localized  plas¬ 
tic  deformation  within  the  necking  region),  therefore, 
comes  later  than  a  low  work-hardening  rate  reinforce¬ 
ment.  Thus,  high  work-hardening  rate  reinforcements  have 
a  relatively  longer  stage  of  plastic  deformation  in  the  whole 
dccohesion  region,  leading  to  more  energy  being  dissi¬ 
pated  and  a  higher  work  of  rupture.  It  is  noteworthy  that 
the  brass  has  a  very  high  normalized  work  of  rupture, 
which  suggests  that  the  normalized  work  of  mpture  could 
probably  be  used  as  an  indicator  of  the  efficiency  with 
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Fig.  13 — The  normalized  work  of  mpture  a*  a  function  of  reinforce¬ 
ment  size. 


Fig.  14 — The  true  stress-strain  curves  of  some  of  the  materials  used 
for  evaluating  effects  of  yield  strength  and  work  hardening. 


Fig.  15 — Computed  stress-displacement  curves  using  the  data  in 
Fig.  14  and  Table  VII. 


which  the  work  hardening  contributes  to  enhancing  the 
work  of  rapture. 

When  yield  strength  is  very  high,  such  as  0.6  pet  C 
steel  in  Table  VII,  the  work  of  rupture  is  also  very  high. 
As  shown  in  Table  VII,  0.6  pet  C  steel  has  a  much  higher 
work  of  rapture  than  70/30  brass,  although  it  has  a  lower 
work-hardening  rate  than  the  brass.  The  contribution  of 
yield  strength  to  the  work  of  rupture  is  mainly  to  in¬ 
crease  the  maximum  stress  reached  by  the  constrained 
reinforcement.  From  the  previous  discussion,  it  is  con¬ 
cluded  that  both  the  high  work-hardening  rate  and  yield 
strength  are  beneficial  to  the  work  of  rapture.  Work 
hardening,  however,  is  more  effective  in  enhancing  the 
work  of  rapture  than  yield  strength,  because  a  high  work¬ 
hardening  rate  delays  the  instability  of  deformation  for 
constrained  ductile  reinforcements;  therefore,  more  ma¬ 
terial  of  the  reinforcements  participates  in  plastic  defor¬ 
mation,  and  more  energy  has  to  be  consumed. 


VI.  CONCLUDING  REMARKS 

I.  The  present  set  of  experiments  demonstrates  that  flow 
behavior  of  constrained  ductile  reinforcement  de¬ 
pends  strongly  on  the  intrinsic  properties  and  size  of 
the  reinforcement  and  the  properties  of  the  matrix/ 
reinforcement  interface.  The  maximum  stress  reached 
by  the  constrained  reinforcement  increases  as  the 
strength  of  the  reinforcement  and  constraints  in- 
creases.Constraints,  indicated  by  dccohcsion  length, 
are  found  to  be  related  to  the  interfacial  properties 


and  size  of  the  reinforcement.  Dccohcsion  length  in¬ 
creases  from  the  uncoatcd  to  the  oxide-coated  lami¬ 
nates  and  increases  with  increasing  size  of  the 
reinforcement.  Dependence  of  the  decohesion  length 
on  the  size  of  the  reinforcement  is  attributed  to  the 
dependence  on  the  size  of  the  reinforcement  of  the 
length  of  the  necking-affected  region  and  the  lateral 
displacement  difference  between  the  matrix  and  re¬ 
inforcement  at  the  interface. 

2.  The  normalized  work  of  rapture,  E„  is  found  to  be 
dependent  on  the  size  of  the  reinforcement.  The  E, 
decreases  with  decreasing  size  of  the  reinforcement 
and  increases  with  dccohcsion  length.  The  results  in¬ 
dicate  that  both  the  weak  interface  and  the  large  size 
of  reinforcement  improve  the  toughness  of  the 
composites. 

3.  Based  on  the  observation,  the  flow  behavior  of  the 
constrained  reinforcement  has  been  divided  into  three 
stages:  (I)  elastic  deformation;  (2)  plastic  deforma¬ 
tion  within  the  decohesion  region;  and  (3)  localized 
plastic  deformation  within  the  necking  region.  An  ap¬ 
proximate  model  has  been  developed  to  describe  these 
three  stages.  The  model  gives  insight  into  the  influ¬ 
ence  of  decohesion,  yield  strength,  work  hardening, 
and  size  of  the  reinforcement  on  the  stress-displacement 
curve.  The  overall  shape  of  the  a-u  curves  generated 
by  die  model  fits  the  measured  curves  reasonably  well. 

4.  Computation  or  the  model  indicates  that  the  work  of 
rapture  is  enhanced  by  a  relatively  weak  bond  at  the 
matrix/reinforcemcnl  interface,  by  a  large  size  of  re¬ 
inforcement,  and  by  a  high  yield  strength  and  work- 
hardening  rate.  A  high  work-hardening  rate  is  more 
effective  in  enhancing  work  of  rapture  than  is  a  high 
yield  strength. 

5.  Computation  of  the  model  suggests  that  there  is  a 
characteristic  decohesion  length,  dr,  with  which  the 
normalized  work  of  rapture,  E„  is  constant  regardless 
of  the  size  of  the  reinforcement.  It  is  found  that  the 
deviation  of  the  measured  decohesion  length  from  dc 
increases  with  increasing  size  of  the  reinforcement, 
which  leads  to  E,  increasing  with  increasing  size  of 
the  reinforcement.  A  relationship  between  dm  and  dc 
is  found,  which  allows  the  prediction  of  the  real  de¬ 
cohesion  length  for  the  small  size  of  the  reinforce¬ 
ment  and,  therefore,  the  calculation  of  the  work  of 
rupture  for  the  specific  size  of  the  reinforcement. 
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Table  VII.  The  Input  and  Output  Data  for  Computing  the  Stress-Displacement 
Curves  Shown  in  Figure  16  (the  Thickness  of  all  Materials  is  Assumed  as  0.5  mm) 


Material 

Input  Data 

Output  Data 

<t,  =  Ke," 
(MPa) 

o-o 

(MPa) 

E 

(GPa) 

<Tm,n 

(MPa) 

(1/m1) 

E, 

Nb 

363  c"0*5 

210 

105 

0.39 

329 

196,000 

3.7 

SAE  4340  steel 

642c" 15 

230 

193 

0.29 

496 

351,000 

6.1 

0.6  pet  C  steel 

1573c,010 

500 

199 

0.29 

1337 

801,000 

6.4 

70/30  brass 

897  e? 40 

80 

III 

0.30 

483 

662,000 

33.1 
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APPENDIX 

Finite  clement  analysis  (FEA)  of  the  stress  distribution 
across  the  neck  and  the  contour  of  the  dccohcsion  region 
during  the  elastic  deformation  was  implemented  using 
the  finite  element  software  package  ANSYS.  Due  to  the 
symmetry,  only  one-quarter  of  the  specimen  was  ana¬ 
lyzed  using  two-dimensional  four-node  isoparametric 
elements  with  an  assumption  of  plane-strain  deforma¬ 
tion.  A  typical  finite  element  model  for  the  constrained 
Nb  is  shown  in  Figure  16.  The  displacement  at  the  mid¬ 
plane  of  the  neck  was  allowed  only  in  the  jr-direction, 
and  the  bonded  boundaries  of  Nb  to  the  matrix  and  to 
the  axial  central  plane  were  allowed  to  displace  only  in 
the  z-direction,  as  shown  in  Figure  16. 

Results  from  the  FEA  for  the  case  of  a  constrained 
1.0-mm  Nb  lamina  with  a  2.28-tnm  dccohcsion  length 
under  a  nominal  axial  stress  of  150  MPa  arc  presented 
in  Figures  17  and  18.  Figure  17  compares  the  assumed 
contour  of  the  decohesion  region  with  the  FEA  result. 
The  data  show  that  the  assumed  contour  deviates  from 
the  FEA  result,  leading  to  a  smaller  crack-opening  dis¬ 
placement  compared  to  the  finite  element  analysis.  How¬ 
ever,  the  difference  is  so  small  that  it  introduces  negligible 
errors  to  the  computation  of  the  work  of  rupture. 

Evaluation  of  the  effective  stress  distribution  across 
the  midplane  of  the  neck  is  shown  in  Figure  18.  Clearly, 
the  effective  stress  is  not  constant  across  the  midplanc 
but  increases  from  the  free  surface  to  the  center  of  the 


Fig.  16 — The  mesh  and  boundary  conditions  used  for  analysis  of 
constrained  Nb. 


Z,  mm 


Fig.  17  —  A  comparison  between  the  assumed  contour  and  finite  ele¬ 
ment  analysis  of  the  dccohcsion  region.  The  values  of  X  and  Z  are 
defined  in  Fig.  I  A. 


Fig.  18 — The  effective  stress  distribution  at  the  midplane  of  the  neck. 


neck.  Although  the  assumed  constant  effective  stress  does 
not  represent  the  real  stress  distribution,  the  crack-open¬ 
ing  displacement  calculated  according  to  the  assump¬ 
tions  is  not  much  different  from  the  finite  element  analysis, 
as  shown  in  FigOre  17.  Similar  results  were  also  obtained 
from  the  calculation  of  constrained  0.25-  and  0.5-mm 
Nb  laminae.  Thus,  it  is  concluded  that  the  assumed 
constant  effective  stress  and  contour  of  the  decohesion 
region  impose  negligible  errors  on  the  calculation  of  the 
cr-u  curve  and  the  work  of  rupture. 
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Abstract 


Effects  of  the  matrix/rcinforcement  interface,  and  the  mechanical  properties  and  size  of  the  ductile 
reinforcement  on  the  flow  behavior  of  the  constrained  ductile  reinforcement  have  been  evaluated 
wlnM^Se t«lon  a  single  Nb  lamina  imbedded  in  MoSi2  matrix.  Three  different  thicknesses 
of  Nb  foils  (1.0,  0.5  and  0.25  mm)  have  been  tested.  Variation  of  interfacial  bonding  was 
achieved  by  depositing  an  oxide  coating  (A1203  or  Z1O2)  or  by  the  development :of  a  react  on 
nroduct  layer  between  the  reinforcement  and  matnx.  It  was  found  that  work  of  rupture  of  the 
ductile  reinforcement  increased  with  size  of  the  ductile  reinforcement  and  with  decreasing 
bonding  strength  at  the  matrix/rcinforccment  interface.  Such  results  suggested  that  both  of 
increasing  sizc^f  ductile  reinforcement  and  obtaining  a  relatively  weak  interface  were  conducive 
to  toughness  of  the  composites.  It  was  also  found  that  the  work  of  rupture  normalized  by  size 
and  yield  strength  of  the  reinforcement  was  dependent  on  the  interfacial 

reinforcement.  The  results  were  interpreted  in  terms  of  the  dependence  of  the  dccohcsion  length 
on  the  interfacial  properties  and  size  of  the  reinforcement. 


i.  Introduction 


Numerous  studies  have  shown  that  improved  fracture  toughness  can  be  achieved  by  the 
incorporation  of  a  ductile  second  phase  into  a  brittle  matrix.  Examples  of  current  or  potential 
technological  significance  arc  tungsten  carbide  toughened  with  cobalt  network  [1,2],  zirconia 
toughened  with  zirconium  network  (3),  alumina  toughened  with  dispersed  molybdenum  (4), 
magnesia  toughened  with  cobalt  and  nickel  particles  or  fibers  (5),  and  glass-enamels  toughened 
with  dispersed  aluminum  and  nickel  particles  [6].  Successful  toughening  has  also  been  observed 
in  titanium  aluminide  (7)  and  molybdenum  disilicide  [8,9]  reinforced  with  niobium  pancake  or 
filament. 

The  primary  toughening  mechanism  of  ductile  reinforcement  has  been  attributed  to  the  bridging 
of  ductile  ligaments  (10-14).  The  contribution  to  fracture  toughness  from  bridging  can  be 
estimated  by  extending  cohesive  force  model  [15]  to  ligament  bridging  [11,12]  and  can  be 
written  as 

(  U* 

AC  =  V,  G(U)dU  .  0) 

1  Jo 

where  o(U)  is  the  nominal  stress  carried  by  the  constrained  ductile  reinforcement  for  a  given 
crack  opening  U,  Vf  is  volume  fraction  of  the  ductile  reinforcement,  U*  is  the  crack  opening  at 

the  point  when  the  ductile  reinforcement  fails  and  the  definite  integral,  designated  as  is  the 
work  of  rupture  of  the  constrained  ductile  ligament.  Thus,  the  key  to  predict  the  increased 
fracture  toughness  is  to  calculate  o(u)  as  a  function  of  crack  opening.  Recognizing  that  c(u)  is 
different  from  that  measured  in  a  simple  tensile  test,  several  investigators  [16-18]  have  used  a 

test  procedure  to  evaluate  o(u).  The  test  procedure  is  based  on  the  concept  that  the  stress- 
displacement  relationship  obtained  from  one  ductile  reinforcement  imbedded  in  a  brittle  matrix 
can  be  used  to  describe  the  mechanical  characteristics  of  the  reinforcements  in  the  composites. 
Their  results  demonstrated  that  flow  behavior  of  constrained  ductile  phases  was  governed  by  the 

yield  strength.  00,  work  hardening  coefficient,  n,  and  the  decohesion  length,  d,  at  the 
matrix/rcinforccmcnt  interface.  Clearly,  more  work  needs  to  be  done  in  this  area  to  evaluate  the 

effect  on  a(u)  of  the  intrinsic  properties  of  the  ductile  reinforcement  (yield  strength,  work 
hardening  and  ductility),  interfacial  properties  and  size  of  the  ductile  phases. 

The  principle  intent  of  the  present  study  is  to  experimentally  examine  the  effects  of  properties  of 
the  matrix/rcinforccmcnt  interface  and  size  of  ductile  phase  on  its  flow  behavior,  and  therefore  on 
the  enhanced  fracture  toughness  of  the  composite.  The  system  selected  for  investigation  was 
MoSi2  matrix  reinforced  with  Nb.  Since  the  two  components  used  have  similar  coefficients  of 
thermal  expansion,  the  residual  thermal  stresses  were  minimized,  thus  simplifying  the  present 
stress  analysis.  Specimens  with  laminated  form  have  been  used,  because  of  the  ease  of 
producing  the  composites  with  controlled  properties,  but  it  still  serves  the  purpose  of  the  present 
study.  The  results  showed  that  work  of  rupture  of  the  ductile  reinforcement  increased  with  size 
of  the  ductile  reinforcement  and  with  decreasing  bonding  strength  at  the  matrix/rcinforccmcnt 
interface.  Such  results  suggested  that  both  of  increasing  size  of  ductile  reinforcement  and  having 
a  relatively  weak  interface  arc  conducive  to  toughness  of  the  composites. 

II.  Experimental 

Disc  shaped  laminated  specimens  were  prepared  by  stacking  a  Nb  foil  with  two  layers  of  MoSn 
powder  (-325  ntesh)  at  an  appropriate  ratio,  and  then  vacuum  hot  pressing  at  1400°C  for  1  hour 
tinder  a  pressure  of  40  MPa.  in  order  to  minimize  residual  thermal  stresses,  the  hot  pressed  discs 
were  held  in  the  hot  pressing  chamber  at  800°C  for  1  hour  before  cooling  down  to  room 
temperature.  The  residual  thermal  stresses  induced  with  such  processing  have  been  estimated  to 
be  small  with  a  tensile  stress  of  19  MPa  in  the  matrix  and  a  compressive  stress  of  79  MPa  in  the 
Nb  on  the  lamina  plane  ( 19].  Three  different  thicknesses  of  Nb  foils  (1.0,  0.5  and  0.25  mm) 
with  a  purity  of  99.8%  were  used  to  prepare  the  laminated  specimens.  Variation  of  the 


matrix/rcinforccment  interfaces  was  achieved 
by  depositing  different  oxide  coatings 
(AI2O3  or  Z1O2)  to  the  Nb  surface  prior  to 
the  hot  pressing  or  by  the  development  of  a 
reaction  product  layer  between  the  matrix 
and  reinforcement.  Details  of  the  coating 
procedures  can  be  found  in  Reference  (9). 

The  hot  pressed  discs  were  cut  into 
rectangular  tensile  test  bars  with  dimensions 
of  5.0x3.9x30.0  mm,  as  shown  in  Fig.  1. 
Straight-through  notches  in  the  MoSi2 
matrix  were  introduced  using  a  diamond 
wafering  blade  with  a  thickness  of  0.15  mm. 
Distance  from  the  notch  tip  to  the  laminate 

interface  is  300  pm  for  1.0  mm  thick  Nb 

lamina  and  200  pm  for  0.5  and  0.25  mm 
thick  Nb  laminae.  Such  distances  have  been 
found  to  be  small  enough  not  to  distort  the 
stress-displacement  curve  of  the  constrained  ductile  reinforcement  and  at  the  same  rime  remain  an 
appropriate  degree  of  elastic  constraint  from  the  matrix  [20]. 

Displacement  controlled  tensile  tests  were  conducted  using  INSTRON  with  a  displacement  speed 
of  0.005  in/min.  The  wedge  type  grips  were  used  to  clamp  the  specimens  and  load  train 
alignment  was  achieved  by  coupling  the  top  grip  to  a  universal  joint.  The  load  was  recorded  as  a 
function  of  cross  head  displacement 

To  obtain  the  intrinsic  mechanical  properties  of  Nb  used,  tensile  and  hardness  tests  were 
conducted  on  the  as-received  and  processed  Nb  foils.  The  processed  Nb  foils  were  obtained 
from  hot  pressed  Z1O2  coated  Nb/MoSi2  composites  by  breaking  all  the  MoSi2  on  both  sides  of 
the  Nb  foil.  This  is  not  very  difficult  to  do  due  to  a  relative  weak  bonding  between  Nb  and 
MoSi2  at  the  presence  of  a  ZrC>2  coating  layer  (it  is  described  in  Section  3.2) . 

III.  Results  and  Discussion 

3.1  Mechanical  Properties  of  Unconstrained  Niobium 

Properties  measured  from  the  processed  Nb  and  as-received  Nb  arc  summarized  in  Table  1.  The 
data  show  that  strength  of  Nb  has  increased  after  hot  pressing  except  for  the  1.0  mm  Nb  foils, 
but  the  rate  of  strain  hardening  increased  for  all  the  niobium.  Such  changes  arc  believed  to  be  due 

Table  1.  Mechanical  properties  of  the  niobium  used 


MoSi 


Fig.  1  Schematic  of  a  composite  laminate  test 
specimen. 


Processing 

condition 

As  received 

Hot  pressed 

(Zr02  coated,  I400®C,  40  MPa  for  1  hr) 

Thickness  of 

Nb  foil  (mm) 

wm 

0.5 

0.25 

Microhardness  (HV) 

79.4 

82.3 

104 

114 

131 

Yield  strength  (CFo,  MPa) 

204 

121 

123 

180 

211 

236 

Tensile  strength  (Ou,  MPa) 

277 

195 

204 

221 

260 

285 

Elongation  (5)  ' 

0.403 

0.523 

0.468 

0.317 

0.175 

0.103 

Strength  coefficient  (MPa) 

"43 T~ 

353 

356 

3 W~~ 

386 

Strength  hardening 
coefficient  (n) 

0.173 

0.245 

0.243 

0.165 

0.085 

0.076 

0(v/UV 

1.85 

1.52 

1.49 

1.73 

1.85 

1.80 

0,,/IIV 

2.52 

2.45 

2.48 

2.12 

2.1 

Fig.  2  Optical  microstructurcs  of  Nb  foils,  (a)  as-received,  1.0  mm  thick;  (b)  processed  ,  1.0 
mm  thick;  (c)  as-received.  0.5  mm  thick  and  (d)  processed,  0.5  mm  thick.  Note  that  different 
magnifications  arc  used. 

to  a  combination  of  two  competitive  processes  during  hot  pressing:  (1)  grain  growth  of  Nb,  as 
shown  in  Fig.  2;  (2)  solid  solution  strengthening  because  of  the  equilibrium  of  Nb  with  the 
silicidcs  formed  at  the  matrix/rcinforccmcnt  interface,  as  shown  in  Fig.  3.  For  1.0  mm  Nb  foils, 

grain  size  has  changed  from  15  to  -500  pm.  which  leads  to  a  large  decrease  in  strength  and 
overshadows  the  increase  due  to  the  solid  solution  hardening.  For  0.5  and  0.25  mm  Nb  foils, 

grain  size  has  changed  from  50  to  -370  pm  and  from  48  to  -300  pm,  respectively.  However, 
shorter  diffusion  distance  to  the  center  of  the  niobium  has  made  solid  solution  hardening 
dominate  over  the  softening  due  to  the  grain  growth  Therefore,  0.5  and  0.25  mm  Nb  foils  show 
an  increased  strength  after  hot  pressing. 

It  is  noted  in  table  I  that  the  tensile  strength  and  Vicker  s  hardness  exhibit  a  definite  relationship, 

i.  e.,  Ou/!IV  equals  to  2.48  ±  0.04  and  2.19  ±  0.08  for  the  as-received  and  processed  Nb, 
respectively,  Such  definite  relation  has  also  been  reported  for  other  materials  1 2 1 1.  Ratio  of  the 
yield  strength  to  the  Vicker's  hardness  is  also  approximately  a  constant,  as  shown  in  Table  1. 

1  he  results  indicate  (hat  it  is  reasonable  to  infer  the  strength  of  the  niobium  from  the  hardness 
measured.  Hardnesses  of  Nb  hot  pressed  with  different  conditions  arc  summarized  in  Table  2. 
Hie  table  shv-ss  that  the  hardnesses  are  almost  the  same  for  each  group  of  Nb  based  on  die  size. 
Due  to  such  hardness  results,  the  stress-strain  relations  for  the  unconstrained  uncoated  and  AI2O3 
coated  Nb  can  be  assumed  to  l>e  the  same  as  that  of  the  processed  Nb  which  is  die  7.iOi  uncoatcd 
Nb  before  MoSii  on  both  sides  of  the  Nb  foils  has  Iven  broken  away. 


1  0  prr» 


Fig.  3  Interfacial  microstmcturcs  of  (a)  uncoatcd,  (b)  AI2O3  coated  and  (c)  Z1O2  coated 
Nb/MoSi2  laminated  composites. 


Typical  engineering  stress-strain  curves  for 
300  A  A:  025  mm  different  sizes  of  the  processed  Nb  foils  are 

_ D  B:  0.5  mm  shown  in  Fig.  4.  As  seen  in  the  figure, 

240  /  \  _ C:  1.0  mm  strengths  and  rate  of  work  hardening  arc 

'  V\  different  for  different  sizes  of  Nb.  It  is 

£  180  \  C  \  believed  that  such  difference  is  mainly  due  to 

S  /  \  \  \  ihc  differences  in  grain  size  and  solid 

3  120  \  \  \  solution  strengthening,  as  discussed  above. 

„  I  \  \  \  From  the  above  discussion,  it  is  clear  that 

60 1  I  \  v.  \  the  intrinsic  mechanical  properties  of  the  Nb 

j  j  \  \  V  reinforcement  in  the  composites  arc  different 

0 „  ....  __,c  from  those  of  the  Nb  before  the 

0  0078  0.157  0.236  0.3  5  C0mp0Siting.  It  is  believed  that  such  change 

Suiin  in  properties  due  to  hot  compaction 

Fig.  4  Typical  engineering  stress-strain  curves  processing  is  a  common  phenomenon  for 
for  three  different  thicknesses  of  the  processed  ductilc-phasc-rcinforced  brittle  matrix 
Nb  foils.  composites,  because  most  of  them  have  to 

be  fabricated  with  high  temperature  processing  techniques.  Even  in  chemically  compatible 
composites,  change  of  grain  size  will  cause  property  change  of  the  ductile  reinforcements.  Such 
change  imposes  difficulty  on  the  prediction  and  modeling  of  the  composite  properties. 
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An  edge  view  of  the  unconstrained  and  constrained  uncoatcd  Nb  foils  after  tensile  test  is  shown 
in  Fig.  5.  As  seen  in  the  figure,  Nb  foils  fail  by  drawing  down  to  a  wedge  for  boih  the 
constrained  and  unconstrained  conditions.  All  three  different  sizes  of  Nb  foils  show  ihc  same 
failure  mechanism,  as  shown  in  Fig.  5.  Furthermore,  such  necking  is  also  observed  for  all  the 
coated  Nb. 

Details  of  the  interfaces  for  the  coated  and  uncoatcd  foils  arc  shown  in  Fig.  3.  As  seen  in  the 
figure,  the  coated  foils  contain  three  interfaces  between  the  matrix  and  reinforcement: 

fable  2.  Microhardness  of  Nb  with  different  processing  conditions 
_ (hot  pressed  at  I400°C,  40MI’a  for  I  hr) 


I'hickncssof  1.0  03  0.25 

Nb  foil  (mm) 


Fig.  5  An  edge  view  of  fractured  specimens,  showing  contour  of  the  neck,  (a)  is  a 
unconstrained,  processed  Nb  foil  with  a  thickness  of  1.0  mm,  (b),  (c)  and  (d)  arc  constrained  Nb 
with  thicknesses  of  1.0,  0.5  and  0.25  mm,  respectively.  Note  that  different  magnifications  arc 
used. 


MoSi2/coating/Nb5Si3/Nb;  whereas,  the  uncoated  foils  contain  two  interfaces  : 
MoSi2/(Mo,Nb)5Si;j/Nb.  Examination  of  the  microstructurcs  on  the  tested  specimens  show  that 
decohesion  of  the  AI2O3  and  TsQi  coated  Nb  from  the  matrix  was  largely  due  to  debonding  at  the 
interfaces,  as  shown  in  Fig.  6,  while  decohesion  in  the  uncoatcd  Nb  came  largely  from  the 

matrix  fracture,  as  shown  in  Fig.  5.  This  is 
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l  ie.  6  An  edge  view  of  a  fractured  AI2O3 
coaled  Nb/MoSi2  composites  laminate,  showing 
inteifacial  debonding. 


in  agreement  with  a  related  study  (22), 
which  shows  that  the  uncoated  interface  has 
a  higher  interfacial  fracture  energy  than  the 
fracture  energy  of  the  matrix,  while  the 
oxide  coated  interfaces  have  a  lower 
interfacial  fracture  energy  than  the  matrix. 
Thus,  it  is  expected  the  matrix  would 
fracture  before  the  interface  fails  in  the  ease 
of  the  uncoated  Nb,  as  contrasted  with 
predominance  of  interfacial  failure  in  the 
ease  of  the  coated  Nb. 

Doth  interfacial  failure  and  matrix  fracture 
create  a  "gauge  length"  at  the 
matrix/rcinforcemcnt  interface  which  is 
virtually  a  region  free  from  constraints  of  the 
matrix  and  is  called  decohesion  length  in  the 
text  Hie  measured  decohesion  lengths  arc 


Table  3.  Dccohcsion  length  in  (he  MoSi2/Nb  composites 
(ho(  pressed  at  I4(X)^C,  40MPa  for  I  hour) 


Thickness  of 
Nb  foil  (mm) 

1.0 

- nr~ 

0.25 

Processing 

condition 

Uncoatcd  AI2O3  Z1O2 
coated  coated 

Uncoatcd  AI2O3 
coated 

Zr(>2  1 

coated 

Jneoated  AI2O3  Zr02 
coated  coated 

Dccohcsion 
length  (mm) 

Decohesion 

10  .!.  5  all  the  way 
to  the  grips. 

2.910.4  3.310.4 

Dccohcsion 
all  the  way 
to  the  grips. 

0.9410.23 

0.8610.09  1.3010.61 

summarized  in  Table  3.  The  data  show  that  within  each  sizb  group,  decohesion  length  increases 
from  the  uncoatcd  t<*  AI2O3  coated  and  then  to  Zr02  coated  Nb/MoSi2  composites.  Such  results 
arc  consistent  with  (lie  measurement  of  the  intcrfaciai  fracture  energy  |22|,  which  shows  that  the 
uncoatcd  Nb/MoSi;  lias  the  highest  intcrfaciai  fracture  energy,  followed  by  the  AI2O3  coated  and 
then  Zr02  coated  Nh/MoSi2  composites. 

Increase  of  the  dccolicsion  length  with  the  thickness  of  Nb  foils,  as  shown  in  Table  3.  is  believed 
to  be  mainly  related  to  the  necking  of  the  Nb.  Fig.  7  shows  schematically  effect  of  the  necking  on 
the  dccolicsion  length.  Length  of  the  Nb  region  affected  by  necking,  2H,  is  proportional  to  the 
thickness  of  the  Nb,  as  shown  in  Fig.  5.  Approximately,  H  is  1.3  times  of  the  thickness  of  Nb, 
measured  from  Fig.  5.  Large  lateral  displacement  of  Nb  in  the  necking  affected  region  gives  rise 
to  large  transverse  stresses  which  lead  to  the  intcrfaciai  debonding  and/or  matrix  fracture.  Titus, 
the  thicker  the  niobium,  the  longer  the  necking  affected  region,  and  therefore  the  longer  the 
dccohcsion  length.  If  the  interface  bonding  is  relatively  weak,  such  as  the  AI2O3  and  ZrC>2  coated 
interfaces,  the  transverse  stresses  aroused  by  lateral  displacement  of  the  Nb  during  uniform  strain 
can  be  large  enough  to  cause  the  intcrfaciai  debonding  all  the  way  to  the  test  grips.  During  the 
uniform  strain,  die  lateral  displacement  of  Nb  right  at  the  interface  is  proportional  to  thickness  of 
the  Nb.  Therefore,  dccohcsion  by  this  mechanism  is  easier  to  occur  in  thick  Nb  composites  than 
in  thin  Nb  countcqiarts,  as  indicated  in  Table  3. 


The  failure  mechanism  observed  in  the  present  study  suggests  that  flow  behavior  of  the 
constrained  Nb  can  lie  simplified  into  three  stages:  (I)  clastic  deformation;  (2)  plastic  deformation 
within  the  dccohcsion  region;  (3)  localized  plastic  deformation  within  the  necking  region.  Such 
processes  arc  illustrated  in  Fig.  8.  The  crack  opening  of  the  matrix  can  be  directly  related  to  the 
deformation  of  Nb  in  the  dccohcsion  zone.  At  the  early  stage  of  crack  opening,  Nb  only 
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Fig.  7  A  schematic  showing  effect  of  necking  on  the  dccohcsion  length. 


a.  1:  lastic  deformation, 


b.  Plastic  deformation. 


Fig.  8  A  schematic  of  three  stages  of  deformation  for  constrained  Nb.  2H  is  the  length  of 
the  necking  affected  region,  2a  is  remaining  thickness  of  the  reinforcement  and  U  is 
displacement. 

undergoes  clastic  deformation,  as  shown  in  Fig.  8a.  As  crack  opening  increases,  Nb  enters  the 
stage  of  plastic  deformation  (Fig.8b).  At  last,  the  work  hardening  rate  of  the  niobium  at  the 
central  portion  of  the  decohesion  region  is  lower  than  stress  increase  rate  due  to  decrease  in  the 
cross  section  area  of  the  reinforcement,  the  localized  deformation  begins  (Fig.8c),  which  lead  to 
the  final  failure  of  the  Nb  lamina.  Such  simplified  deformation  processes  can  be  used  to  model 
stress-displacement  behavior  of  the  constrained  Nb,  as  presented  in  a  related  study  (23). 

3.3  Stress-Displacement  Curves  of  Constrained  Niobium 

Fig.  9  shows  typical  stress-displacement  curves  for  the  uncoatcd  Nb  foils  with  different 
thicknesses  constrained  in  MoSi2  matrix.  The  parameters  measured  arc  summarized  in  Table  4. 

The  work  of  rupture  normalized  by  the  yield  strength,  oq,  and  half  thickness  of  ductile  phase,  t , 


,uq(U)dU 

Oq  t 

J* 

is  presented  as  Et  in  the  table  and  is  called  the  normalized  work  of  rupture  in  the  text  for 
convenience.  As  seen  in  the  figure  and  table,  due  to  the  different  intrinsic  properties,  the 

maximum  stresses  reached  by  the  constrained  Nb,  Om**,  arc  different  for  different  sizes  of  Nb. 
However,  if  the  omax  is  normalized  by  its  own  yield  strength,  the  normalized  maximum  stress, 

Cfmax/C^o.  exhibits  an  independence  on  size  of  Nb.  This  result  suggests  that  the  maximum  stress 
reached  is  not  a  function  of  size  of  the  ductile  phase.  It  is  noted  that  the  work  of  rupture  increases 
with  size  of  Nb,  indicating  that  large  size  of  ductile  reinforcement  is  more  effective  in  improving 
toughness  of  the  brittle  matrix  composites.  Such  size  dependence  of  work  of  rupture  is  believed 
to  be  due  to  the  increase  of  decohesion  length  with  increasing  size  of  the  ductile  phase.  It  is  also 
noted  that  the  normalized  work  of  rupture  shows  a  dependence  on  size  of  Nb.  Et  increases  wtui 
increasing  size  of  the  niobium.  The  size  dependence  of  the  normalized  work  of  rupture  is  again 
attributed  to  the  size  dependence  of  the  decohesion  length  (231.  This  result  suggests  that  the  data 
of  the  normalized  work  of  rupture  obtained  from  the  test  on  large  size  of  ductile  reinforcements 


Table  4.  Parameters  measured  (rum  the  uncoated  Table  5.  Parameters  measured  from  the 
Nb/MoSi ,>  laminates  composites  with  0.5  mm  thick  Nb  lamina 
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Fig.  9  Typical  stress-displacement  curves  of 
constrained,  uncoatcd  Nb  laminae  with 
different  thicknesses. 
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Fig.  10  Effect  of  the  coatings  on  the  stress- 
displacement  curve,  measured  from 
composite  laminates  with  0.5  mm 
thick  Nb  lamina. 


cannot  be  extended  to  small  size  of  the  reinforcements  directly. 

Effect  of  coatings  on  the  stress-displacement  curves  is  shown  in  Fig.  10.  The  parameters 
measured  arc  summarized  in  Table  5.  The  data  show  that  as  the  dccohcsion  length  increases,  i.c., 
the  constraints  on  the  reinforefcment  decreases,  the  work  of  rupture  increases.  This  is  not 
surprising  since  the  longer  the  dccohcsion  length,  the  more  ductile  material  participates  in  the 
plastic  deformation,  and  therefore  the  more  energy  is  consumed  before  fracture  occurs.  It  is 
noted  that  as  the  dccohcsion  length  increases,  the  normalized  maximum  stress  decreases, 

indicating  that  increasing  constraints  on  the  ductile  phase  increases  the  omax.  This  is  consistent 
with  theoretical  analyses  (1 1,13,16].  Table  5  also  shows  that  the  normalized  work  of  rapture  is 
dependent  on  the  interfacial  bonding  strength.  This  is  believed  to  be  due  to  the  increase  of  work 
of  rapture  with  increasing  dccohcsion  length.  The  above  results  indicate  that  limited  dccohcsion 
enhances  the  energy  consumed  to  fracture  the  constrained  ductile  reinforcement,  and  therefore 
improves  toughness  of  the  composites. 

IV.  Concluding  Remarks 

The  present  set  of  experiments  demonstrate  that  flow  behavior  of  constrained  ductile 
reinforcement  depends  strongly  on  the  intrinsic  properties  and  size  of  the  reinforcement  and  the 
properties  of  the  matrix/rcinforccmcnt  interface.  The  maximum  stress  reached  by  the  constrained 
reinforcement  increases  as  the  strength  of  the  reinforcement  and  constraints  increase. 
Constraints,  indicated  by  dccohcsion  length,  are  found  to  be  related  to  the  interfacial  properties 
and  size  of  the  reinforcement.  Decohesion  length  increases  from  the  uncoatcd  to  the  oxtde  coated 
laminates  and  increases  with  increasing  size  of  the  reinforcement.  Dependence  of  decohesion 
length  on  size  of  the  reinforcement  is  attributed  to  the  dependence  on  size  of  the  reinforcement  of 
the  length  of  the  necking  affected  region  and  the  lateral  displacement  difference  between  the 
matrix  and  reinforcement  at  the  interface.  The  results  indicate  that  both  weak  Interface  and  large 
size  of  reinforcement  improve  toughness  of  the  composites. 


The  normalized  work  of  rupture,  Ej,  is  found  dependent  on  size  of  the  reinforcement.  Et 
decreases  with  decreasing  size  of  the  reinforcement  and  increases  with  dccohcsion  length.  This 
result  suggest  that  more  work  needs  to  be  done  before  the  data  of  the  normalized  work  of  rupture 
obtained  from  die  test  on  large  size  of  ductile  reinforcements  can  be  extended  to  small  size  of  the 
the  reinforcements. 

Based  on  the  observation,  the  flow  behavior  of  the  constrained  reinforcement  has  been  simplified 
into  three  stages:  (1)  elastic  deformation;  (2)  plastic  deformation  within  the  dccohcsion  region; 
(3)  localized  plastic  deformation  within  the  necking  region.  Such  simplified  deformation 
processes  enable  the  modeling  of  the  stress-displacement  relation  to  be  implemented. 
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STUDY  OF  THE  FLOW  BEHAVIOR  OF  CONSTRAINED  DUCTILE  PHASES 


II.  MODELING 
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Abstract 

Brittle  materials  can  be  toughened  by  incorporating  ductile  reinforcements  into  them.  To  evaluate 
the  toughening  by  ducdlc  reinforcements,  it  is  necessary  to  know  the  stress-displacement  relation 
of  the  ductile  phase  constrained  by  the  brittle  matrix.  In  the  present  study,  based  on  the 
obsecrations  from  tensile  tests  on  the  specimens  of  a  single  Nb  lamina  imbedded  in  MoSi2 
matrix,  an  analytical  model  is  developed  which  gives  insight  into  the  influence  on  the  stress- 
displacement  curve  of  yield  strength,  work  hardening*,  matnx/reinforccmcnt  interfacial  bonding 
strength  and  size  of  the  reinforcement .  A  characteristic  decohesion  length,  which  is  a  function  of 
size  of  the  reinforcement,  has  been  identified  by  the  model  and  related  to  the  measured 
decohesion  length.  The  results  allow  the  extrapolation  of  the  work  of  rupture  measured  from 
large  size  of  constrained  ductile  phases  to  small  size  of  the  ductile  phases.  As  the  reinforcements 
used  in  composites  arc  usually  smaller  in  size  than  (hose  tested  in  such  tensile  tests,  the 
extrapolation  of  the  work  of  rupture  allows  the  contribution  of  ductile  reinforcements  to  the 
toughness  of  a  brittle  matrix  composite  to  be  calculated. 


lmroduOimi 

ll  has  been  established  that  substantial  toughening  of  brittle  matrices  can  be  achieved  by 
incorporating  ductile  reinforcements  [1-91.  The  primary  toughening  mechanism  of  ductile 
reinforcement  has  been  attributed  to  the  bridging  of  ductile  ligaments  (10- 14],  although  the 
ductile  reinforcements  may  also  increase  toughness  by  crack  deflection  and  by  trapping 
mechanisms.  The  contribution  to  fracture  toughness  from  bridging  can  be  esumated  by  extending 
cohesive  force  model  [15]  to  ligament  bridging  [1 1.121  and  can  be  wntten  as 


fU* 

AG  =  vJ  0(U)dU 
1  J  0 


(1) 


where  of U)  is  the  nominal  stress  carried  by  the  constrained  ductile  reinforcement  for  a  given 
crack  opening  U,  Vf  is  volume  fraction  of  the  ductile  reinforcement.  U*  ts  the  crack  opening  at 

the  point  when  the  ductile  reinforcement  fails,  and  the  definiteintegral.  designated  as  $  in  the 
text  is  the  work  of  rapture  of  the  constrained  ductile  ligament.  Thus,  the  key  point  to  predict  the 
increased  fracture  toughness  is  to  calculate  o(U)  as  a  function  of  crack  opening.  Due  to  the 
difference  between  o(U)  and  that  measured  in  a  simple  tensile  test,  several  investigators  have 

attempted  to  relate  o(TJ)  to  the  uniaxial  stress-strain  properties  of  the  ductile  phase.  The  methods 
used  included  a  slip  line  field  analysis  [11.12],  finite  element  methods  [11.13],  spnng  models 
[10  14]  and  geometric  models  (1 1.13.16].  Their  results  indicated  that  of U)  was  dependent  on 

the  intrinsic  properties  of  the  ductile  phase  and  the  constraint  ^ond,t,?"s:n^^uC.;; 
comparison  of  stress-displacement  curves  between  the  models  and  ex  pen  mental results  is  not 
very  satisfying  in  magnitude,  although  the  general  trends  are  the  same  for  lhcf*.™ 
experiments.  The  extrapolation  of  the  work  of  rapture  measured  from  large  size  of  constrained 
ductile  phases  to  small  size  of  the  ductile  phases  also  needs  to  be  invesugated. 

The  present  study  is  aimed  to  model  the  stress-displacement  relation  and  to  examine  the 
feasibility  of  extrapolation  of  the  work  of  rapture  measured  from  large  size  of  constrained  ducnic 
phases  to  small  size  of  the  ductile  phases.  Based  on  the  observations  from  tensi  c  test ion  the 
specimens  of  a  single  Nb  lamina  imbedded  in  MoSi2  matrix.  an  analytical  model  is  developed 
which  gives  insight  into  the  influence  on  the  stress-displacement  curve  of  yield  strength,  work 
hardening,  matrix/rcinforccmcnl  interfacial  bonding  strength  and  size  of  the  reinforcement  . 
characteristic  dccohcsion  length,  which  is  a  function  of  size  of  the  reinforcement.  1 ws  been 
identified  by  the  model  and  related  to  the  measured  dccohcsion  length.  The  results  allow  lljc 
extrapolation  of  the  work  of  rapture  measured  from  large  size  of  constrained  ductile  phases  t 
small  size  of  the  ductile  phases  and  allows  the  contribution  of  ductile  reinforcements  to  the 
toughness  of  a  brittle  matrix  composite  to  be  calculated. 

The  symbols  used  in  the  text  arc  defined  in  Table  1. 

II.  Modclinn 


2.1  Fxpcrimcntal  Observations 

It  has  been  shown  [17,181  that  the  failure  of  the  constrained  Nb  laminae  in  MoSi2  matrix 
involves  the  following  scenario.  When  an  advancing  crack  just  impinges  a  Nb  reinforcement,  no 
debonding  at  the  mairix/rcinforccmcnt  interface  occurs.  As  external  load  continues  to  increase, 
debonding  at  the  interface  and/or  multiple  fracture  of  die  matrix  near  the  interface  occur  due  to  . 
relatively  large  lateral  deformation  of  the  Nb  reinforcement  compared  to  the  matrix  and  loat 
transfer  from  the  matrix  to  the  reinforcement.  Then  come  the  necking  and  fracture  of  the  niobium 
as  the  load  continues  to  increase.  'Hie  observations  ( 17|  lead  to  a  simplified  flow  behavior  ol  the 
constrained  Nb  which  can  be  divided  into  three  stages:  (I)  clastic  destination;  (2)  plastic 
deformation  within  the  dccohcsion  region;  (3)  localized  plastic  deformation  within  the  neckinj. 
region.  Such  deformation  processes  are  illustrated  in  Fig.  I.  At  tbc  early  stage  of  crack  opening. 
Nb  only  undergoes  clastic  deformation,  as  shown  in  Fig.  la.  As  crack  opening  increases.  N 
enters  the  stage  of  plastic  deformation  (Fig.  I  b).  At  last,  the  work  hardening  rale  oLthc  niobium 


at  the  central  portion  of  the  decohesion  region  is  lower  than  stress  increase  rate  due  to  decrease  in 
the  cross  section  area  of  the  reinforcement,  the  localized  deformation  begins  (Fig.lc),  which  lead 
to  the  final  failure  of  the  Nb  lamina. 

In  the  present  study,  displacement  of  the  stress-displacement  curve  is  assumed  to  only  come 
from  the  deformation  of  Nb  lamina  inside  the  dccohesion  region  because  the  Nb  outside  the 
decohesion  region  is  bonded  to  the  matrix  and  only  undergoes  elastic  deformation.  Contour  of 
the  Nb  lamina  in  the  decohesion  region  is  assumed  to  be  part  of  the  outside  surface  of  a  cylinder 
with  a  varied  radius  of  R  for  all  the  stages  of  the  deformation,  as  shown  in  Fig.  1.  Such 
assumption  is  a  good  approximation  to  the  real  contour  of  the  Nb  observed  in  the  experiments 
[17]  and  makes  (he  calculation  possible.  To  generate  data  of  the  nominal  axial  stress- 
displacement  curve  (G-U),  U  is  measured  as  the  axial  displacement  of  the  matrix  point  at  the 

boundary  of  the  decohesion  region,  while  C  is  computed  from  the  total  force  exerted  on  the 
remaining  cross  section  of  the  midplane  at  the  neck,  normalized  by  the  original  midplane  area. 
Plane  strain  is  assumed  for  the  computation  in  ail  the  stages. 


Table  1.  Symbols  and  definition 

2a  remaining  thickness  of  reinforcement 

d  dccohesion  length 

dc  characteristic  dccohesion  length 

dm  measured  dccohesion  length 
E  Young’s  modulus 

E(  normalized  work  of  rupture 

>Uo(U)  dU 

Oo  t 
Jo 

£[  true  strain 

£»  mean  strain  in  x -direction  at  the  midplane 
of  the  neck  during  clastic  deformation 

AG  increment  in  toughness  caused  by  ductile 
reinforcement 

2H  length  of  reinforcement  affected  by  necking 
n  work  hardening  coefficient 

H  Poisson’s  ratio 

R  radius  of  contour  of  the  neck 

o  stress 

0  effective  stress 

o0  yield  strength 

°max  maximum  stress  reached  by  constrained 
reinforcement 

Oy  yield  stress  of  constrained  reinforcement 

Oza  stress  in  z-dircction  at  the  free  surface  of 
neck 

2t  initial  thickness  of  reinforcement 
U  axial  extension  equal  to  crack -opening 
displacement 

U*  crack  opening  displacement  at  failure  of 
ductile  reinforcement 

Vf  volunte  fraction  of  ductile  reinforcement 

.  fUo(U)dU 

S  work  of  rupture, 


The  true  stress-strain  relations  of  the  Nb 
laminae  used  in  the  calculation  arc 

ot  =  356  £(  0-165  (Mpa)  forl.OmmNb 
ct  =  363  Ej  0-085  (MPa)  for  0.5  mm  Nb 
o,  =  386  e, 0  076  (MPa)  for  0.25  mm  Nb 

.  (2) 

The  above  equations  arc  obtained  from  the 
direct  measurement  on  the  unconstrained  hot 
pressed  Nb  which  is  different  from  the  Nb 
prior  to  the  compositing  because  of  change 
of  the  properties  of  the  Nb  during  hot 
compaction.  Use  of  the  above  equations 
allow  us  to  compare  the  model  to  the 
experiment  directly.  Details  of  the 
measurement  of  the  true  stress-strain 
relations  for  the  unconstrained  hot  pressed 
Nb  can  be  found  in  Reference  (17).  The 

yield  strengths,  oo,  of  three  different  sizes 
of  Nb  laminae  measured  arc  also  different 
due  to  different  grain  sizes  and  solid  solution 
strengthening  (17).  The  yield  strengths  arc 
180,  21 1  and  236  MPa  for  Nb  laminae  with 
a  thickness  of  1.0.  0.5  and  0.25  mm. 
respectively. 

2.2  Static  of  Elastic  Deformation 

To  compute  O  -U  data  for  clastic 
deformation,  two  more  assumptions  arc 
made:  (l)  the  volume-conserving  nature  of 
large  scale  plastic  deformation  is  also 
applicable  to  this  stage;  (2)  the  effective 
stress  across  the  midplane  of  the  neck  is 
constant. 

Assumption  (l)  and  the  assumed  contour 
relate  the  displacement,  U.  to  the  radius  of 
the  cylinder,  R,  as 


•  R 


.  R 


a.  Elastic  deformation, 


b.  Plastic  deformation, 


c.  Localized  deformation. 


Fig.  1  A  schematic  of  three  stages  of  deformation  for  constrained  Nb. 

.  (3) 


(d  +  U)3  4  tU 

12  tU  3  (d  +  U) 


Assumption  (2)  renders  Bridgman  formula  for  a  necking  plate  (19J 

/X, 


«> 


computable  even  for  clastic  deformation,  x  and  a  in  the  above  equation  arc  defined  in  Fig.  1. 
Although  the  assumed  contour  and  constant  effective  stress  do  not  represent  the  real  situation  of 
the  decohesion  region,  they  introduce  negligible  error  to  the  work  of  rupture  (see  the  Appendix). 

With  the  assumption  (2).  boundary  conditions  at  the  neck  and  plane  strain  assumption,  the  stress 

component  Oz  at  the  midplanc  of  the  neck  can  be  related  to  the  stress  Oa.  which  is  <3t  at  the  free 
surface  of  the  neck,  as  follows 


2  2  2  ( I  +  2  LI  —  2u2) 

oJ.=  oJ  +  o;-^ - ^ - Lio.o, 


(5) 


(I  •  M  +  M  ) 

Introduction  of  the  Poisson’s  ratio  of  Nb  (n=0.39)  into  cq.  (5)  yields 

Oz  -  0.968  Ox  +  0M  .  (6) 

Substituting  cq.  (6)  into  cq.  (<!)  and  solving  for  O*  yield 


0,  =  0M{  31.25  -  31.25 


(R) 

'  a  ' 


0.032 


(  !i  +  1  .  a!  )0.0J2 
1  2  2a2 


I 


(7) 


where  is  related  to  the  average  strain,  £7,  measured  from  the  neck  with  the  following 


equation 


__  JtG*(  Ox,Oy,Ot)dx 
“  a 


/** 


-O^l  9.5579 a- 


10.1(|) 


0.032 


(14- J4)0  032 

a  2  2a2 


dx] 


(8) 


where  E  is  Young's  modulus  of  Nb,  and  ^  can  be  measured  from  the  dimension  of  the  neck 
using  the  relation  of  ^  =  Ln(a/t).  Thus,  by  numerical  integration  of  cq.  (8),  Om  can  be  found 
for  any  specific  R  and  a.  Using  cqs.  (3).  (6),  (7)  and  (8),  O-U  data  can  be  calculated  for  the 
elastic  deformation. 

2.3  Stage  of  Plastic  Deformation 

Von  Miscs  yield  criterion  is  used  to  monitor  the  initial  yielding.  Thus,  when  the  effective  stress 
reaches  the  yield  strength  of  the  Nb,  plastic  deformation  begins.  Now,  Bridgman  formula  for  a 
necking  plate  (19] 

ot=au(l+Ln(l+ij|(l-^)])  .  (9) 

can  be  used  directly  to  compute  the  nominal  axial  stress.  By  applying  boundary  conditions  at  the 
neck,  a  relation  between  <JM  and  the  effective  stress,  o  ,  can  be  found,  which  is 


Oza  =  U5470  .  (10) 

where  o  is  determined  by  the  effective  strain. 

In  the  computation,  the  effective  strain  at  the  initial  yield  is  assigned  as  zero,  while  the  effective 
stress  has  a  value  of  the  yield  strength  of  the  unconstrained  Nb.  After  the  initial  yield,  the 
niobium  is  assumed  to  be  perfect  isotropy  of  strain  hardening  and  the  power  law,  cq.  (2),  is  used 
to  compute  the  effective  stress. 

2.4  Stage  of  Localized  Plastic  Dcfonnaiion 

The  localized  plastic  deformation  is  assumed  to  begin  when  the  nominal  axial  stress  is  about  to 
decrease.  The  length  of  the  region  affected  by  necking,  2H.  shown  in  Fig.l,  is  chosen  as  2t. 
After  necking  down  to  a  point  at  the  neck,  the  region  with  such  dimension  gives  two  triangles 
witli  the  height  equal  to  the  base.  The  base  is  assumed  to  have  no  more  deformation  when  the 
localized  deformation  begins.  The  assumptions  give  rise  to  a  contour  as  shown  in  Fig.  I c.  and 
such  contour  is  an  approximation  for  the  contour  of  Nb  in  the  dccohcsion  region  observed  in  the 
experiments  ( 17].  The  displacement  in  the  stage  of  the  localized  dcfonnaiion  is  assumed  to  come 
only  from  the  deformation  of  the  necking  affected  region  and  the  computation  of  the  nominal 
axial  stress  is  carried  out  using  eqs.  (9)  and  (10). 

111.  Results  of  the  Model 

3. 1  Effect  of  the  Dccohcsion  Ixmilli 


l)c|>cndcnce  of  the  stress  displacement  curve  ihe  dccohcsion  length  is  sliown  in  Fig.  2  which 


Table  2.  Decohesion  length  in  the  MoSij/Nb  composi.es 

(ho,  pressed  at  HOO°C.  40MPa  for  1  hour) 


lick  ness  o 
Nb  foil  (mm 
cessing 
condition 
JJecohcsion 
length  (mm) 


10  ±  5 


jecohcsion 
all  the  way 
to  the  erios. 


2.910.4  3.310.4 


Incoatcd 

coated  _ 

Decohcsion  0 

all  the  way  0.8610.09 
to  the  grips. 


is  generated  using  the  true  stress-strain  data  of  0.5  mm  Nb.  The  results  indicate  that  the 
maximum  stress  reached  by  the 

the  ductile  reinforcement;  b“l^r.caf c  cnhanccs  the  work  of  rupture  and  therefore  is 

sr,o‘:^  «  "  *  oihCT 

investigators  using  different  models  (1 1,13,16). 

When  the  data  measured  in  the  experiment  ( 17],  as  shown  in  Table  2. are £>«  >"» 
the  yield  strength,  oo.  and  half  thickness  of  ductile  phase,  t . 


o* 


Q(U)dU 

"Oo  t 

called  as  the  normalised  wort  of  rupture.  E,.  in  the  text,  also  exhibit .  ASts",} 

decohesion  length.  Thecom^edpruan,e,m  for  the  cw*™* ' dbjam.. ^  a[)<J  unco„cd 

wiuh  tam”re  in  the  rangeof  low  constraints  because  in  the  high  constrain,  range  (i.e 
.  .  .  n  is  verv  sensitive  to  the  decohcsion  length,  as  shown  in  Pig.  L. 

almost  the  same  for  different  decohcsion  lengths  ranging  from  ~  5  to  ~  16  mm. 

3  2  F.ffcct  of  Reinforcement  Size 

A  comparison  on  the  size  effect  between  the  model  and  e«K»ime««  for ! 

laminates  is  showed  in  Fig.  3.  The  input  data  for  the model. re from  cq.  (2)  a  d  Table  /  u 

each  sire  of  Nb  having  its  own  measured  parameters  and  properties.  P  b 


Table  3.  Calculated  parameters  for  the  composite 

•  I  /t  r  ..  aL!..l.  MU  InittMt'l 


Processing 

condition 

Oma* 

(MPa) 

Oma*/Oi 

a 

(1/m2) 

lit 

uncoated 

~WT 

1.56 

196.000“ 

3.707 

AhOj  coated 

328.4 

1.55 

203. (XX) 

3.860 

Z1O2  coated 

328.2 

1.55 

3 39, (XX) 

6.435 

Lul  «  VVt  V/  ■  vu-w  - - 

displacement  curves 


Tabic  4.  Summary  of  parameters  calculated  from  the  model  and  measured  for  the  uncontcd 
Nb/MoSi2  laminates 


2l  0ma*  Omax/^o  %  Et  ^max/Oo  ^  E«  Et(cal)/Et(c*p) 


'mm)  (MPa 


(J/m2 


modulus  is  from  the  slooc  of  the  stress-strain  curve  of  the  unconstrained  Nb  in  a  simple  tensile 
test  As  shown  in  Fie  3^hc  model  fits  the  experimental  data  reasonably  well  except  the  stage  of 
the  localized  plastic  deformation.  The  deviation  in  this  stage  is  believed  to  be  due  to  the  difference 

contours  of  the  neck.  The  parameters  calculated  from  the  model  are 

summarized  in  Table  4.  For  comparison  the  measured  parameters  [17]  arc  al 50  *^cl ud ^ is  al sS 
table  Ratios  of  the  calculated  and  measured  normalized  work  of  rupture,  Ei(Cal/Et(cxp).  «  *  » 
SdSdedh Tc  table  It  is  noted  that  the  calculated  maximum  stress,  the  work  capture  and  he 
normalized  work  of  rupture  arc  all  close  to  the  measured  counterparts.  It  is  quite  clear  that  the 
maximum  stress,  the  work  of  rupture  and  the  normalized  work  of  rupture  can  be  estimated  from 

the  model. 

Reinforcements  used  in  composites  arc  usually  smaller  in  size  than  those  tested  in  the  present 
study.  To  predict  the  work  of  rupture  for  small  size  of  reinforcements,  it  is  necessary  to  know 

the  decohesion  length  in  advance  for  computation  of  the  model.  A  plot  of  <W  v*  dccohcsion 
length  computed  from  the  model  for  the  composites  with  0.25  nun  Nb  lamina  is  shown  in  Fig.  . 

It  is  noted  that  there  exists  a  characteristic  decohesion  length,  do  below  which  (W  bcc0Pr* 
very  sensitive  to  the  dccohcsion  length.  Computation  of  the  model  shows  that  the  characteristic 
decohesion  length  is  equal  to  twice  of  the  thickness  of  the  niobium  and  the  normalized  work  o 
rupture  with  the  characteristic  decohesion  length,  called  as  the  characteristic  normalized  work  o 
rupture,  is  constant  regardless  of  size  of  the  reinforcement. 

The  measured  decohesion  lengths,  dm,  in  the  present  study  arc  all  larger  than  dc.  However  ratio 
of  dm  to  dc  is  found  to  be  a  linear  function  of  size  of  the  reinforcement,  as  shown  in  Fig.  5.  I  he 
relations  found  arc 


Displacement,  mm 

Fig.  3  Effect  of  reinforcement  size  on  the  stress 
displacement  cutve  A l,  111  and  Cl  arc 
experimental  curves  of  the  composi'e*  with  0.25, 
0.5  and  1.0  mm  thick  Nb  laminae,  respectively; 
A2,  1)2  and  C2  are  results  Horn  the  model  for 
composites  with  0.25,  0.5  and  1 .0  mm  thick 
Nb  laminae,  respectively. 


Fig.  4  A  plot  of  Oiaax  vs  dccohcsion  length. 
Arrow  A  shows  characteristic  dccohcsion 
length,  and  arrows  H,  C  and  D  show  the 
measured  dccohcsion  lengths  of  the  com¬ 
posites  containing  uncoaied.  AljOj  coated 
and  Z1O2  coated  Nb  laminae,  respectively. 


Thickness  of  reinforcement,  mm 


Fie.  5  A  plot  of  ratio  of  the  measured  to  characteristic  Fig.  6  Normalized  work  of  rupture  as  a 
decohcsion  length  as  a  function  of  reinforcement  size.  function  of  reinforcement  size. 

dm/dc  =  0.66  +  10.72  t  (  for  AI2O3  coated  laminates) 

dm/dc  =  0.66  +  8.70  t  (  for  uncoated  laminates )  .  ('») 

It  is  noted  that  dm  becomes  closer  to  dc  as  size  of  the  reinforcement  decreases,  suggesting  that  the 
normalized  work  of  rupture  becomes  smaller  and  closer  to  the  characteristic  normalized  work  ot 
rupture.  The  oxide  coating  changes  the  slope  of  the  line,  indicating  that  the  coating  enhances 
decohcsion  and  such  effect  becomes  larger  as  size  of  the  reinforcement  increases.  With  eq.  (II). 
the  decohcsion  length  of  small  size  of  the  reinforcement  can  be  predicted  and  the  work  of  rupture 
be  calculated  from  the  model.  A  plot  generated  in  this  way  is  shown  in  Fig.  6  which  shows  that 
E.  decreases  with  decreasing  size  of  the  reinforcement,  as  found  in  the  experiments  1 17J.  1  hus, 
to  estimate  the  contribution  of  ductile  reinforcements  to  the  toughness  of  a  brittle  matrix 
composite,  the  model  can  be  used. 

3.3  Effect  of  Yield  Strength  and  Work  Hardening 

Effects  of  yield  strength  and  work  hardening  on  the  work  of  rupture  are  evaluated  by  putting  the 
properties  of  several  different  materials  into  the  model.  The  properties  arc  obtained  lrom 
Reference  (20)  and  the  true  stress-strain  curves  for  some  materials  arc  shown  in  Fig.  7.  It  is 
noted  that  both  4340  steel  and  70/30  brass  have  a  higher  work  hardening  rate  than  the  Nb •  used  in 
the  present  study.  The  computed  stress-displacement  curves  arc  shown  in  Fig.  8.  and  the  input 
and  output  data  arc  summarized  in  Table  5.  It  is  clear  that  work  of  rupture  increases  wit 
increasing  work  hardening  rate.  Although  70/30  brass  has  the  lowest  yield  strength*  its  tg 
work  hardening  rate  enables  it  to  have  a  much  higher  work  of  rupture  than  both  4340  steel  and 
Nb  both  of  which  have  a  higher  yield  strength  than  the  brass.  Reason  for  such  phenomenon  is 
that  a  high  work  hardening  rate  reinforcement  have  a  higher  increase  rate  in  the  load-carrying 
ability,  and  instability  (i.e.,  the  localized  plastic  deformation  within  the  necking  region), 
therefore,  comes  relatively  later  than  a  low  work  hardening  rate  reinforcement,  when  the  two 


Table  5.  Hie  input  and  output  data  for  computing  the  strcss-dsiplaccmcnt  curves  shown  in  Fig.  8 
(the  thickness  of  all  materials  is  assumed  as  0.5  mm) 


Material 

Input  Data 

Output  Dat; 

a 

0,=KC," 

oo 

E 

|i 

K» 

(MI’a) 

f  MPa) 

(GPa) 

(MM 

aim7) 

Nb 

363c,««K5 

210 

105 

0.39 

329 

196.000 

3.7 

SAU  43-K)  steel 

642c, «->5 

230 

193 

0.29 

496 

351,000 

6.1 

0.6%  C  steel 

I573c,°  10 

500 

199 

0.29 

1337 

801, (XX) 

6.4 

70/30  brass 

897c,049 

80 

111 

0.30 

483 

662  .(XX) 

33.1 

Fig  7  The  true  stress-strain  curves  of  the  some  Fig.  8  Computed  stress-displacement  curves 
materials  used  for  evaluating  effects  of  yield  using  the  data  in  Fig.  7  and  Table  5. 

strength  and  work  hardening. 

reinforcements  have  the  same  increase  rate  in  stress  due  to  decrease  in  the  cross-sectional  area  of 
the  reinforcements.  Thus,  high  work  hardening  rate  reinforcements  have  a  relatively  longer  siage 
of  plastic  deformation  in  the  whole  dccohcsion  region,  leading  to  more  energy  to  be  dissipated 
and  higher  work  of  rupture.  It  is  noteworthy  that  the  brass  has  a  very  high  normalized  work  ol 
rupture,  which  suggests  that  the  normalized  work  of  rupture  could  probably  be  used  as  a 
indicator  of  the  efficiency  with  which  the  work  hardening  contributes  to  enhancing  the  work  ot 

rupture. 

When  yield  strength  is  very  high,  such  as  0.6  %  C  steel  in  Table  5.  work  of  rupture  wou!d  be 
also  very  high.  As  shown  in  Table  5.  0.6%  C  steel  has  a  much  higher  work  of  rupture  than 
70/30  brass  although  it  has  a  lower  work  hardening  rate  than  the  brass.  Contribution  of  yield 
strength  to  work  of  rupture  is  mainly  to  increase  the  maximum  stress  reached  by  the  constrained 
reinforcement.  From  the  above  discussion,  it  is  concluded  that  both  high  work  hardening  rate 
and  yield  strength  arc  beneficial  to  work  of  rupture.  Work  hardening  is  more  effective  in 
enhancing  the  work  of  rupture  than  yield  strength  because  high  work  hardening  rate  delays  the 
instability  of  deformation  for  constrained  ductile  reinforcements,  therefore  more  material  ot  the 
reinforcements  participates  in  plastic  deformation  and  more  energy  has  to  be  consumed. 

IV.  Concluding  Remarks 


Based  on  the  observation,  the  flow  behavior  of  the  constrained  reinforcement  has  been  divided 
into  three  stages:  (1)  clastic  deformation;  (2)  plastic  deformation  within  the  dccohcsion  region; 
(3)  localized  plastic  deformation  within  the  necking  region.  An  analytical  model  has  been 
developed  to  describe  these  three  stages.  The  model  gives  insight  into  the  influence  o 
dccohcsion,  yield  strength,  work  hardening  and  size  of  the  reinforcement  on  the  stress- 

displacement  curve.  The  overall  shape  of  the  O-U  curves  generated  by  the  model  fits  the 
measured  curves  reasonably  well. 

Computation  of  the  model  indicates  that  work  of  rupture  is  enhanced  by  a  relatively  weak  bond  at 
the  matrix/rcinforccment  interface,  by  large  size  of  reinforcement,  and  by  a  high  yield  strength 
and  high  work  hardening  rate.  High  work  hardening  rate  is  more  effective  in  enhancing  work  ot 
rupture  than  high  yield  strength. 

Compulation  of  the  model  suggests  that  there  is  a  characteristic  dccohcsion  length,  dc.  with 
which  the  normalized  work  of  rupture,  Ft.  is  constant  regardless  of  size  of  the  reinforcement.  It 
is  found  that  the  deviation  of  the  measured  dccohcsion  length  from  dc  increases  with  increasing 
size  of  the  reinforcement,  which  leads  to  F,  increases  with  increasing  size  of  the  reinforcement.  A 
relation  between  dtn  and  dc  is  found  which  allows  the  prediction  of  the  real  dccohcsion  lengt  i 
for  small  size  of  the  reinforcement  and  therefore  the  calculation  of  the  work  of  rtlpturc  for 


spool ic  size  ol  ilic  icmiotccmcnt. 
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Appendix 

Fume  element  analysis  (TEA)  of  the  stress  distribution  across  the  neck  and  the  contour  of  the 
teto  esion  region  during  the  clastic  deformation  was  implemented  using  the  finite  element 
software  package  ANS  YS.  Due  to  the  symmetry,  only  me  quarter  of  the  specimen  was  analyzed 
iisinc  two-dimensional  4-nodc  isoparametric  elements  with  an  assumption  of  plane  strain 
deformation.  A  typical  Finite  element  model  for  the  constrained  Nb  is  shown  in  Fig.  9.  The 
displacement  at  the  midplane  of  the  neck  was  allowed  only  in  the  x-dircction,  and  the  bonded 
boundary  of  Nb  to  the  matrix  and  the  axial  central  plane  were  allowed  to  displace  only  in  z- 
dtrcction,  as  shown  in  Fig.  9 


Results  from  the  FLA  for  the  ease  of  constrained  1.0  mm  Nb  lamina  with  2.28  mm  decohesion 
length  under  a  nominal  axial  stress  of  150  MPa  arc  presented  in  Figures  10-12.  Fig.  10  compares 
the  assumed  contour  of  the  dccohcsion  region  with  the  FEA  result.  The  data  show  that  the 
assumed  contour  deviates  from  the  FF.A  result,  leading  to  a  smaller  crack  opening  displacement 
compared  to  the  finite  element  analysis.  However,  the  difference  is  so  small  that  it  introduces 
negligible  errors  to  the  computation  of  the  work  of  rupture. 

Evaluation  of  effective  stress  distribution  across  the  midplanc  of  the  neck  is  shown  in  I'ig.  I  I 
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Fig.  9  Mesh  and  boundary  conditions  used 
for  analysis  of  constrained  Nb. 
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Fig.  10  A  comparison  between  the  assumed  contour 
and  finite  element  analysis  of  dcco^csion  region 
during  the  stage  of  clastic  deformation.  X  and  Z 
are  defined  in  Fig.  17. 
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Fig.  1 1  Effective  stress  distribution  at  the 
midplanc  of  neck. 
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Fig.  12  A  comparison  of  the  axial  stresses  at 
the  midplanc  of  neck  between  the  model 
and  FEA.  Note  that  mean  axial  stresses, 

omcan,  arc  almost  the  same. 


Clearly  the  effective  stress  is  not  constant  across  the  midplanc,  but  increases  from  the  free 
surface  to  the  center  of  the  neck.  Although  the  assumed  constant  effective  stress  docs  not 
represent  the  real  stress  distribution,  the  mean  axial  stresses  across  the  midplanc  arc  almost  thc 
same  for  .he  model  and  FEA.  as  shown  in  Fig.  12  The  ax.al 

increases  monotonously  from  the  free  surface  to  the  center,  which  is  hard  to  tell  Trom  I  ig.  1/ 
because  of  the  scale  used.  Similar  results  were  also  obtained  from  calculation  of  constrained  0.25 
and  0.5  mm  Nb  laminae.  Thus,  it  is  concluded  that  the  assumed  constant  effective  stress  and 

contour  of  the  dccohcsion  region  impose  negligible  errors  on  the  calculation  of  O-U  curve  and 
the  work  of  rupture. 
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Abstract --nil'ccts  of  size  and  orientation  of  ductile  laminae  on  the  toughness  of  brittle  matrix  composites 
have  been  evaluated  using  MoSit  composites  reinforced  with  Nb  laminae.  Nh  laminae  with  thicknesses 
ranging  from  0. 127  to  I  0  mm  were  hot  pressed  with  MoSi,  powder  to  prepare  the  composites.  Toughness 
of  lire  composites  was  measured  using  four-point  bend  lest  on  chevron-notched  specimens.  It  was  found 
that  the  toughness  of  the  composites  increased  with  increasing  si/e  of  the  niobium  laminae.  Furthermore, 
toughening  was  observed  at  crack  propagation  directions  perpendicular  to  the  lamina  plane,  indicating 
that  ductile  laminae  oiler  two  dimensional  toughening.  A  model  based  on  the  biidging  contribution  of 
the  ductile  phase  has  been  proposed  to  analyze  the  chevron-notched  specimens  of  the  ductile-phase- re- 
inforced  brittle  matrix  composites.  'I  lie  analysis  showed  that  the  dependence  of  the  toughness  of  the 
composites  on  the  size  and  orientation  of  the  ductile  laminae  could  be  interpreted  in  terms  of  their  bridging 
capability  and  bending  contributions. 


I.  INTRODUCTION 

The  need  to  increase  operating  temperature  of  heat 
engines  to  improve  their  fuel  efficiency  lias  provided 
a  large  impetus  in  recent  years  for  the  development 
of  high  temperature  materials  such  as  carbides,  ni¬ 
trides,  aluminides  and  silicidcs.  These  ceramics  and 
intermetallics  have  high  melting  temperatures,  high 
elastic  moduli,  low  densities,  and  can  withstand  hos¬ 
tile  environments.  Their  structural  application, 
however,  is  currently  limited  by  their  low  room- 
temperature  ductility  and  toughness.  Accordingly, 
much  effort  has  been  made  to  improve  the  tough¬ 
ness  of  these  materials  by  composite 
toughening. 

Among  various  composite  toughening  approaches, 
ductile  phase  toughening  has  been  shown  to  be  an 
effective  way  to  improve  toughness  of  ceramics  and 
intermetallics.  Examples  of  such  systems  which  have 
current  or  potential  applications  at  high  temperatures 
are  WC/Co  (I.  21,  TiAI/Nb  (3  51,  TiAI/TiNb  |4,  5|. 
MoSi,/Nb  (6-10)  and  Nb,Si,/Nb  (ll|.  The  primary 
mechanism  responsible  for  the  enhanced  toughness 
has  been  ascribed  to  the  bridging  of  ductile  ligaments 
behind  the  advancing  crack  tip,  although  other  effects 
such  as  crack  deflection,  crack  (rapping,  crack  shield¬ 
ing  and  decohesion  at  the  matrix/reinforcement  inter¬ 
face  also  contribute  (12  -17).  When  the  size  of  the 
bridging  zone  in  the  wake  of  the  crack  tip  is  small 
relative  to  the  crack  length  and  the  specimen  dimen¬ 
sion  (i.e.  small-scale  bridging),  the  increased  fracture 
energy  of  the  composite  can  be  related  to  the  work  of 
stretching  and  fracturing  of  the  ductile  phase  bridging 
ligaments  with  the  aid  of  the  following  equation 

112,  M| 


AG  =  r(j  a  (tr)d(ir)  (I) 

where  ii  is  the  crack  opening,  a  (n)  the  nominal  stress 
on  the  ligament,  u*  the  crack  opening  at  the  end  of 
the  traction  zone,  and  \\  is  the  area  fraction  of 
reinforcements  on  the  crack  plane.  Equation  (I) 
indicates  that  the  increased  toughness  depends  on  the 
stress-displacement  function  of  the  ductile  ligament, 
n  («),  which  in  turn  depends  on  the  extent  of  decohe¬ 
sion  at  (he  matrix/reinforcement  interface,  intrinsic 
properties  and  size  of  the  ductile  phase.  Ashby  el  til. 
(I7|  initiated  a  test  technique  to  evaluate  the 
stress-displacement  function  of  constrained  ductile 
phases.  The  technique  consisted  of  tensile  testing  of 
a  specimen  with  one  ductile  filament  imbedded  in  a 
prccrackcd  brittle  matrix.  The  composite  system 
tested  was  Ph  imbedded  in  a  glass  matrix.  They  found 
that  the  fracture  energy  was  enhanced  by  limited 
decohesion  at  the  interface  or  by  matrix  fracture,  and 
that  the  fracture  energy  normalized  with  the  yield 
strength  and  size  of  the  ductile  phase  depended  on  (he 
strength  of  the  matrix/reinforcement  interface  only. 
Based  on  the  observation,  equation  (I)  could  be 
rewritten  as  (I7| 

AG  =  l/,CViB«l,  (2) 

where  a„  and  <»„  arc  the  yield  strength  and  representa¬ 
tive  cross-sectional  rudius  of  the  ductile  phase,  re¬ 
spectively,  and  C  is  a  dimensionless  function 
representing  the  work  of  rupture.  The  latter  is  defined 

as 

(J| 

Jil  n  ill'll 
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which  was  constant  lor  different  sizes  of  lead  in  glass. 
Other  investigators  have  also  conducted  similar  tests 
on  other  systems  such  as  Nb  in  TiAl  and  TiNb  in 
TiAl  [4,5],  and  Nb  in  MoSi;  (10,18-21]  to  study 
toughening  mechanisms  in  ductilc-phasc-rcinforccd 
composites.  Working  with  TiAI/TiNb  systems,  Deve 
et  at.  [5|  found  that  whether  or  not  extensive  decohc- 
sion  was  desirable  for  a  high  work  of  rupture  de¬ 
pended  on  the  work  hardening  capability  of  the 
ductile  phase.  For  MoSi,/Nb  system  [19-21],  it  was 
found  that  the  dimensionless  function  C  in  equation 
(2)  depended  on  the  size  of  the  niobium,  rather  than 
being  a  constant,  and  varied  from  5.3  to  2.8  when  a0 
of  the  niobium  changed  from  0.25  to  0.063  mm.  The 
results  further  indicated  that  the  effects  of  the  decohe¬ 
sion  length  and  the  reinforcement  size  on  the  tough¬ 
ness  were  complicated  and  interdependent  with  other 
material  properties. 

To  fully  evaluate  the  effect  of  the  reinforcement 
size  on  the  toughness  of  ductilc-phase-reinforced 
composites,  the  present  study  dealt  with  four-point 
bend  test  of  chevron-notched  composite  laminates  to 
determine  the  toughness  of  the  composites  directly, 
instead  of  measuring  the  stress -displacement  func¬ 
tion,  and  then  deducing  the  toughness  via  equation 
(I).  In  addition,  the  effect  of  orientation  of  laminae 
on  the  toughness  of  the  composites  was  also 
evaluated.  The  composite  system  investigated  was 
molybdenum  disilicidc  (MoSij)  reinforced  with 
niobium.  MoSij  has  excellent  oxidation  resistance, 
high  melting  temperature  (20I0  C)  and  fairly  low 
density  (6.26  g/cm').  and  therefore  a  promising 
candidate  as  a  matrix  material  for  high  temperature 
structural  applications.  Niobium  has  a  high  ductility, 
high  melting  temperature  and  a  similar  thermal 
expansion  coefficient  to  MoSij,  and  therefore  is  one 
of  the  most  promising  candidates  as  a  ductile 
reinforcement  for  MoSij.  The  use  of  Nb  foils  rather 
than  filaments  allowed  for  the  ease  of  producing  the 
composites  with  controlled  properties,  but  it  still 
served  the  main  purpose  of  the  present  study. 


2.  EXPERIMENTAL 

2. 1.  Preparation  of  composite  laminates 

Disc-shaped  laminated  composites  were  produced 
by  hot  pressing  commercially  pure  MoSi;  powder  of 
-325  mesh  (supplied  by  Johnson  Mathey  Inc.)  with 
20  vol.%  of  Nb  foils  at  I400"C  for  I  h  under  a 
pressure  of  40  MPa.  In  order  to  minimize  residual 
thermal  stresses,  the  hot  pressed  discs  were  held  in  the 
hot  pressing  chamber  at  800’C  for  I  h  before  cooling 
down  to  room  temperature.  Four  different  thick¬ 
nesses  of  Nb  foils,  i.c.  1.0,  0.5,  0.25  and  0.127  mm, 
were  used,  giving  3,  5,  9  and  17  plies  in  the  final 
composites,  respectively.  The  laminates  were 
arranged  symmetrical  with  the  outer  layers  being 
MoSi;. 


2.2.  Mechanical  testing 

The  toughnesses  of  the  MoSi;  matrix  and  the 
laminated  composites  were  measured  by  four-point 
bending  of  chevron-notched  specimens,  with  an  inner 
and  outer  span  of  10  and  20  mm,  respectively,  using 
a  hydro-servo  controlled  MTS  with  a  cross  head 
speed  of  4  x  I0~4mm/s.  To  prepare  the  chevron 
notched  specimens,  the  hot  pressed  discs  were  cut 
into  rectangular  bars  with  dimensions  of 
3.81  x  5.08  x  25.4  mm.  A  schematic  of  the  bend  test 
setup  is  shown  in  Fig.  1(a).  For  the  evaluation  of  the 
size  effect  of  the  ductile  phase,  the  notch  on  each 
sample  was  cut  perpendicular  to  the  laminar  plane 
using  a  diamond  wafering  blade  with  a  thickness  of 
0.15  mm.  The  remaining  V-shape  cross  section  of  the 
notch  plane  relative  to  the  orientation  of  the  niobium 
laminae  is  shown  in  Fig.  1(b).  For  this  ease  the  crack 
propagation  in  the  matrix  is  normal  to  the  niobium 
laminae.  Correspondingly,  this  notch  orientation  is 
called  N-orientation  in  the  text.  To  evaluate  the 
orientation  effect  of  the  ductile  laminae,  another 
chevron  notch  orientation  was  tested  which  is  shown 
in  Fig.  1(c)  and  is  called  T-orientation  because  the 
crack  propagation  in  the  matrix  is  transverse  to  the 
niobium  laminae. 


Fig.  I .  (a)  Configuration  of  four  point  bend  lest  on  chevron- 
notched  specimens  (all  dimensions  in  mm):  (b)  the  notched 
plane  of  N-orientation  where  crack  propagates  normal  to 
the  lamina  plane;  (c)  the  notched  plane  of  T-oricntalion 
where  crack  propagates  transverse  to  the  lamina  plane. 
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The  peak  load  of  the  bending  tests  was  used  to 
calculate  the  toughness  of  the  composites  with  the  aid 
of  the  following  equation  [22) 

P 

K  —  m"*  >’*  (4) 

m“  BjlV 

where  Pm„  is  the  maximum  test  load,  B  and  IT  arc  the 
width  and  height  of  (he  bending  bar,  respectively,  and 
Y  is  the  minimum  value  of  the  dimensionless  stress 
intensity  factor  coefficient  as  a  function  of  relative 
crack  length  for  the  particular  specimen  used.  Be¬ 
cause  of  the  rising  crack-growth  resistance  for  duc- 
tilc-phase-toughcncd  composites,  the  maximum  load 
and  the  minimum  value  of  the  dimensionless  stress 
intensity  factor  coefficient  do  not  occur  coincidentally 
at  the  same  crack  length,  and  therefore  docs  not 
exactly  correspond  to  the  stress-intensity  factor  at 
failure,  but  a  good  approximation  to  it  [23—26].  The 
fact  that  Pm„  and  Y  do  not  occur  coincidentally  at 
the  same  crack  length  also  induce  a  specimen  size 
cficct  (23,  26].  Thus,  the  dimensions  of  the  specimens 
in  the  present  study  were  kept  constant,  and  the  value 
calculated  using  equation  (4)  is  called  “damage  toler¬ 
ance"  and  designated  as  A'm„  in  the  paper,  rather  than 
A,c. 

3.  EXPERIMENTAL  RESULTS 
3.1.  Fractographie  observations  on  MoSi,  matrix 

An  overall  view  of  fracture  surface  of  a  chevron- 
notched  monolithic  MoSij  is  presented  in  Fig.  2. 
Higher-magnification  photographs  shown  in  Fig. 
3(a-c)  arc  taken  from  the  positions  a-c  shown  in  Fig. 
2,  respectively.  As  seen  in  the  figures,  intergranular 
fracture  prevails  near  the  tip  of  the  notch,  while 
transgranular  fracture  dominates  at  the  bottom  of  the 
notch.  Between  these  two  positions,  a  transition  or 
fracture  mode  is  observed.  This  position  dependency 
of  the  fracture  mode  has  also  been  observed  in  the 
chevron-notched  monolithic  AIjO,  [27],  Most  of  the 
visible  second  phases  on  the  intergranular  fracture 
surface  [Fig.  3(a)]  have  been  identified  as  amorphous 
silica,  and  the  rest  as  carbon-stabilized  Mo}Si) 


Fig.  3.  High  magnification  views  of  the  fracture  surfaces  of 
MoSi;.  Figures  (a),  (b)  and  (c)  arc  taken  from  the  positions 
a,  b  and  c  shown  in  Fig.  2.  respectively. 


particles  (28).  There  also  exist  some  pores  along  the 
grain  boundary,  as  seen  on  the  intergranular  fracture 
surface,  which  together  with  the  silica  weaken  the 
grain  boundary.  The  change  in  fracture  mode  with 
the  position  is  ascribed  to  the  stable  propagation  of 
the  crack  near  (he  notch  tip.  unstable  at  the  bottom 
of  the  notch  and  changing  from  stable  to  unstable  at 
the  intermediate  position.  This  is  due  to  the  V-notch 
geometry  and  control  of  the  crack  propagation  by  (he 
crosshcad  speed  of  the  testing  machine  [29.  30).  Thus, 
at  the  notch  tip,  crack  propagation  is  the  slowest  and 
it  has  ntorc  time  to  choose  the  low  energy  path  which 
is  grain  boundary  for  the  present  matrix,  while  at  the 
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Fig  4.  An  overall  view  of  fraclurc  surface  of  a  laminated 
composite  containing  20  vol.%  of  Nb  laminae  with  a 
thickness  of  (I  25  mm.  The  a,  b,  c  and  d  denote  the  positions 
where  the  fractographs  of  Fig.  5(a).  (b).  (c)  and  (d)  are 
taken,  respectively. 

bottom  of  the  notch,  crack  propagation  is  too  fast  to 
allow  for  the  low  energy  path,  leading  to  transgranu- 
lar  fracture. 

A  general  view  of  a  typical  fracture  surface  at  the 
notch  plane  of  a  laminate  containing  20  vol.%  of  Nb 
laminae  with  a  thickness  of  0.25  mm  is  presented  in 
Fig.  4.  The  a-d  in  Fig.  4  denote  the  positions  where 
the  fractographs  of  Fig.  5(a-d)  arc  taken,  respect-, 
ivcly.  Note  that  intergranular  fracture  again  domi¬ 
nates  at  the  notch  tip,  while  transgranular  fracture 


Displacement,  mm 

Fig.  ft.  Typical  load  displacement  curves  of  chevron- 
notched  specimens  for  monolithic  MoSi;  and  laminated 
composites  containing  different  thicknesses  of  Nb  laminae. 
The  origin  for  each  curve  has  been  shilled  for  the  conven¬ 
ience  of  observation. 

prevails  at  the  bottom  of  the  notch,  a  general  trend 
also  observed  in  the  monolithic  MoSi,.  However,  the 
presence  of  ductile  laminae  makes  the  crack  propa¬ 
gation  in  the  matrix  discontinuous,  i.c.  crack  has  to 
stop  at  one  side  of  Nb  lamina  and  reinitiates  on  the 
other  side  to  continue  the  propagation.  Nevertheless, 
the  position  dependency  of  the  fracture  mode  of 
MoSi,  in  the  composites  shows  little  difference  from 
(hat  of  the  monolithic  MoSi;.  Such  phenomena  could 
be  explained  in  terms  of  the  observations  made  in  a 


Fig.  5  Fracture  surfaces  of  MoSi,  matrix  shown  in  Fig.  4. 
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related  study  (8]  which  shows  that  a  primary  crack 
has  already  propagated  through  the  entire  MoSi2 
matrix  at  a  load  level  of  about  20%  of  the  peak  load 
in  the  bend  test  of  chevron-notched  specimens. 
Beyond  this  level  the  load  is  mainly  carried  by  the  Nb 
reinforcement,  whereas  at  the  early  stage  of  the 
bending,  the  load  is  mainly  carried  by  MoSi2.  The  Nb 
laminae  with  relatively  lower  elastic  modulus,  there¬ 
fore,  does  not  have  much  influence  on  the  fracture 
mode  of  MoSi2.  The  presence  of  Nb  laminae,  how¬ 
ever,  improves  the  damage  tolerance  of  the  com¬ 
posites,  as  will  be  shown  in  the  following  sections. 

3.2.  Effects  of  niobium  size  on  the  toughness 

Representative  load-displacement  curves  of 
chevron-notched  specimens  for  monolithic  MoSij 
and  laminated  composites  containing  different  thick¬ 
nesses  of  Nb  laminae  are  shown  in  Fig.  6.  The  origin 
for  each  curve  in  this  figure  has  been  shifted  for  the 
convenience  of  observation.  It  is  noted  that  the 
catastrophic  failure  of  MoSi2  has  changed  to  graceful 
failure,  and  the  area  under  the  load-displacement 
curve  as  well  as  the  peak  load  have  increased  by  the 
incorporation  of  Nb  laminae.  A  comparison  between 
laminated  composites  reveals  that  the  area  under  the 
load-displacement  curve  increases  with  increasing 
thickness  of  Nb  laminae.  The  peak  load  reached  by 
the  composites  also  exhibits  a  similar  trend,  i.c.  as 
thickness  of  Nb  laminae  increases,  the  peak  load 
increases,  with  the  exception  of  0.5  mm  Nb  laminae 
which  show  a  peak  load  similar  to  0.25  mtn  Nb 
laminae. 

The  area  under  the  load-displacement  curve  nor¬ 
malized  with  the  generated  fracture  area,  called  as 
work  of  fracture  [31],  arc  summarized  in  Table  I  for 
all  the  specimens  tested.  Included  in  Table  I  arc  also 
the  damage  tolerance  data  calculated  from  the  peak 
load  of  the  load-displacement  curve  using  equation 
(4).  It  is  clear  that  the  work  of  fracture  of  the 
composites  increases  with  increasing  thickness  of  Nb 
laminae.  Similar  size  effects  have  also  been  observed 
in  AI2Oj/Ni  [32J,  WC-Co/Mo  [33]  and  NiAI/Nb  [34] 
composite  systems.  The  damage  tolerance  of  the 
present  composites,  however,  docs  not  exhibit  a 
monotonic  variation  with  the  Nb  lamina  thickness.  It 
is  believed  that  this  is  due  to  a  combined  effect  of  the 
size  as  well  as  the  intrinsic  properties  of  the  Nb 
laminae.  As  mentioned  in  Section  3.1,  the  peak  load 


of  the  bend  lest  is  mainly  carried  by  Nb  laminae.  The 
damage  tolerance,  therefore,  is  actually  an  indicator 
of  the  bridging  capability  of  the  ductile  phase  and 
should  be  related  to  the  combined  effects  of  size, 
intrinsic  properties  and  fracture  behavior  of  the  Nb 
laminae.  An  attempt  has  been  made  to  separate  this 
combined  clfcct,  and  the  results  will  be  discussed  in 
Section  4.2. 

Overall  views  of  representative  fracture  surfaces  for 
composites  containing  different  thicknesses  of  Nb 
laminae  are  provided  in  Fig.  7.  Higher-magnification 
fractographs  of  the  Nb  laminae  with  different  thick¬ 
nesses  arc  presented  in  Fig.  8.  The  crack  propagation 
is  from  top  to  bottom  in  Fig.  8,  and  the  positions 
from  where  the  fractographs  (a)-(d)  are  taken  are 
indicated  in  Fig.  7  with  the  a-d,  respectively.  It  is 
noted  that  fracture  mode  of  Nb  laminae  changes 
from  elongated  dimples  [Fig.  8(a)]  to  quasi-cleavage 
[Fig.  8(c,  d)]  as  the  thickness  of  Nb  laminae  decreases. 
In  fact,  cleavage  fracture  has  also  been  observed  for 
0.25  and  0.127  mm  Nb  laminae  [35].  The  change  in 
fracture  mode  of  the  reinforcement  with  its  thickness 
can  be  related  to  the  change  in  the  ductility  of  the 
niobium  laminae.  The  microhardness  and  yield 
strength  of  the  hot  pressed  Nb  laminae  are  presented 
in  Table  I .  Details  on  the  measurement  of  the  yield 
strength  of  the  hot  pressed  Nb  laminae  have  been 
described  in  Ref.  [21],  As  shown  in  Table  1.  the 
microhardncss  and  yield  strength  of  Nb  laminae 
increases  with  decreasing  size.  Thus,  the  thinner  the 
Nb  lamina,  the  less  ductile  it  is. 

Close  examination  of  Fig.  7  reveals  that  some 
debonding  at  the  malrix/rcinforcement  interface 
and/or  multiple  matrix  fracture  near  the  interface 
have  occurred  in  all  the  composites.  Both  debonding 
at  the  interface  and  multiple  matrix  fracture  near  the 
interface  will  create  a  region,  called  decohesion  region 
[21.36],  in  which  a  Nb  lamina  can  deform  under 
much  less  constraints  from  the  matrix.  The  length  of 
the  dccohcsion  region  has  an  influence  on  the  defor¬ 
mation  behavior  of  constrained  ductile  phases  and 
has  been  found  to  increase  with  increasing  the  size  of 
ductile  phases  [21],  A  cross  section  of  a  composite 
reinforced  with  20  vol.%  of  0.25  mm  thick  Nb  lami¬ 
nae  unloaded  after  the  peak  load  is  shown  in  Fig.  9. 
The  chevron  notch  tip  is  at  the  right  side  of  the  figure 
and  the  cracks  propagate  from  right  to  left.  As  can 
be  seen  from  the  figure,  the  deformation  in  the 


Tabic  I.  Mechanical  properties  measured  from  MoSij/Nb  composite  laminates 


Thickness  of  Nb 
lamina  (mm) 

0.125 

0.125 

0.25 

0.5 

1.0 

Orientation 

T 

N 

N 

N 

N 

*„.*  (MPa  m'«) 

14.9  t  14 

12.2  ±0.5 

15.2  ±11 

15.4  ±0.6 

17.6  ±0.1 

Work  of  fracture*  (J/m1 ) 

6960  ±  350 

5490  ±  200 

21.600  ±  3000 

30,900  ±  1700 

35,900  ±  3500 

IIV  (kg/mm') 

155 

155 

130 

114 

104 

o,  (MPa)" 

279* 

279* 

236  ±5 

210+  It 

180  ±9 

iso* 

1.80' 

1.80 

1.85 

1.73 

*3,  3,  9,  5  and  3  specimens  have  been  tested  for  laminates  containing  0.125  (T-orienlation).  0.125  (N-orienlation),  0.25, 
0.5  and  1.0  mm  Nb  laminae,  respectively. 

*Threc  specimens  for  each  size  of  Nb  lamina  have  been  tested. 

is  not  measured  directly,  but  obtained  by  assuming  «„///!’  -  I  80 
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Fig.  9.  A  cross  section  of  a  laminated  composite  containing  20  vol  %  of  Nb  laminae  with  a  thickness  of 
0.25  mm.  The  sample  is  unloaded  after  the  peak  load  of  the  load  displacement  curve  |K| 


direction  perpendicular  to  the  crack  plane  comes 
mainly  from  the  niobium  inside  the  dccohcsion  re¬ 
gion.  as  the  rest  of  the  niobium  is  still  bonded  to  the 
matrix  and  dcforms-elastically  only.  This  observation 
will  be  utilized  in  Section  4.1  to  facilitate  the  stress 
analysis  of  the  chevron-notched  specimens. 

.1.1  Effects  of  the  orientation  of  niobium  laminae  on 
the  toughness 

Typical  load-displacement  curves  of  chevron- 
notched  specimens  for  two  different  orientations  of 
the  composites  containing  0.127  mm  thick  Nb 
laminae  arc  shown  in  Fig.  10.  The  corresponding 
damage  tolerance  and  work  of  fracture  have  been 
summarized  in  Table  I  which  shows  that  the  T-oricn- 
tation  not  only  has  a  larger  work  of  fracture  but 
also  has  a  larger  damage  tolerance  than  the 
N-orientation. 

A  general  view  of  the  fracture  surfaces  of  chevron- 
notched  specimens  for  the  two  different  orientations 
is  presented  in  Fig.  II.  For  the  N-orientation.  the 
crack  propagation  in  the  matrix  is  discontinuous  in 
nature,  as  mentioned  before.  In  contrast,  for  the 
T-oricnta(ion,  crack  propagates  continuously  in  the 
matrix  once  initiated,  leading  to  less  tortuosity  on  the 
fracture  surface  of  the  matrix  (Fig.  II).  It  is  expected 
that  the  discontinuous  crack  propagation  is  more 
energy  consuming  process  than  the  continuous  crack 


Fig.  10.  Representative  load  displacement  curves  of 
chevron-notched  specimens  for  two  different  orientations  of 
the  composites  containing  0.127  mm  thick  Nb  laminae. 


propagation.  However,  the  T-oricutalion  (continuous 
crack  propagation)  actually  exhibits  a  higher  damage 
tolerance  and  work  of  fracture  than  the  N-oricn- 
lation,  as  shown  in  Table  1.  The  apparent  contradic¬ 
tion  could  be  explained  in  terms  of  the  observation 
that  the  matrix  cracking  actually  occurs  at  a  low  level 
of  load,  and  the  peak  load  and  the  area  after  the  peak 
load  arc  controlled  by  the  deformation  and  fracture 
of  the  Nb  reinforcements.  Thus,  the  crack  propa¬ 
gation  characteristics  of  the  matrix  is  not  a  dominant 
factor  in  determining  the  toughness  of  the  present 
composites.  Moreover,  the  fracture  surfaces  of  the 


Fig.  1 1.  Fracture  surfaces  of  the  laminated  composites  (a) 
Crack  propagation  normal  to  the  lamina  plane  (N-orien¬ 
tation);  (b)  crack  propagation  transverse  to  the  lamina  plane 
(1  -orientation). 
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Nb  laminae  (Fig.  12)  reveals  thal  fracture  modes 
for  the  two  orientations  arc  very  similar,  both 
exhibiting  quasi-cleavage  fracture.  The  dependence  of 
the  toughness  on  the  lamina  orientation,  therefore, 
might  lie  on  the  differences  in  the  bending  contri¬ 
butions  of  the  Nb  laminae  at  the  different  orien¬ 
tations,  which  will  be  further  discussed  in  the 
following  section. 

4.  BRIDGING  TOUGHENING 

4.1.  Stress  analysis  of  the  chevron -notched  specimens 
of  the  MoSi2/Nb  laminated  composites 

It  has  been  previously  shown  that  extensive  matrix 
cracking  occurs  at  load  levels  considerably  lower  than 
the  peak  load,  and  the  latter  is  mainly  carried  by  Nb 
laminae  in  the  bend  test.  Based  on  this  observation, 
an  approximate  model  is  proposed  to  relate  the 
bridging  capability  of  the  Nb  laminae  to  the  peak 
load  of  the  bend  test.  Figure  13  shows  the  relevant 
parameters  used  in  the  model.  The  hatched  area  in 
the  tensile  portion  of  the  beam  denotes  the  bridging 
region.  The  dashed  line  indicates  the  real  neutral  axis 
(N.A.)  of  the  beam  that  changes  gradually  near  the 
notch  plane  from  the  midplanc  of  the  beam  to  the 
position  close  to  the  bottom  of  the  notch.  Assump¬ 
tions  involved  in  the  model  are:  (I)  one-dimensional 
stress  is  assumed  for  chevron-notched  bend  bar;  (2) 
all  planar  sections  far  from  the  notch  plane  and 
perpendicular  to  the  axis  of  the  beam  remain  planar 
and  perpendicular  to  the  axis  after  bending;  (3)  all 
longitudinal  elements  bend  into  concentric  circular 
arcs;  (4)  near  the  peak  load,  the  load  in  the  tensile 
portion  is  carried  solely  by  the  bridging  ductile 
phases;  and  (5)  the  deformation  in  this  portion  only 
comes  from  the  ductile  phases  that  arc  inside  the 
“decohesion  region"  because  other  ductile  phases  arc 


Fig.  12.  Fracture  surfaces  of  Nb  laminae  in  laminated 
composites.  The  direction  of  the  crack  propagation  is  from 
lop  to  bottom,  (a)  N-orientation;  (b)  T-oricntation. 


bonded  to  the  matrix  and  only  undergo  clastic 
deformation. 

As  mentioned  in  the  previous  sections,  near  the 
peak  load  the  load  in  the  tensile  portion  of  the  notch 
plane  is  carried  only  by  the  Nb  ligaments  all  or  some 
of  which  may  have  entered  the  stage  of  plastic 


Fig.  13.  Schematic  of  deformed  bend  bar,  showing  the  relevant  parameters  used  in  the  analysis 


SHAW  and  ABBASCHIAN:  TOUGHENING  MoSij  WITH  Nb 


deformation,  while  in  the  compressive  portion  MoSi2 
matrix  and  Nb  laminae  still  undergo  elastic  defor¬ 
mation.  As  such,  the  position  of  the  neutral  axis  at 
the  notch  plane  shifts  toward  the  bottom  of  the  notch 
as  bending  progresses.  In  order  to  simplify  the  calcu¬ 
lation,  the  neutral  axis  right  at  the  notch  plane  has 
been  chosen  as  the  neutral  axis  for  the  beam.  This  is 
a  reasonable  approximation  since  the  moment  and 
force  balance  arc  calculated  right  at  the  notch  plane. 
Thus,  the  position  of  the  neutral  axis  is  determined 
from  force  balance  at  the  jc-axis  right  at  the  notch 
place,  i.e. 


||  dz  +  ||  ^  <r,((em)d>’  dz  =  0  (5) 


where  <rJ(com,  is  the  stress  component  in  the  x-dircc- 
tion  in  the  compressive  portion,  is  the  nominal 
stress  on  the  bridging  ductile  phases  in  the  tensile 
portion,  h  and  y '  are  defined  in  Fig.  13,  and  z 
direction  is  perpendicular  to  the  x-y  plane. 

Based  on  the  geometry  and  the  assumptions  men¬ 
tioned  above,  it  can  be  shown  that  the  engineering 
strain  in  the  compressive  portion,  <c,  is 


«c  = 


y_ 

R 


(6) 


and  the  nominal  strain  inside  the  dccohcsion  region 
in  the  tensile  portion,  is 


<•=  - 


Rd0 


(7) 


where  R  is  the  radius  of  curvature  of  the  neutral  axis, 
L  is  the  outer  span  of  the  bend  test  setup,  and  d^  is 
the  decohesion  length  at  the  matrix/rcinforccment 
interface.  a,(con0  in  equation  (5)  is  determined  from 
the  corresponding  compressive  strain  in  equation  (6) 
according  to  the  elastic  stress-strain  relations  for 
MoSij  and  Nb,  whereas  is  calculated  from  the 
corresponding  strain  in  equation  (7).  It  should  be 
noted  that  the  relation  between  a,{xn)  and  e,  is  not  an 
clastic  stress-strain  relation  nor  a  relation  from  a 
simple  tensile  test.  is  the  nominal  stress  on  the 
bridging  ductile  phases  which  deform  under  the 


constraints  from  the  matrix.  It  has  been  shown 
[  1 9—2 1 J  that  <T,„cn)  as  a  function  of  crack  opening  can 
be  simplified  into  three  stages:  elastic  deformation, 
plastic  deformation  within  the  decohcsion  region, 
and  localized  plastic  deformation  within  the  necking 
region.  Based  on  this,  <rI(Kn)  as  a  function  of  crack 
opening  has  been  calculated  using  Bridgman  formula 
for  a  necking  plate.  For  the  present  analysis,  the 
equations  derived  in  Ref.  [21]  have  been  utilized  to 
relate  to  Since  at  the  beginning  of  the 

calculation  the  position  of  the  neutral  axis  is  not 
known  for  a  specific  value  of  R.  the  values  of  y  in 
equations  (6)  and  (7)  are  unknown.  An  iteration 
approach  has  been  used  to  calculate  the  position  of 
the  neutral  axis  by  first  assuming  the  midplane  of  the 
beam  as  the  neutral  axis,  then  calculating  the  corre¬ 
sponding  tc  and  £,,  and  substituting  them  into 
equation  (5)  to  check  whether  or  not  equation  (5)  is 
satisfied.  If  equation  (5)  is  not  satisfied,  a  new  neutral 
axis  closer  to  the  bottom  of  the  notch  than  the  former 
neutral  axis  is  assumed,  and  the  new  tc  and  e,  are 
calculated,  and  equation  (5)  checked  again.  The 
procedure  is  repeated  until  the  absolute  values  of  the 
two  terms  on  the  left  hand  side  of  equation  (5)  arc 
within  +  5%  of  each  other. 

Once  the  neutral  axis  for  one  specific  value  of  R  has 
been  found,  then  it  is  straightforward  to  find  the 
bending  force,  P,  using  the  following  equation 

lp  fr  r 

-r-  =  -  dz  +  dz.  (8) 

O  Jo  J -(*->••) 

For  each  R  value  there  is  only  one  corresponding 
bending  force.  By  decreasing  R  gradually,  therefore, 
a  maximum  bending  force  can  be  found  which  is 
regarded  to  correspond  to  the  peak  load  of  the 
load-displacement  curve  of  chevron-notched  speci¬ 
mens.  A  comparison  between  this  approximate  model 
and  experiments  is  made  in  the  following  section. 

4.2.  Comparison  between  the  experiments  and 
analytical  results 

Table  2  compares  the  measured  and  calculated 
damage  tolerances  for  the  N-oricntation  laminated 


Table  2.  Comparison  between  the  measured  and  calculated  damage  tolerances  for 
laminated  composites  with  N-orientation _ 


Thickness  of 
Nb  laminae 
(mm) 

Designation 
of  specimens 

(MPa  •  m  '*) 

^m»a(C«H 

(MPa  m"*) 

ff 

''mn(mr»tl 

0  5 

15.7 

12.5 

-20.4% 

0.5 

14.8 

13.1 

-11.5% 

0.5 

16. 1 

12.8 

-  20.5% 

0.5 

HP054 

15.6 

12  7 

-18  6% 

0.5 

IIP055 

14.7 

12.5 

-15.0% 

0.25 

HP02SI 

15.0 

119 

-20.7% 

0.25 

HP0252 

15.2 

12.4 

-18.4% 

0.25 

HP0253 

14.9 

12.6 

-15.4% 

0.25 

HP0254 

14.9 

12.0 

-19.5% 

0.25 

HP0255 

16.4 

12.5 

-23.8% 

0  25 

HP0256 

14.8 

12.2 

-17.6% 

0.25 

IIP0257 

16.9 

12.6 

-25.4% 

0.25 

IIP0258 

15.7 

12  1 

-  22.9% 

0.25 

Hr0259 

13.2 

11.9 

-  9.8% 
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composites  reinforced  with  11.5  or  0.25  mm  thick  Nb 
laminae.  The  calculation  is  carried  out  on  the  basis  of 
the  actual  dimensions  of  each  specimen,  and  the 
relations  between  and  for  0.5  and  0.25  mm  Nb 
laminae  are  taken  from  Ref.  (21 ).  As  can  be  seen  from 
the  table,  the  model  reflects  the  main  feature  of  the 
ductilc-phasc-rcinforccd  composites,  i.c.  the  peak 
load  of  (he  composites  is  related  to  the  bridging 
capability  and  the  size  of  the  ductile  ligaments. 
However,  the  calculated  damage  tolerance  arc  about 
15%  lower  than  the  measured  values.  The  dis¬ 
crepancy  probably  comes  from  the  assumption  (I) 
because  the  state  of  stress  near  the  notch  plane  is 
three-dimensional.  The  position  dependence  of  the 
dccohesion  length  at  the  interface  may  also  contrib¬ 
ute  to  the  deviation  of  the  calculated  damage  toler¬ 
ance  from  the  measured  counterparts. 

The  model  can  be  directly  extended  to  predict  the 
thickness  effect  of  ductile  laminae  on  the  toughness  of 
the  composites,  provided  that  the  mechanical  proper¬ 
ties  of  the  ductile  laminae  arc  independent  of  their 
thickness.  One  such  calculation  has  been  presented  in 
Fig.  14  in  which  it  is  assumed  that  all  Nb  laminae 
with  different  thicknesses  have  the  same  properties  as 
that  measured  from  0.25  mm  Nb  laminae.  It  is  clear 
from  Fig.  14  that  the  damage  tolerance  of  the  com¬ 
posites  increases  with  increasing  (he  thickness  of  Nb 
laminae.  Thus,  it  can  be  concluded  that  in  the  size 
range  studied  (from  100  to  1000 /tin),  as  Nb  lamina 
thickness  increases,  both  the  damage  tolerance  and 
the  work  of  fracture  of  the  composites  increase. 

Since  the  nominal  stress  on  the  bridging  niobium 
as  a  function  of  the  crack  opening  in  the  T-oricn- 
tation  is  not  known,  the  present  model  cannot  be 
used  directly  to  compare  with  the  experiments  at  the 
T-oricntalion.  However,  as  discussed  above,  the  dam¬ 
age  tolerance  of  the  composites  is  related  to  the 
bridging  capability  of  the  ductile  laminae.  Therefore, 
it  is  believed  that  the  observed  orientation  depen¬ 
dence  of  the  damage  tolerance  is  due  to  the  differ¬ 
ences  in  the  bending  contributions  of  the  Nb  laminae. 
In  fact,  the  moment  of  inertia  of  Nb  cross  section 
about  the  neutral  axis  at  the  notch  plane  reflects  the 
contribution  of  the  Nb  laminae  to  resisting  the 
external  bending  moment  at  the  stage  of  clastic 
deformation.  As  given  in  Table  3,  the  ratios  of  the 
damage  tolerances  and  work  of  fracture  in  the 
N-oricntation  to  the  T-oricntation  arc  very  close  to 


Thickness  of  Nb  laminae,  mm 

Fig  14.  Sire  effect  of  Nb  laminae  on  toughness  of  the 
composites,  calculated  by  assuming  that  different  sires  Nb 
laminae  have  the  same  intrinsic  properties. 

the  ratio  of  the  moment  of  inertia  of  Nb  cross  section 
for  these  orientations,  indicating  that  the  orientation 
dependence  of  damage  tolerance  is  mostly  due  to  the 
different  bending  contributions  of  Nb  laminae. 

5.  SUMMARY  AND  CONCI.USIONS 

The  clfccts  of  size  and  orientation  of  ductile  lami¬ 
nae  on  the  toughness  of  the  ductile-phasc-toughcned 
composites  have  been  evaluated  in  the  MoSij/Nb 
laminated  composites.  It  is  found  that  as  Nb  lamina 
thickness  increases  at  constant  volume  fraction,  the 
work  of  fracture  of  the  composites  increases.  1 1  is  also 
found  that  the  damage  tolerance  of  the  composites 
determined  from  the  peak  load  of  the  chevron- 
notched  specimens  is  determined  by  the  thickness  and 
the  intrinsic  properties  of  the  niobium  laminae.  A 
simple  and  approximate  model  has  been  proposed  to 
analyze  the  chevron-notched  specimens  of  the  duc- 
tilc-phasc-toughcned  brittle  matrix  composites.  The 
analysis  indicates  that  as  Nb  lamina  thickness 
increases,  the  damage  tolerance  of  the  composites 
also  increases  as  well. 

The  damage  tolerance  and  work  of  fracture  of  the 
composites  have  been  shown  to  depend  on  the  orien¬ 
tation  of  the  Nb  laminae.  When  the  crack  propagates 
normal  to  Nb  laminae  (N-oricntation).  the  damage 
tolerance  as  well  as  the  work  of  fracture  of  the 
composites  exhibit  a  lower  value  than  when  the  crack 
propagates  transverse  to  Nb  laminae  (T-oricntation). 


Tabic  J  Measured  toughness  of  the  composites  containing  Nh  laminae  with  a  thickness  of  0. 1 27  mm  and  moment 
of  inertia  of  Nb  cross  section  about  the  neutral  axis  at  the  notch  plane 


Damage 

tolerance* 

(MPa  in1'*7) 

Work  of 
fracture 
(J/m7) 

Moment  of 
inertia  of  Nb 
cross-section 
/Nk (nun*) 

^imMTI 

Work  of 
fracture,*, 

Work  of 

Tract  ure,n 

laminates  with 

12  2  A  0.5 

5490  +  200 

1.261 

N-oricntation 

0.R0 

0  79 

0  84 

Laminates  with 

14  .*)  f  1.4 

6960  +350 

1.507 

T-orienlation 

'Calculated  from  the  peak  load  of  the  bending  test. 
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The  orientation  dependence  of  the  damage  tolerance 
and  work  of  fracture  of  the  composites  can  be 
interpreted  in  terms  of  the  bending  contribution  of 
the  ductile  Nb  laminae.  Despite  the  different  tough¬ 
nesses  in  the  two  orientations  of  Nb  laminae,  both 
orientations  exhibit  a  large  increase  in  toughness  over 
the  unrcinforced  matrix.  The  results  indicate  that 
ductile  laminae  offer  two  dimensional  toughening. 
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Abstract 

Niobium-reinforced  MoSi3  composites  have  *lmwn  n  largo  improvement  In  finclurc  toughness  over  the  MoSi,  mntiix. 
However,  the  chemical  Incompatibility  of  niobium  with  MoSI,  has  lo  be  solved  for  high-tcmpcrnluic  structural  npplicn- 
tions  of  the  composite.  In  addition,  the  effects  of  htterfnclnl  coatings  on  the  fracture  toughness  of  duclilc-phnse-rciuforccd 
composites  need  lo  be  Investigated  to  find  the  optimum  toughening  effect  of  niobium  reinforcement,  in  the  present  study 
different  oxide  coalings,  and  ZrO,,  were  applied  to  niobium  reinforcement  and  effectiveness  of  the  coatings  as 

diffusion  barriers  was  evaluated.  The  mechanical  Irchnvlor  and  the  frnctngrnphic  characteristics  of  constrained  niobium 
were  also  examined.  Finally,  the  effect  of  the  coatings  on  frnclure  toughness  of  the  com|M>sitcs  was  studied  and  compared 
with  predictions  based  upon  tensile  tests  on  a  single  constrained  niobium  reinforcement.  The  results  arc  discussed  in 
terms  of  the  inlet  facial  fracture  energy  and  micromcchnnicnl  models  of  ductlle-phasc-rcinforccd  composites. 


I.  Introduction 

Molybdenum  disilicide  is  an  attractive  candidate 
material  for  elevated-temperature  structure  applica¬ 
tions  because  of  its  high  melting  temperature 
(2030*C),  and  excellent  oxidation  resistance  at 
elevated  lemperalures.  I  lowever,  it  has  a  low  fracture 
toughness  at  ambient  temperatures  and  a  high  creep 
rate  at  high  temperatures.  Toughening  of  the  material 
can  be  achieved  by  (lie  incorporation  of  a  ductile 
second  phase  ( I -6 1.  Previous  studies  (7,  8]  have  shown 
that  incorporating  niobium  filaments  or  foils  into  (he 
MoSij  matrix  is  a  feasible  approach  to  improving  the 
toughness.  For  example,  it  has  been  shown  (8)  that  the 
fracture  toughness  of  MoSi2  can  be  increased  to 
around  12  MPa  m,/2  by  the  incorporation  of  20  vol.7o 
of  niobium  filaments.  However,  the  resulting  com¬ 
posites  are  unstable  at  elevated  temperatures  because 
-niobium  reacts  with  MoSi2,  forming  other  brittle  itiler- 
metnllic  compounds  such  as  (Mo.Nb),Si,  til  the  inter¬ 
face.  The  formation  of  (lie  interracial  compounds  at  the 
expense  of  the  ductile  reinforcement  not  only  degrades 
tlie  toughening  effect  of  the  ductile  phase,  but  al.so 
causes  a  notch  effect  on  the  ductile  phase  |U|.  There¬ 
fore,  the  use  of  an  Inert  diffusion  barrier  coating  on  (lie 
reinforcement  is  essential  to  decrease  the  interface 
interactions  during  processing,  and  also  to  maintain  I  lie 
Integrity  of  (lie  ductile  pltasc  at  elevated  service 
temperatures. 

In  (he  present  study,  oxide  coatings  (Al20,  ami 
ZrOj)  were  applied  to  (he  surface  of  the  niobium 
reinforcement  prior  to  compositing.  The  effectiveness 


of  the  coatings  ns  a  diffusion  barrier  was  evaluated, 
lilfccts  of  the  coatings  on  the  diffusion  path  of  the  com¬ 
posites  and  the  frnctogrnphie  characteristics  of  the 
ductile  reinforcement  were  also  examined.  Further¬ 
more.  effects  of  the  coalings  on  the  toughness  or  the 
composites  were  studied  and  compared  with  predic¬ 
tions  based  upon  tensile  tests  on  a  single  constrained 
niobium  reinforcement. 


2.  Experimental  details 

AIjO,  coating  on  niobium  foils  was  produced  by  a 
sol-gel  technique  nnd  Zr02  coating  was  obtained  by 
dipping  the  foils  Into  a  Zr02  coating  solution.  Details 
of  the  coaling  procedures  can  be  found  elsewhere  |7|. 
Model  composites  of  MoSi2  reinforced  by  20  vol.%  of 
uncorded  or  coated  niobium  foils  were  produced  try 
hot  pressing  at  !40t)’C  for  I  h  under  a  pressure  of  40 
MPa.  The  thickness  of  niobium  foils  used  wns  0.25  mm 
and  the  volume  fraction  of  niobium  reinforcements  was 
controlled  by  stneking  niobium  foils  with  MoSi2 
powders  in  an  appropriate  thickness  ratio. 

The  fracture  toughness  of  tire  composites  was 
measured  by  four-point  bending  on  .7.81  x  5.08  x  25.4 
mm*  chevron  notched  specimens  witii  an  inner  and 
outer  span  of  1 0  and  20  nun,  using  a  hydro-servo  con¬ 
trolled  MTS  with  a  cross-head  speed  of  4x  |0*4  mm 
s*1.  The  chevron  notch  on  the  laminated  composites 
wns  cut  perpendicular  lo  the  foil  plane  using  n  diamond 
watering  blade. 
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The  investigation  of  the  effeet  of  the  coatings  on  the 
mechanical  behavior  of  the  constrained  ductile  phase 
was  achieved  by  tensile  tests  on  prccracked  specimens, 
as  slunvii  in  big.  I.  The  test  specimens  were  prepared 
by  stacking  a  niobium  foil  with  two  layers  of  MoSi, 
powder  at  an  appropriate  ratio  to  form  niobium  foil 
sandwiched  discs  and  then  hot  pressing  under  the  same 
conditions  as  described  for  the  laminated  composites. 
The  discs  were  then  cut  into  rectangular  tensile  test 
bars  with  dimensions  of  5.0  *  3.9  x  30.0  mm*.  Niobium 
foils  with  thicknesses  of  0.25  and  0.5  mm  were  used  in 
this  study.  The  notches  in  the  MoSi,  matrix  were  intro¬ 
duced  using  a  diamond  wafering  blade.  The  distance 
from  the  notch  tip  to  the  laminate  interlace  was 
200  //m.  This  distance  has  been  found  to  be  small 
enough  not  to  distort  the  stress-displacement  curve  of 
the  constrained  ductile  reinforcement  and  at  the  same 
time  maintain  an  appropriate  degree  of  clastic  con¬ 
straint  from  the  matrix  ( 10|.  The  radius  of  the  notch  tip 
was  0.075  mm.  The  tensile  tests  were  conducted  using 
MTS  with  a  displacement  speed  of  2.1  x  10  '  mm  s  '. 
The  fracture  surfaces  of  both  chevron  notched  and 
precracked  specimens  were  examined  with  scanning 
electron  microscopy  (SFM)  to  find  the  relationship 
between  constraining  conditions  and  fracture  surfaces 
of  ductile  phases. 


3.  Results  and  discussion 

.?.  /.  Interactions  between  Nb  and  MoSi , 

The  microstruclure  and  compositional  profiles  of  an 
MoSU-uncoated-niobium  interface  hot  pressed  at 
1400°C  are  shown  in  Fig.  2.  As  seen  in  the  figure, 
niobium  and  MoSi,  reacted  extensively  during  the  pro¬ 
cessing,  forming  three  new  intermelallic  compounds  at 


Fig.  I.  Schematic  diagram  of  a  composite  laminate  tensile  test 
specimen. 


the  interface.  The  resulting  interaction  region  consisted 
of 

Nb||NlvSi,||(Nb.Mo)Si,||(Mo.Nb)5Si,||MoSi, 

However,  it  was  found  that  (Mo.Nb),Si,  existed  in  a 
discrete  form  rather  than  a  continuous  layer.  Most 
(Mo,Nb)sSi,  was  formed  around  the  dark  areas  in  Fig. 
2  which  were  porosities  or  SiO,.  A  high  magnifica¬ 
tion  of  the  (Mo,Nb)5Si,  microstructure  at  the 
MoSi,-(Nb,Mo)Si,  interface  is  shown  in  Fig.  3.  The 
thickness  of  the  interaction  zone  formed  was  measured 
to  be  about  30  //m  for  hot  pressing  at  1400  °C  for  1  It. 
In  addition,  the  nature  of  the  reaction  products  was 
found  to  depend  on  the  processing  temperature  and 
time.  For  example.  Fig.  4  shows  the  interfacial  micro¬ 
structure  and  the  corresponding  composition  profiles 
of  an  MoSii/Nb  sample  which  was  hot  pressed  at 
1 700  °C  for  30  min.  As  seen  in  the  figure,  at  this  pro¬ 
cessing  temperature  only  one  (Nb,Mo)<Si,  inlerphase 


Fig.  2.  Microstruclure  and  composition  profile  across  the  inter¬ 
face  in  the  MoSi./uucoatcd  Nb  composite,  hot  pressed  at 
MOOT'. 
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Fig.  .1.  Microslnicturc  of  (Mo.Nb).Si,  at  the  MoSi,-(Nh.Mo)Si, 
interface  in  the  MoSij/uncoatcd-niohium  composite,  hot  pressed 
at  MOOT. 


Fig.  4.  Microslnicturc  and  composition  profile  across  the  inter¬ 
face  in  the  MoSi,/uncoatcd-niobium  composite,  hot  pressed  at 
1700  V. 


w;ts  formed  instead  of  the  three  inlermetallics.  Nb?Si,. 
(Nb.Mo)Si,  and  (Mo,Nb)5Si„  formed  at  1400  V. 

Such  temperature  dependence  of  interpltase  forma¬ 
tion  can  be  explained  in  terms  of  the  Mo-Si-Nb 
ternary  phase  diagram  and  temperature  dependence  of 
the  diffusivity  of  each  elemental  species.  The  available 
isopleth  through  MoSi,/Nb  1 1 1 1  shows  that  there  are 
two  four-phase  equilibria,  at  1 7.10  and  1740T  ,  asso¬ 
ciated  with  the  MoSi:/Nb  vertical  section.  The  isopleth 
1 1  I  j  also  shows  that  the  relevant  phase  fields  remain 
essentially  unchanged  below  the  two  four-phase  equi¬ 
libria.  Therefore,  the  composition  path  in  the  present 
study  can  be  analyzed  on  the  basis  of  the  800  V  iso¬ 
thermal  section  1 1 2 J,  which  has  been  slightly  modified 
by  Lu  cl  ul.  1 1  Ij  to  eliminate  the  Nb4Si  phase  1 1 4 1  and  is 
shown  in  Fig.  5.  The  composition  paths  for  hot  press¬ 
ing  at  1 400  °C  and  1 700  V  are  also  shown  in  F  ig.  5  by 
lines  A  and  B  respectively.  The  non-planar  interface  of 
Nb,Si.,-(Nb.Mo)Si;  in  Fig.  2  (hot  pressed  at  1400  V) 
suggests  that  the  composition  path  crosses  the  corre¬ 
sponding  two-phase  region  by  cutting  across  the  tie 
lines.  However,  the  sharp  interface  of  Nb-Nb,Si, 
indicates  that  the  composition  path  runs  along  the  tie 
line  in  the  corresponding  two-phase  region.  Therefore, 
the  composition  path  for  1400  V  is  shown  in  the 
following  route: 

MoSi,  —  (Mo.Nb)Si:  +  (Mo.Nb),Si,  (discrete  form) 
—  (Mo,Nb)Si2  +  (Nb.Mo)SU  —  (Nb.Mo)Si, 

— -  (Nb.Mo)Si,  +  (Nb.Mo),Si, (cutting across 

the  tie  lines) 

— w  NlvSi,  +  Nh  (along  the  tie  line  of  the 
binary  system) 

—  Nb 

Similarly,  based  on  the  microstructure  examination 
and  composition  analysis,  the  composition  path  for  hot 
pressing  at  1 700  °C  (Fig.  4)  is 

MoSi,  —  (Mo.Nb)Si:  +  (Mo.Nb)?Si,  (cutting  across 

the  tie  lines) 


— *-  (Mo.Nb)5Si, 

— Nb,Si ,  +  Nb  (along  the  tie  line  of  the 
binary  system) 

—  Nb 

Since  the  isopleth  of  the  Mo-Nb-Si  system  1 1  1 1  shows 
that  the  relevant  phase  fields  remain  essentially 
unchanged  below  1 710  V,  the  difference  in  the  micro¬ 
structures  at  different  processing  temperatures  below 
1710  V  might  be  due  to  the  changes  in  the  interface 
reaction  rate  which  is  proportional  to  the  free  energy  of 
formation  of  these  compounds  or  due  to  changes  in  dif¬ 
fusion  kinetics  of  the  elemental  species  to  the  reaction 
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Si 


Fig.  5.  Isothermal  section  of  the  Mo-Si-Nb  ternary  diagram  [  1 2| 
at  800  °C.  showing  the  composition  path  of  Nb/MoSi,  systems. 
Line  A  is  for  1 400  °C  and  line  B  for  1 700  “C. 


sites.  According  to  the  phase  diagram  shown  in  Fig.  5, 
the  compounds  formed  in  the  MoSi2/Nb  diffusion 
couple  may  be  described,  depending  on  whether  or  not 
(Nb,Mo)Si2  forms,  by  the  following  formulae: 

MoSij  +  flNb  — *  />(Mo,,Nb|_1)5Si, 

+  <-(Nb,_„Mor)Si2  (i) 

or 

MoSi:  +  [(l  -z)/z]Nb  -~(l/5z)(Mo.,Nb,  ..),Si,  (2) 

where  the  coefficients  a,  b ,  c,  jt,  y  and  z  depend  on  the 
composition  and  relative  amounts  of  the  products.  l;or 
the  above  equations,  it  is  assumed  that  I  mol  of  MoSi, 
reacts  completely  with  the  required  amount  of  niobium 
to  form  the  compounds  listed  on  the  right-hand  side  of 
the  equations.  The  free  energy  for  reaction  ( I )  can  be 
calculated  by  considering  several  intermediate  steps, 
such  as  the  following 

MoSi2  +  Nb  =  (4/7)NbSi2  +  (  1  /5)Mo5Si,+(3/35)Nb,Si, 

(3) 

JtMoJSi1  +  (l  -4r)Nb5Si1  =  (MoJ,,Nb|  _,)5Si,  (4) 

and 

yMoSi,  +  ( 1  -  y)NbSi2  =  (Nb,  _  v,Mo,.)Si2  (5) 

Similarly,  reaction  (2)  can  be  broken  down  into 
MoSi2  +  (7/3)Nb  =  (7/ !  5)Nb,Si,  +  (3/ 1 5)Mo<Si,  (6) 


TA  HLE  I .  The  standard  free  energy  of  formation  for  some 
possible  reactions  in  the  MoSi,/Nb  diffusion  couple 


Reaction 

&( >\  too 

A  (  1 1  T,m 

(kcal  mol  ') 

(kcal  mol  1 ) 

3 

-  44.46 

-  49.76 

6 

-  37.45 

-  38.20 

and 

(I  —  z  )Nb5Si,  +  tMo5Si,  =  (Mo.,Nb,_.)5Si,  (7) 

Reactions  (4),  (5)  and  (7)  correspond  to  the  forma¬ 
tion  of  (he  solid  solutions  from  mixing  of  the  pure  com¬ 
ponents.  Based  on  the  available  thermodynamic  data 
1 1 5|.  free  energies  of  formation  for  consuming  I  mol  of 
MoSi2  in  reactions  (3)  and  (6)  were  calculated  for  two 
different  temperatures,  I400°C  and  I7()()°C.  and  the 
results  are  listed  in  Table  1.  As  seen  in  the  table,  free 
energies  of  formation  for  reactions  (3)  and  (6)  do  not 
change  much  as  the  hoi  pressing  temperature  increases 
from  1400°C  to  1 700  °C.  It  should  be  noted  that 
depending  on  the  amounts  of  MoSi,  and  niobium  par¬ 
ticipating  in  reaction  (3),  the  ratio  of  the  products 
NbSi2  to  Nl^Si,  may  not  be  fixed  as  indicated  in  the 
equation.  Other  possibilities  such  as  the  formation  of 
much  more  NbvSi,  than  NbSi2  or  a  similar  amount 
have  also  been  considered.  However,  the  calculations 
show  that  the  same  conclusion  mentioned  above  (for 
the  case  of  more  NbSi2  than  Nb,Si,)  still  holds  for  these 
cases.  Since  no  data  on  the  free  energy  of  mixing  for 
reactions  (4)  and  (7)  are  available,  the  free  energy  of 
mixing  can  be  assumed  to  be  ideal.  This  may  not  be  an 
unreasonable  approximation  since  (Mo„Nb,  .  ,)5Si,  is 
a  continuous  solid  solution  as  shown  in  Fig.  5.  For  this 
case,  the  free  energy  of  mixing  is  proportional  to  tem¬ 
perature  for  a  fixed  composition.  Thus,  the  change  in 
the  free  energy  of  mixing  for  reactions  (4)  and  (7)  from 
1 400  °C  to  1 700  °C  should  not  change  the  order  of  the 
free  energy  of  formation  for  reactions  (1)  and  (2).  A 
similar  argument  may  apply  to  reaction  (5).  since  the 
isopleth  of  the  Mo-Nb-Si  system  [11)  shows  that  the 
relevant  phase  fields  remain  essentially  unchanged 
below  I730°C,  i.e.  the  phase  relations  between 
(Nb,Mo)Si:,  (Mo.Nb)Si:  and  (Nb,Mo)<Si,  remain 
unchanged  (Fig.  5).  implying  that  (Nb, .  ,,Mov)Si2 
behaves  more  or  less  like  an  ideal  solid  solution.  Thus, 
although  the  free  energies  of  formation  for  reactions  ( 1 ) 
and  (2)  change  with  temperature,  the  order  of  the  free 
energy  of  formation  for  reactions  ( 1)  and  (2)  does  not 
vary  with  temperature  in  the  range  of  interest.  There¬ 
fore,  the  effect  of  the  free  energy  of  formation  of  these 
compounds  on  the  reaction  kinetics  may  not  explain 
the  observed  microstructural  changes  from  1400°C  to 
1 700  °C. 
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In  contrast,  the  microstructural  changes  in  the  inter¬ 
action  zone  at  different  processing  temperatures  could 
be  due  to  the  change  in  the  diffusion  kinetics  of  silicon, 
niobium  and  molybdenum,  as  will  be  discussed  below. 
The  composition  profile  in  Fig.  2  (1400°C)  sitows 
clearly  that  silicon  diffuses  far  deeper  into  the  niobium- 
rich  region  than  molybdenum,  indicating  that  silicon 
has  a  higher  mobility  than  molybdenum.  This  is  con¬ 
sistent  with  the  available  literature  data  1 16,  1 7),  which 
show  that  diffusivities  of  silicon  and  molybdenum  in 
niobium  can  be  expressed  as  follows: 

/)Si  =  0.51  x  10  2exp(-4800()/K7)  700- 1 500  °C 

/>M„  =  92  exp(  -  1 22000 JUT)  1 725-2 1 82  °C 

The  above  equations  indicate  that  the  diffusion  coeffi¬ 
cients  of  silicon  in  niobium  at  1 400  °C  and  1700  °C  arc 
2.73  x  10" 9  and  2.45  x  10' K  cm-  s' 1  respectively.  For 
molybdenum,  the  corresponding  values  are 
1 .56  x  10" 14  and  2.8 1  x  10" 12  cm2  s" '.  Because  of  the 
low  mobility  of  molybdenum  relative  to  silicon,  the 
interphase  formation  at  !400°C  is  expected  to  be 
dominated  by  the  diffusion  of  silicon  into  the  niobium 
region.  This  is  supported  by  the  formation  of  Nb5Si, 
adjacent  to  niobium  instead  of  the  formation  of 
(Nb,Mo),Si.,.  However,  as  the  temperature  increases, 
the  diffusion  of  molybdenum  becomes  more  pro¬ 
nounced  relative  to  the  diffusion  of  silicon  because  of 
its  higher  diffusion  activation  energy,  and  therefore  a 
stronger  temperature  dependence  of  its  diffusivity. 
Similarly,  niobium  diffusion  becomes  more  competitive 
at  high  temperatures,  which  combined  with  the  diffu¬ 
sion  of  molybdenum  leads  to  the  formation  of 
(Nb,Mo)5Si,  at  1 700  °C,  as  shown  in  F  ig.  4.  The  limited 
growth  of  the  (Mo,Nb)Si2  interphase  at  I700°C  is 
probably  due  to  the  faster  growth  of  (Mo,Nb)5Si, 
caused  by  the  more  pronounced  diffusion  of  niobium 
relative  to  silicon  at  high  temperatures.  It  should  be 
noted  that  at  1400  °C,  growth  of  Nb5Si,  depends 
mainly  on  the  transport  of  silicon  through  the 
(Nb,Mo)Si2  layer.  However,  at  1 700  °C,  as  niobium  dif¬ 
fusion  becomes  more  pronounced,  the  growth  of 
(Mo,Nb)5Si,  is  enhanced  not  only  in  the  direction  of  the 
niobium-rich  region  but  also  in  the  direction  of  the 
(Nb,Mo)Si2  interphase.  Thus,  when  the  diffusion  of 
niobium  becomes  competitive  with  respect  to  the  diffu¬ 
sion  of  silicon,  the  growth  of  (Mo,Nb)5Si,  will  be 
enhanced  and  that  of  (Nb,Mo)Si2  limited.  In  Section 
3.2  where  the  hot  pressing  temperature  is  kept  at 
1400°C,  some  more  evidence  will  be  provided  that 
whenever  diffusion  of  niobium  becomes  more  com¬ 
petitive  with  respect  to  the  diffusion  of  silicon,  the 
growth  of  (Nb,Mo)Si2  becomes  limited. 

Note  that  according  to  the  conservation  of  mass, 
much  more  (Mo,Nb)5Si,  should  exist  in  the  diffusion 
couple.  However,  only  a  small  amount  of  (Mo,Nb)5Si3 


has  been  observed,  as  shown  in  Fig.  2.  This  is  believed 
to  be  due  to  the  presence  of  SiO;  and  free  silicon  in  the 
commercially  pure  MoSi2  powder  as  shown  in  Fig.  2 
and  reported  in  refs.  1 8  and  1 9.  The  presence  of  SiO, 
and  free  silicon  shifts  the  actual  composition  of  the 
starting  MoSi,  powder  to  the  MoSi2-Si  two-phase 
field,  instead  of  the  single-phase  MoSi;  field.  T  he  pres¬ 
ence  of  the  extra  silicon  is  also  reflected  in  the  com¬ 
position  profile.  As  shown  in  Fig.  2.  Matano  interfaces 
of  three  elements  are  not  at  the  same  position,  with  the 
silicon  Matano  interface  far  closer  to  the  niobium-rich 
side  than  that  of  molybdenum.  However,  the  difference 
in  the  position  of  the  Matano  interfaces  becomes 
smaller  at  1 700  °C.  as  shown  in  Fig.  4.  The  results  sug¬ 
gest  that  the  presence  of  excess  silicon  and  SiO:  con¬ 
tributes  more  to  the  diffusion  process  at  lower 
temperatures,  whereas  at  high  temperatures  contribu¬ 
tions  from  MoSi,  and  niobium  became  more 
pronounced. 

3.2.  Effect  of  the  coatings  on  the  diffusion  path 

Comparison  of  interfacial  microstructures  of  MoSi2 
with  coated  and  uncoated  niobium  is  shown  in  Fig.  6. 
At  1700°C  the  thickness  of  the  interaction  layer 
between  niobium  and  MoSi2  has  been  reduced  from 
approximately  30  /<m  for  the  uncoated  interface  to 
about  6  //m  for  the  Zr02  coated  samples.  In  addition, 
the  composition  of  the  interphase  formed  was  deter¬ 
mined  to  be  NbjSij,  instead  of  (Mo,Nb)5Si2  for  the 
uncoated  samples,  suggesting  a  substantial  reduction  in 
the  diffusion  of  niobium  and  molybdenum  across  the 
coating.  For  1400  °C  the  thickness  of  the  interaction 
layer  has  also  been  reduced  from  approximately  30  /<m 
to  about  4  /on  upon  coating  of  niobium  foils  with 
AI2Ov  Furthermore,  only  one  interphase  (Nb5Si,)  was 
observed,  instead  of  the  three  interphases  Nb5Si,, 
(Nb,Mo)Si2  and  (Mo,Nb)5Si,  for  the  uncoated  samples 
(Fig.  2).  The  reduction  in  the  thickness  and  change  in 
the  composition  of  the  interfacial  compounds  formed 
at  1700  and  1400°C  can  again  be  attributed  to  the 
retardation  of  silicon  diffusion  and  the  suppression  of 
niobium  and  molybdenum  diffusion  across  the  coat¬ 
ings.  Note  that  the  suppression  of  niobium  diffusion 
across  the  coatings  leads  to  the  absence  of  interphase 
formation  in  the  MoSi2  side  of  the  oxide  coating, 
whereas  suppression  of  molybdenum  diffusion  results 
in  the  formation  of  only  the  binary  compound,  instead 
of  the  ternary  compound,  in  the  niobium  side.  In  addi¬ 
tion,  retardation  of  silicon  diffusion  in  the  coated 
samples  favors  the  formation  of  niobium-rich  com¬ 
pounds,  such  as  NbjSij,  instead  of  NbSi2. 

The  effectiveness  of  the  coatings  as  a  diffusion 
barrier  was  found  to  be  affected  not  only  by  the  quality 
and  integrity  of  the  coating  itself,  but  also  by  the  pres¬ 
ence  of  Si02  and  free  silicon  near  the  coating.  A  typical 
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microstructure  of  MoSi2  hot  pressed  witli  sol-gel- 
coated  niobium  is  shown  in  Fig.  7.  As  can  be  seen,  the 
coating  is  discontinuous.  'This  is  believed  to  be  due  to 
the  interaction  of  the  coating  with  SiO,  and  free  silicon 


Fig.  ft.  Intcrfacial  microstructures  of  MoSi2  with  (a)  uncoalcil 
niobium,  hot  pressed  at  17()0*C,  (b)  AI2Oa -coated  niobium,  hot 
pressed  at  14()()°C.  (c)  ZrO,-coalcd  niobium,  hot  pressed  at 
1  70(1  °(\ 


|2()|.  This  coating  degradation  can  be  elimintUed  by 
improvements  in  the  matrix  chemistry.  As  h;is  been 
shown  by  Kaufman  and  coworkers  1 2 1 ,  22 J.  one 
promising  approach  is  to  convert  SiO,  and  silicon  into 
SiC  by  mechanically  mixing  elemental  molybdenum 
and  silicon  powders  with  excess  carbon.  The  formation 
of  SiC  by  this  method  not  only  eliminates  the  detri¬ 
mental  effect  of  SiO,  and  free  silicon,  but  also  provides 
in  situ  compositing  of  MoSi,  with  SiC.  Optimization  of 
this  processing  technique  is  currently  under  develop¬ 
ment  1 22 1. 

The  extent  of  the  retardation  of  silicon  diffusion  has 
been  found  to  depend  also  on  the  quality  of  the  coat¬ 
ings.  For  example,  the  apparent  diffusivity  of  silicon  in 
the  sol-gel  derived  Al,0,  coating  has  been  estimated  to 
be  larger  than  2.0 x  It)  K  enr  s  1  at  1400 °C  |7|.  Such 
high  diffusivity  has  been  attributed  to  the  grain  bound¬ 
ary  diffusion  and  vapor  phase  diffusion  through  the 
pinholes  which  are  characteristic  defects  associated 
with  sol-gel  processing.  Therefore,  in  order  to  reduce 
further  the  silicon  diffusion,  grain  boundary  area  and 
processing  defects  must  be  minimized  in  the  coating. 
Figure  X  shows  a  microstructure  and  the  correspond¬ 
ing  composition  profile  of  an  MoSi,  and  sol-gel  coated 
niobium  interface  which  is  obtained  via  electrophoresis 
with  optimized  processing  parameters.  As  seen  in  the 
figure,  the  thickness  of  the  interphase  has  been  reduced 
from  approximately  30  /on  to  less  than  I  /mi.  com¬ 
pared  with  the  uncoalcd  samples.  Flic  reaction  product 
in  this  case  could  not  be  determined  because  its  thick¬ 
ness  was  close  to  the  beam  size  of  the  electron  micro¬ 
probe  (approximately  I  /on).  Nevertheless,  the  result 
indicates  that  if  the  coating  is  dense  enough,  the  diffu¬ 
sion  of  silicon  can  be  effectively  limited,  and  therefore 
the  interaction  between  niobium  and  MoSi,  can  be 
prevented. 


Fig.  7.  A  typical  microstructure  of  MoSi2,  hot  pressed  with  sol- 
gcl-coatcd  niobium. 
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AI-.Q, -coated  aiul  uneoated  interfaces  respectively. 
Moreover,  the  decoliesion  length  at  the  matrix-rein¬ 
forcement  interface  litis  been  found  to  be  inversely  pro¬ 
portional  to  the  interfacial  fracture  energy,  i.e.  the 
ZrO, -coated  interlace  exhibits  the  longest  decohesion 
length,  followed  by  the  Al:0, -coated  and  then  the 
uncoated  interface  [23 j.  The  constraint  from  the  matrix 
on  the  deformation  of  niobium  is  related  to  the  decohe¬ 
sion  length.  The  longer  the  decohesion  length  is,  the 
lower  the  constraint  from  the  matrix.  Thus,  the 
uncoated  composites  have  a  larger  constraint  from  the 
matrix  on  the  ductile  phase,  indicated  by  a  shorter 
decoliesion  length  j 23 1.  The  fracture  surfaces  shown  in 
Fig.  d(a)  and  (c)  show  that  as  the  constraint  increases, 
the  fracture  mode  niobium  changes  from  dimple  to 
quasi-cleavage.  Similar  to  the  Al,0, -coated  samples, 
the  ZrO:-coaled  Nb/MoSi,  system  also  has  weak 
bonding  at  the  interface.  However,  the  fracture  of 
ZrO;-coated  niobium  does  not  strictly  follow  the  con¬ 
straint-fracture  mode  relation  observed  in  the 


uneoated  and  AI.O, -coated  systems.  One  possible 
reason  is  the  embrittlement  of  niobium  by  the  intersti¬ 
tial  oxygen  in  the  Zr02-coated  systems  [23 1. 

The  fact  that  the  fracture  mode  of  the  ductile  phase 
depends  on  the  constraint  condition  can  be  further 
illustrated  by  I'ig.  10  which  shows  the  fracture  surfaces 
of  uneoated  niobium  foils  at  different  locations  in  the 
laminated  composites.  As  seen  in  the  figure,  the  frac¬ 
ture  mode  of  niobium  foils  has  changed  from  cleavage 
to  dimple  rupture  as  the  location  of  the  niobium  foils 
changes  from  near  the  tip  of  the  notch  to  the  bottom  of 
the  notch.  Between  these  two  positions,  a  mixed  mode 
of  fracture  is  observed.  Owing  to  the  change  in  stress 
state  during  the  bending  test,  a  longer  decoliesion 
length  was  observed  to  occur  at  the  bottom  of  the 
chevron  notch  than  at  the  tip.  which  leads  to  a  less  con¬ 
strained  condition  for  the  niobium  foils  at  the  bottom. 
Therefore,  the  fracture  mode  of  the  ductile  phase 
changes  from  the  total  dimple  to  mixed  mode,  and  even 
to  cleavage,  whenever  the  constraint  increases  either  by 
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Fig.  10.  Fracture  surfaces  of  uneoated  niobium  foils  in  a  chevron  notched  specimen,  showing  that  the  fracture  mode  of  niobium  foils 
changes  with  position. 
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changing  tiie  interfacial  properties  or  by  changing  t lie 
stress  state.  Thus,  fractographic  analysis  can  be  used  to 
estimate  the  degree  of  constraint  qualitatively. 

4.  Effect  of  the  coatings  on  the  mechanical  behavior  oj 
constrained  ductile  phases 

The  effects  of  the  coatings  on  the  stress-displace¬ 
ment  curves  of  the  tensile  lest  on  precracked  speci¬ 
mens  (see  Fig.  I )  is  shown  in  Fig.  I  I .  It  has  been  shown 
previously  [1()|  that  owing  to  the  appropriate  choice  of 
notch  depth  in  the  precracked  specimens,  the  cracks 
during  tensile  testing  are  initiated  at  the  notch  tips  at 
very  low  stress  levels.  Thus,  the  curves  in  big.  1 1  arc 
characteristic  of  the  flow  behavior  of  the  constrained 
ductile  phase.  As  shown  in  the  figure,  the  uncoated 
niobium  exhibits  the  highest  peak  stress,  followed  by 
the  AKOy -coated  and  then  the  ZrO, -coated  niobium. 
In  contrast,  the  ZrO,-coated  niobium  has  the  hugest 
work  of  rupture  (the  area  under  the  curve).  The 
measured  peak  stress  and  work  of  rupture  for  0.25  mm 
thick  niobium  lamina  are  summarized  in  Table  2.  I'he 
decohesion  length  at  the  interface  and  the  interfacial 
fracture  energy  measured  using  chevron  notched  short 


Fig.  1 1.  Effect  of  the  coatings  on  the  stress-displacement  curves, 
measured  from  prccrackcd  specimens  with  0.5  mm  thick 
niobium  lamina. 


bars  of  laminated  composites  [23|  are  also  presented  in 
Table  2  to  illustrate  the  relation  between  the  constraint 
condition  and  the  mechanical  characteristics.  Also 
included  in  Table  2  is  the  microhardness  of  niobium  in 
the  prccrackcd  specimens,  which  shows  the  effect  of 
the  processing  conditions  on  the  hardness  of  the 
niobium  foils. 

Table  2  shows  clearly  that  the  degree  of  constraint 
on  the  ductile  phase  decreases  with  decreasing  fracture 
energy  of  the  interface,  as  indicated  by  the  increase  in 
decohesion  length.  In  addition,  as  the  degree  of  con¬ 
straint  decreases,  the  peak  stress  also  decreases,  but  the 
work  of  rupture  increases.  These  findings  are  consis¬ 
tent  with  theoretical  analyses  of  Sigl  et  at.  ( 24 j.  Evans 
and  McMeeking  (25)  and  Ashby  et  at.  [26|. 

Toughening  of  brittle  materials  by  the  bridging  of 
ductile  phases  can  be  estimated  with  the  aid  of  the 
following  equation  (24,  25] 

H* 

A  (I  =  V,  J  o(tt)  dit  (8) 

0 

where  o(tt)  is  the  nominal  stress  carried  by  the  con¬ 
strained  ductile  reinforcement  for  a  given  crack  open¬ 
ing  it,  V ,  is  the  volume  fraction  of  the  reinforcement 
and  n  *  is  the  crack  opening  at  the  point  when  the 
ductile  reinforcement  fails.  The  integral  in  eqn.  (8) 
corresponds  to  the  area  under  the  stress-displacement 
curve  from  the  tensile  test  on  a  single  constrained 
ductile  reinforcement.  The  steady-state  toughness  of 
the  composite  K(  can  be  related  to  the  fracture  energy 
increase  A (7  by  the  use  of  the  Rice  J-integral  (27).  as 
follows: 


(i  -v:)k: 


:i  ~  vm')K„ 

I  -  m 


■  +  ac; 


(9) 


where  v,  E  and  K  are  Poisson’s  ratio,  the  clastic  modu¬ 
lus  and  fracture  toughness  respectively.  The  subscripts 


TABLE  2.  Measured  damage  tolerance,  steady-state  toughness  and  other  relevant  parameters  from  the  tensile  tests  and  bend  tests 


Material 

Uncoatcd  Nb 

ALO, -coated  Nb 

ZrO, -coated  Nb 

HV  (kg/mm2) 

131 

134 

131 

Intcrfacial  fracture  energy*  (J  m '  •’) 

>  33.7  ±  1.4 

16.1  1  1.3 

12.81  1.0 

Dccohcsion  length*  (mm  j 

0.86  ±0.09 

0.9410.23 

1.31  10.61 

Peak  stress'1  (MPa) 

350  ±  1 5 

340 1  30 

3301  15 

Work  of  ruptureb  (J  m ~ 2) 

8540017800 

92400 1 9500 

10320017300 

Steady-state  toughness1’  (MPa  m'/2) 

88 

92 

97 

Damage  tolerance'  (MPa  ml/2) 

15.21  1.3 

14.01 1.5 

1 2.8  1  1 .5 

Work  of  fracture' (J  m"2) 

2160013000 

287001  1900 

2870014600 

‘From  chevron  notched  short  bars  of  laminated  composites  |23). 
bFrom  tensile  tests  on  a  single  constrained  niobium  foil  (0.25  mm  thick). 

'From  bend  tests  on  chevron  notched  composite  laminates  reinforced  with  20  vol.%of  niobium  laipinac  (0.25  mm  thick). 
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c  ami  m  refer  to  the  composite  anil  matrix  respectively. 
Using  the  experimental  data  from  the  tensile  tests  on 
the  precracked  specimens,  tile  fracture  toughness  of 
the  Nb/MoSi,  system  has  been  calculated  using  ei|iis. 
(S)  and  (l>)  and  the  results  are  compared  with  the 
measured  fracture  toughness  presented  in  die  next 
section. 


,?.5.  Effect  of  the  coatings  on  the  fracture  toughness  of 
the  laminated  composites 

Typical  load-displacement  curves  of  four-point 
bending  tests  on  the  chevron  notched  specimens  of 
uncoated  and  coated  niobium  reinforced  composites 
arc  shown  in  big.  12.  As  can  be  seen,  the  maximum 
load  increases  with  increasing  the  degree  of  con¬ 
straint,  that  is  uncoated  niobium-reinforced  laminates 
exhibit  the  highest  maximum  load.  The  maximum  load 
reached  by  the  chevron  notched  specimen  can  be  used 
to  calculate  the  fracture  toughness  with  the  aid  of  the 
following  equation  |28) 


Kk  = 


(10) 


where  is  the  maximum  test  load,  II  and  W  are  the 
width  and  height  of  the  bending  bar  respectively,  and 
Y*  is  the  dimensionless  stress  intensity  factor  coeffi¬ 
cient.  The  latter  is  a  function  of  the  geometry  of  the 
specimen  and  bending  test  set-up.  Substituting  the 
measured  into  eqn.  (10),  the  calculated  fracture 
toughness  is  obtained  and  listed  as  damage  tolerance  in 
Table  2.  For  comparison,  the  steady-slate  toughness 
calculated  from  the  work  of  rupture  of  a  single  con¬ 
strained  ductile  phase  is  also  listed  in  the  table. 

It  is  noted  that  a  very  large  discrepancy  exists 
between  the  fracture  toughnesses  calculated  from  the 
two  aforementioned  methods.  The  discrepancy  is  be¬ 
lieved  to  be  due  to  the  fact  that  the  fracture  toughness 


big.  12.  Typical  load -displacement  curves  of  IkmhI  tests  on 
chevron  notched  laminates  reinforced  with  20  vol.%  of  coated 
and  uncoated  niobium  foils,  hot  pressed  at  1 4(l(l"('. 


measured  from  the  peak  load  of  the  bend  test  oil  the 
chevron  notched  specimens  is  not  a  steady-state  trac- 
lure  toughness,  but  merely  tin  indicator  of  the  damage 
tolerance  of  the  composites.  The  previous  study  has 
shown  |K|  that  a  primary  crack  has  already  propagated 
through  the  entire  MoSi,  matrix  at  a  load  level  of  about 
20%  or  the  peak  load  in  the  bend  test.  Heyond  this 
level,  the  load  is  mainly  carried  by  the  niobium 
reinforcement  alone.  Therefore,  to  measure  the  actual 
toughness  using  the  bending  test  of  chevron  notched 
specimens,  a  very  huge  size  specimen  has  to  be  used. 
An  alternative  approach  would  be  to  reduce  the  size  of 
the  ductile  phase,  which  would  in  turn  lead  to  a 
decrease  in  the  length  of  the  bridging  zone,  making  the 
ductile  phase  more  effective  in  preventing  the  crack 
opening.  Thus,  the  size  of  the  crack  will  be  much 
smaller  than  that  of  the  specimen  dimensions.  Under 
these  conditions,  the  damage  tolerance  measured  from 
the  bend  test  on  chevron  notched  specimens  may 
become  a  valid  measurement  of  fracture  toughness.  In 
contrast,  the  fracture  toughness  calculated  from  the 
work  of  rupture  is  a  steady-state  fracture  toughness. 
Therefore,  only  with  an  appropriate  combination  of 
sizes  of  test  specimen  and  ductile  reinforcement  can  the 
two  testing  methods  exhibit  a  similar  result.  Calculation 
of  the  critical  size  of  the  ductile  reinforcement  for  such 
a  situation  is  currently  under  development. 

Figure  12  also  reveals  another  salient  feature  lot- 
ductile  phase  toughening,  that  is  that  the  mechanical 
behaviors  of  ZrO:-  and  AI,Oy -coated  systems  are  simi¬ 
lar,  and  both  show  an  increase  in  the  carried  load  in  the 
last  part  of  the  displacement  curves  which  is  caused  by 
extensive  delamination  at  the  interface;  this  means  that 
the  niobium  can  deform  under  a  much  less  constrained 
condition  and  much  more  niobium  participates  in 
deformation.  I  because  of  this  feature,  the  total  energy 
consumed  to  break  a  specimen  (area  under  the  curve) 
for  the  coaled  composites  is  larger  than  for  the 
uncoated  composites.  To  reflect  this  feature,  the  work 
of  fracture,  defined  as  the  total  energy  normalized  with 
respect  to  the  generated  crack  area  during  the  bend  test 
|2y|,  is  calculated  and  included  in  Table  2.  Comparing 
the  values  measured  from  these  tests  shows  that  the 
damage  tolerance  and  the  peak  stress  have  the  same 
trends  as  the  interfacial  fracture  energy  changes, 
whereas  the  steady-state  fracture  toughness  and  the 
work  of  fracture  follow  the  opposite  trend.  These 
results  indicate  that  whether  or  not  strong  interfacial 
bonding  is  conducive  to  improving  the  toughness 
depends  on  the  criterion  used  to  describe  the  tough¬ 
ness  of  the  composite.  If  the  damage  tolerance 
measured  from  chevron  notched  specimens  is  used  as 
an  indicator  of  the  toughness,  strong  bonding  would  be 
desirable.  However,  if  the  work  of  fracture  and/or 
steady-stale  toughness  are  used  as  indicative  of  its 
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toughness,  then  a  relatively  weak  bonding  would  be 
preferable. 


4.  Concluding  remarks 

The  present  set  of  experiments  shows  that  niobium 
interacts  with  MoSi,  extensively  at  high  temperatures 
forming  various  interfacial  compounds.  The  nature  and 
composition  of  the  compounds  are  found  to  depend  on 
the  processing  temperature,  and  to  depend  on  tite  dif¬ 
fusion  kinetics  of  silicon,  niobium  and  molybdenum. 
'I'he  oxide  coatings  (ALO,  and  Zr02)  suppress  the 
interdiffusion  of  niobium  and  molybdenum,  and  limit 
the  diffusion  of  silicon,  leading  to  the  very  limited  inter¬ 
action  between  niobium  and  MoSi:. 

It  has  been  demonstrated  that  the  degree  of  con¬ 
straint  on  the  ductile  phase  decreases  with  decreasing 
fracture  energy  of  the  interface.  Fractographic  analysis 
has  been  utilized  to  estimate  the  degree  of  constraint 
on  the  ductile  phases  and  provide  an  alternative  to 
analyzing  the  constraints  when  the  stress  states  are 
complicated. 

Toughness  analyses  indicate  that  whether  or  not  a 
strong  interfacial  bonding  is  conducive  to  increasing 
toughness  depends  on  the  criterion  used  to  describe 
the  toughness  of  the  composites.  If  the  damage  toler¬ 
ance  measured  from  chevron  notched  specimens  is 
used  as  an  indicator  of  the  toughness,  strong  bonding 
would  be  desirable.  However,  if  the  work  of  fracture 
measured  from  chevron  notched  specimens  and/or 
steady-state  toughness  measured  from  the  tensile  test 
on  a  single  constrained  ductile  phase  are  used  as 
indicative  of  the  composite  toughness,  then  a  relatively 
weak  bonding  is  preferable. 
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rapid  spreading  of  liquid  aluminum  throughout 
the  powder  mass.  This  is  followed  by  the  matrix 
synthesis  reaction  (initiated  at  approximately 
980  °C),  accompanied  by  a  sharp  temperature 
rise  due  to  release  of  the  heat  of  formation 
(  -  1 19  kJ  mol  ')  of  NbAI,.  Subsequent  densifi- 
cation  via  pressurization  then  yields  a  sample  of 
near-theoretical  density,  as  shown  in  Tig.  2.  In 
addition,  it  was  found  that,  by  controlling  the 
initial  stoichiometry  of  the  Nb-AI  powder  mix¬ 
ture  and  selecting  an  appropriate  niobium 
powder  size,  a  uniform  dispersion  of  Nb2AI  parti¬ 
cles  in  an  NbAI,  matrix  can  be  obtained.  Such 
two-phase  in  silt l  composites  are  expected  to 
possess  better  high  temperature  mechanical 
properties  (owing  to  the  higher  melting  tempera¬ 
ture  of  Nb2AI),  without  sacrificing  the  ambient 
mechanical  properties.  In  fact,  a  slight  increase  in 
ambient  fracture  toughness  has  been  observed 
previously  [7|. 

The  scope  of  RHC  can  be  expanded  to  include 
the  fabrication  of  niobium-filament-toughcned 
NbAI,  matrix  composites  with  a  diffusion  barrier 
coating  at  the  matrix-reinforcement  interfaces. 
As  discussed  below,  the  synthesis  reaction  can  be 
extended  not  only  for  producing  the  NbAI, 
matrix  but  also  the  simultaneous  in  situ  formation 
of  an  AIjO,  layer  at  the  Nb-NbAI,  interfaces. 
Conceptually,  the  strategy  for  forming  the  Al20, 
layer  in  situ  was  based  on  initially  providing  a 
layer  of  niobium  oxide  on  the  surface  of  niobium 
filament  reinforcements  via  a  pre-oxidation  treat¬ 
ment.  Subsequent  coupling  with  the  reactive 
synthesis  and  consolidation  of  the  aluminidc 
matrix  was  utilized  for  the  reactive  conversion  of 
the  niobium  oxide  into  an  A120,  interfacial  layer. 


Thermodynamic  data  indicated  that  the  niobium 
oxidc(s)  could  be  reduced  by  aluminum  to  pro¬ 
duce  Al20,  during  subsequent  processing.  This  is 
illustrated  by  a  plot  of  the  Gibbs  energy  of  forma¬ 
tion  of  Al20,  and  the  three  possible  niobium 
oxides  (NbO,  Nb02  and  Nb2Os)  as  a  function  of 
temperature  (Fig.  3),  indicating  that  Al20,  is 
thermodynamically  more  stable  than  each  of  the 
three  niobium  oxides  at  all  temperatures. 

.?.  2.  Pre-oxidation  and  its  coupling  with  rcacti ve 
hot  compaction 

The  chopped  niobium  filaments  (250  //m  in 
diameter)  were  pre-oxidized  at  various  tempera¬ 
tures  and  lengths  of  time.  It  was  found  that  at 
temperatures  above  about  550  °C,  a  spontaneous 
uncontrollable  self-propagating  oxidation  reac¬ 
tion  occurred.  Evidently,  the  high  oxidation  rate 
and  the  high  heats  of  formation  of  the  niobium 
oxides  (ranging  from  -406  to  -  1990  kJ  mol'1) 
result  in  a  rate  of  temperature  rise  which  greatly 
exceeds  the  rate  of  heat  removal  from  the  speci¬ 
men  under  the  experimental  conditions  em¬ 
ployed.  Consequently,  setting  the  upper  limit 
of  the  treatment  temperature  at  500  °C,  the  thick¬ 
ening  kinetics  of  the  oxide  layer  were  determined 
as  described  below.  In  addition,  diffusion  calcula¬ 
tions  indicated  that,  at  500  °C,  the  oxygen  pene¬ 
tration  depth  in  niobium  was  limited  to  about  4 
pm  if  the  treatment  times  were  kept  under  10 
min,  thus  minimizing  the  potential  embrittlement 
of  the  niobium  filaments. 

The  thickening  kinetics  of  the  oxide  layer  at 
500  'C  are  shown  in  Fig.  4  with  a  plot  of  the 
measured  oxide  layer  thickness  as  a  function  of 
the  square  root  of  oxidation  time.  The  linearity  of 


Fig.  2.  NbAI,  fabricated  by  (lie  RHC  process  (polarized 
light  illumination). 


TlrrxJ  ^(minutes!  12) 

Fig.  4.  Thickening  of  niobium  oxide  layer  al  773  K  under  an  oxygen  pressure  of  1 4.7  Ibf  in 


(a)  |  (b)  (c)  (d)  '(c)\  (f)  1  Pm 

Fig.  5.  Appearance  of  oxidized  niobium  filaments  treated  for  various  times:  (a)  3  min;  (b)  4  min;  (c)  5  min;  (d)  6  min;  (e)  7  min; 
(f)9min. 

the  data  indicates  a  parabolic  oxidation  rate  NbO  nor  Nb02  were  detected,  in  agreement  with 

during  the  short-term  oxidation  treatment  and  data  in  the  literature  [10],  while  according  to  the 

that  the  rate  is  most  probably  controlled  by  relative  peak  intensities  the  amount  of  Nb20} 

oxygen  diffusion  through  the  oxide  layer.  increased  with  increasing  treatment  time.  Conse- 

The  oxidized  niobium  filaments  exhibited  a  quently,  it  may  be  concluded  that  the  oxide  layer 

continuous  color  change  from  blue  through  gray  thickening  is  solely  a  result  of  additional  Nb205 

to  white  with  increasing  oxidation  time,  as  shown  formation  and  is  not  due  to  the  formation  of  other 

in  Fig.  5  (which  shows  the  color  change  as  gray  oxides. 

shades),  while  XRD  analysis  of  the  oxidized  fila-  The  morphology  of  the  oxide  scale  was  exam- 

ments  (Fig.  6)  indicated  that  the  major  oxide  ined  by  scanning  electron  microscopy  (SEM)  of 

formed  on  the  niobium  surface  is  Nb203.  Neither  epoxy-mounted  and  metallographicaliy  prepared 


Fig.  8.  Microstrucuirc  of  Ihc  Nb,0,  scale  on  a  typical  oxi-  Fig.  9.  Synthesis  sequence  for  RHC  of  an  Nb-NbAI, 
dized  niobium  filament.  composite  (schematic). 


TABLE  1 

Summary  of  niobium  oxidation  time  scries  at  500 'C  under 
1 4.7  Ibf  in  * 1  oxygen  pressure 


Oxidation 

time 

(min) 

Average 

oxide 

thickness 

(/an) 

Surface 

color 

Layer 

stability 

3.0 

5.30 

Dark  blue 

Stable 

3.5 

8.85 

Light  blue 

Stable 

4.0 

10.20 

Dark  gray 

Stable 

4.5 

11.20 

Dark  gray 

Stable 

5.0 

13.55 

Light  gray 

Stable 

6.0 

15.38 

Light  gray 

Cracks 

7.0 

18.0 

Light  gray 

Cracks 

9.0 

22.83 

White 

Spalling 

described  earlier.  Differential  thermal  analysis 
and  microstmctural  analysis  of  samples  at  various 
stages  in  the  reaction  sequence  (11]  indicate  that 
the  interfacial  AI203  formation  is  triggered  by  the 
temperature  rise  which  accompanies  the  matrix 
synthesis  reaction.  The  interfacial  microstructural 
morphology  presented  below  revealed  that  the 
A1j03  layer  is  surrounded  by  a  layer  of  Nb2Al(o) 
on  the  matrix  side.  This  also  suggests  that  the 
bulk  of  AI2Oj  formation  occurs  via  a  solid  state 
reaction  with  the  matrix  (i.e.  in  the  post-matrix- 
synthesis  stage),  leading  to  an  aluminum-poor 
region  immediately  adjacent  to  the  interface.  It 
should  be  noted  that,  although  a  similar  local 
compositional  change  would  be  encountered 
during  Al203  formation  via  reaction  with  liquid 
aluminum,  rapid  mass  transport  in  the  liquid 
would  tend  to  level  the  compositional  gradients. 


The  various  reactions,  their  sequence  and  the 
related  sequence  of  microstructural  development 
of  an  RHC  processed  composite  are  shown 
schematically  in  Fig.  9  together  with  their  loca¬ 
tion  in  relation  to  the  processing  cycle  used. 

It  was  found  that  the  thickness  of  the  subse¬ 
quently  formed  Al203  layer  was  linearly  related 
to  the  original  thickness  of  the  Nb2Os  layer,  as 
illustrated  in  Fig.  10.  The  plot  indicates  a  signifi¬ 
cant  reduction  in  the  thickness  after  reactive  hot 
pressing,  even  though  Al203  has  a  lower  density 
than  Nb2Os  (3.97  g  cm'3  for  A1203  compared 
with  4.47  g  cm-3  for  Nb2Os).  Linear  least- 
squares  regression  analysis  of  the  experimental 
data  (R2  =  0.98)  gave  the  following  relation: 

fNb,o, =  5.07  +  2.53rAi)0) 

One  of  the  reasons  for  the  observed  thickness 
reduction  is  believed  to  be  due  to  the  30-50% 
porosity  in  the  initial  Nb205  layer.  In  addition,  it 
is  likely  that  the  higher  temperature  encountered 
during  RHC  (compared  with  that  for  the  pre- 
oxidation  treatment)  may  decrease  the  amount  of 
Nb2Os  because  of  the  increased  oxygen  solubility 
in  niobium. 

3.3.  Microslnicture  of  the  composites 

The  microstructures  of  RHC-processed 
NbA!3-Nb  composites  reinforced  with  bare 
(uncoated)  and  AI203-coated  niobium  filaments 
are  shown  in  Figs.  1 1(a)  and  1 1(b)  respectively.  It 
can  be  seen  that,  in  the  absence  of  an  interfactal 
coating,  there  is  an  extensive  matrix-filament 
interaction  in  the  form  of  intermctallic  formation 
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I  ig.  10.  Thickness  relation  between  the  initial  NbjOj  scale  and  the  alumina  layer  formed  in  situ. 


as  well  as  the  penetration  of  aluminum  (with  char¬ 
acteristics  similar  to  grain  boundary  embrittle¬ 
ment)  into  the  niobium  filaments.  By  contrast, 
these  interactions  were  significantly  reduced 
upon  formation  of  the  A1203  layer  at  the  interface 
(Fig.  1 1(b)).  These  uncoated  and  coated  compo¬ 
sites  were  further  annealed  at  1200  *C  for  100  h. 
The  microstructure  of  the  two  types  of  niobium 
filaments  after  annealing  are  shown  in  Figs.  12(a) 
and  12(b)  respectively.  It  is  clear  that  the  inter¬ 
facial  reaction  zone  has  thickened  for  the 
uncoated  reinforcements.  In  addition,  it  was 
found  that  the  microhardness  of  the  reinforce¬ 
ment  increased  sharply  towards  the  periphery  for 
the  uncoated  filaments,  which  is  clearly  an  un¬ 
desirable  situation.  Furthermore,  the  interfacial 
layer  continued  to  thicken  with  further  annealing, 
leading  to  an  unstable  composite  microstructure. 
By  contrast,  the  microhardness  across  the  coaled 
filament  was  approximately  constant.  This  is 
corroborated  independently  by  compositional 
line  scans  across  the  coated  reinforcement- 
matrix  interfaces  in  the  pre-annealed  and  post- 
annealed  ( 1 200  *C  for  100  h)  conditions  (Figs. 
13(a)  and  13(b)  respectively).  It  can  be  seen  that 
after  the  annealing  treatment  there  is  only  a 
limited  amount  of  aluminum  diffusion  in  the  fila¬ 
ments  coated  in  situ. 

The  above  line  scans  and  the  interfacial  micro- 
structural  morphology  (Fig.  14)  also  reveal  that  a 


multilayer  structure  is  formed  at  the  interfacial 
region,  with  a  sequence  of  NbAI3  -  Nb2Al  -  Al203 
-Nb,  upon  traversing  from  the  matrix  to  the 
reinforcement  side.  Also,  it  is  noted  that  the 
aluminum  profile  in  the  Al203  layer  decays  to¬ 
wards  the  niobium  side  of  the  Nb-AI203  inter¬ 
face  in  both  samples,  suggesting  that  the 
aluminum  diffusion  could  be  one  of  the  rate- 
controlling  steps  in  the  A1203  formation  process. 
Furthermore,  it  should  be  noted  that  there  is  a 
slight  increase  in  the  niobium  content  of  the 
AUOj  scale  toward  the  niobium  filament  side, 
indicating  that  the  A1203  formation  sequence 
must  also  be  controlled  by  a  niobium  rejection 
and  transport  mechanism. 

Transmission  electron  microscopy  (TEM) 
analysis  of  the  interfacial  regions  (12)  also  sup¬ 
ported  this  morphological  sequence,  as  shown  by 
the  bright  field  micrograph  in  Fig.  15(a).  The 
analysis  indicated  that  the  Al203  was  present  in 
the  stable  a  modification,  while  niobium  precipi¬ 
tates  were  detected  in  the  Al203  layer  toward  the 
niobium  filament  side  of  the  interface  ( Fig.  1 5(b)), 
supporting  the  compositional  analysis.  The  pres¬ 
ence  of  niobium  particles  predominantly  near  the 
niobium  side  and  their  near-absence  toward  the 
matrix  side  reveal  an  interesting  aspect  of  the 
AI;0,  formation  reaction:  it  appears  that  the 
niobium  released  during  Nb2Os  reduction  by 
aluminum  according  to  the  reaction~3Nb2*0}  + 


f  ig.  II.  Microslructures  of  niobium-filamcm-reiiiforccd 
NbAlj  composites  (as  processed):  (a)  uncoatcd  filaments;  (b) 
filaments  coated  in  situ. 


10AI  =  5AI2Oj  +  6NI)  may  be  accommodated 
by  the  unrcactcd  Nb205  ahead  of  the  A12Oj- 
Nb2Os  interface.  Subsequently,  the  continued 
transformation  of  Nb,Os  to  Al20,  may  lead  to 
the  observed  precipitation  of  niobium.  The  inter¬ 
face  morphology  is  summarized  schematically  in 
Fig.  1 5(c). 

It  was  critical  for  the  success  of  the  in  situ 
alumina  coating  technique  that  the  niobium  rein¬ 
forcements  themselves  do  not  degrade  because  of 
the  pre-oxidation  treatment,  since  it  is  well 
known  that  interstitial  elements  such  as  oxygen 
can  significantly  embrittle  niobium.  The  Vickers 
microhardness  of  the  pre-oxidized  niobium  fila¬ 
ments  embedded  in  the  matrix  was  measured  as  a 
function  of  the  pre-oxidation  time.  It  was  found 
that  the  Vickers  microhardness  ranged  from  a 
minimum  of  70HV  (for  4  min  of  oxidation  treat¬ 
ment)  to  a  maximum  of  300  HV  (for  9  min  of 
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Fig.  I  2.  Microstruclurcs  of  niobium  filamcnls  embedded  in 
an  NbAlj  matrix  after  long-term  annealing:  (a)  uncoatcd  fila¬ 
ment;  (b)  filament  coated  in  situ. 


oxidation  treatment).  On  comparison  of  these 
values  with  the  data  of  other  investigators  [13]  (60 
I IV  for  pure  niobium  to  a  maximum  of  325  HV 
for  niobium  containing  0.35  wt.%  O),  it  is  clear 
that  the  maximum  oxygen  content  in  the  pre¬ 
oxidized  niobium  filaments  may  not  exceed  0.35 
wt.%.  This  is  important,  since  Stoop  and  Shani- 
nian  ( 1 3|  found  that  below  0.35  wt.%,  the  ductility 
of  niobium  was  not  degraded  and  all  other 
mechanical  properties  were  slightly  improved  at 
both  ambient  and  elevated  temperature  owing  to 
the  dynamic-strain-aging  effects  [14). 

3.4.  Fracture  toughness 

'I'hc  fracture  toughness  of  the  matrix  and 
niobium  filament-reinforced  composites  was 
measured  via  three-point  bending  tests  on  chev¬ 
ron-notched  specimens.  The  tests  indicated  a 
significant  increase  in  /Coupon  reinforcing  with, 
the  niobium  filaments  coated  with  AI2Oj  in  situ, 


Fig.  1 3. 'Compositional  profiles  across  (lie  Al,0,  layer 
formed  in  situ',  (a)  as  processed;  (b)  annealed. 


F*8-  14.  Microstruciure  of  (lie  interface  showing  a  multilayer 


Fig.  15.  The  AljOj  interfacial  region  formed  in  situ:  (a) 
bright  field  TEM  image,  showing  a  dense  fine-grained  Al,0, 
layer;  (b)  high  magnification  TEM  micrograph,  showing  an 
AI  .O  ,  layer  containing  a  fine  dispersion  of  niobium  particles; 
(c )  schematic  illustration  of  the  interface  structure. 


as  illustrated  by  the  load-displacement  curves  for 
the  unrcinforccd  matrix  and  a  composite  contain¬ 
ing  20  vol.%  Nb  filaments  (big.  16).  The  unrcin¬ 
forccd  matrix  showed  typical  catastrophic  brittle 
failure  after  the  peak  load,  implying  an  insignifi¬ 
cant  damage  tolerance.  By  contrast,  the  compo¬ 
site  shows  an  initial  linear  clastic  region,  followed 
by  a  non-linear  load  increase  with  some  fine 
perturbations  caused  most  probably  by  micro¬ 
crack  generation  in  the  matrix  up  to  the  maximum 
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Fig.  16.  Load-displacement  curves  of  three-point  bending  tests  with  chevron-notched  toughened  composite  specimens 
ing  of  a  monolithic  matrix  and  20  vol.%  Nb  (AI.O,  coated)  * 


load,  followed  by  a  continuous  and  stepwise  load 
decrease.  It  should  be  noted  that  both  the  higher 
fracture  toughness  and  the  higher  damage  toler¬ 
ance  of  the  composite  arise  because  of  an  effec¬ 
tive  load  transfer  to  the  reinforcing  phase. 

Observation  of  the  fracture  surface  of  the 
tested  samples  provides  an  insight  into  the 
characteristics  of  the  load-displacement  curves. 
Figure  17(a)  shows  the  general  appearance  of  the 
fracture  surface  at  a  low  magnification  of  an 
NbAlj  composite  reinforced  with  niobium  fila¬ 
ments  coated  with  AI2Oj  in  situ.  The  figure 
clearly  demonstrates  a  significant  degree  of  bridg¬ 
ing  by  the  niobium  reinforcements.  Furthermore, 
the  fracture  surface  topography  suggests  that 
crack  deflection  occurred  when  the  cracks  inter¬ 
sected  the  niobium  filaments.  The  niobium  fila¬ 
ment  reinforcements  failed  typically  in  a  highly 
ductile  manner  as  shown  in  Fig.  17(b).  Several 
observations  may  be  illustrated  from  this  micro¬ 
graph;  the  filament  fracture  is  a  “knife  edge", 
indicating  extremely  ductile  behavior,  while  there 
is  clear  evidence  of  partial  circumferential 
decohesion  at  the  interface.  A  closer  look  at  the 
interfaces  on  the  fracture  surfaces  indicated  that 
the  decohesion  occurs  first  on  that  side  of  the 
filament  first  encountered  by  the  crack  front  and 


subsequently  on  the  other  side,  contributing  to 
the  knife-edge  nature  of  the  niobium  filament 
fracture. 

From  physical  considerations,  it  is  apparent  that 
a  certain  amount  of  ductility  of  the  reinforcement 
is  needed  for  any  significant  improvement  in  the 
toughness  of  brittle  matrix  composites.  It  has  also 
been  recognized  that  ductility  of  the  reinforcing 
phase  alone  is  not  sufficient  for  achieving  a  sig¬ 
nificant  improvement  in  the  fracture  toughness; 
equally  as  important  is  the  matrix-reinforcement 
interfacial  strength.  For  example,  if  the  interface 
is  very  strong,  a  high  degree  of  geometrical  con¬ 
straint  can  lead  to  a  triaxial  state  of  stress,  result¬ 
ing  in  a  brittle  failure  of  the  ductile  reinforcement 
[  1 5).  Consequently,  there  would  not  be  a  signifi¬ 
cant  increase  in  the  composite  toughness  under 
these  circumstances.  On  the  contrary,  for  a  very 
low  reinforcement-matrix  interface  strength,  the 
reinforcement  would  readily  debond  and  there 
would  be  no  crack  surface  bridging  action,  again 
resulting  in  a  limited  improvement  in  the  tough¬ 
ness. 

On  the  contrary,  a  significant  improvement  in 
the  fracture  toughness  would  be  expected  if  a 
partial  interfacial  debondihg  (decohesion)  can 
remove  the  geometrical  constraints  and  allow  the 


leinforccmcnt  to  neck,  while  (lie  remaining  inter¬ 
face  area  in  contact  with  the  matrix  (because  of  a 
combination  of  the  interface  bonding  strcngtli 
and  mechanical  interlock)  allows  an  effective  load 
transfer  to  the  reinforcement. 

The  niobium  filament-matrix  interface  in  the 
present  instance  clearly  shows  evidence  of  partial 
decohesion  along  the  fracture  surface  with  asso¬ 
ciated  filament  necking  and  ductile  fracture.  This 
Miggests  that  the  interface  of  the  composite  fabri¬ 
cated  by  this  processing  technique  possesses 
optimal  interface  properties.  Since  the  intcrfacial 
legions  exhibited  a  multiphase  multilayered 
morphology,  it  was  important  to  determine  the 
exact  location  (within  the  layers)  of  intcrfacial 
decohesion.  A  closer  look  at  the  interface  via 
SI  M  and  energy-dispersive  spectroscopy  (EDS) 
analysis  of  the  fracture  surface  revealed  that  (lie 
interlace  between  the  Nb2AI(o)  layer  and  the 
AI.Q,  formed  in  situ  had  the  weakest  bond.  This 


I  iii  IN  Surface  geometry  of  the  debonded  interface:  (A) 
general  view;  (It)  sue  face  geometry  of  the  niobium  filament 
cm  responding  to  the  area  labeled  b  in  (A);  (C)  surface 
(•comet i  \  o!  the  AI.O,  layer  formed  in  sin*  corresponding  to 
the  atea  labeled  c  in  (A),  showing  typical  intergranular  frac¬ 
ture  sui  lace 


is  illustrated  in  big.  IK  with  a  set  of  micrographs: 
I- iii.  18(A)  is  the  general  view  of  the  debonded 
interlace.  Fig.  18(H)  a  magnified  view  of  the  area 
labeled  b  in  I'ig.  18(A),  and  Fig.  18(C)  a  magni- 
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Fig.  19.  l-DS  spectra  of  the  areas  shown  in  Fig.  18(A). 


Tied  view  of  the  area  labeled  c  in  Fig.  18(A).  A 
series  of  EDS  spectra  is  given  in  Fig.  19  (labeled 
a-e  corresponding  to  a-e  in  Fig.  18(A)):  a  is  the 
filament  knife-edge,  b  is  the  niobium  filament 
surface,  c  is  the  Al203  coating  layer  formed  in 
situ,  d  is  partially  debonded  matrix  surface  and  e 
is  the  NbAlj  matrix.  The  EDS  analysis  was  car¬ 
ried  out  by  directly  focusing  the  electron  beam  on 


these  individual  areas.  It  is  clear  that  the  spectra 
for  a  and  b  correspond  to  the  niobium  filament 
with  a  surface  morphology  shown  in  Fig.  18(B), 
while  the  spectrum  for  c  corresponds  to  the 
AljOj  coating  layer  formed  in  situ  with  the 
morphology  shown  hi  Fig.  18(C);  the  spectra  for 
d  and  e  correspond  to  NbjALand  NbAI,  (matrix) 
respectively.  These  observations  clearly  indicate 


(hat  the  partial  interfacial  dccohcsion  is  initiated 
at  the  AljOj-NbjAl  interface.  In  addition,  during 
necking  of  the  niobium  filaments,  dccohcsion  at 
the  Nb-AljOj  interface  was  observed.  However, 
the  NbjAI-NbAI,  interface  did  not  exhibit  any 
dccohcsion,  implying  a  strong  intcrfacial  bond,  as 
supported  independently  by  our  previous  work 
on  NluAI-NbAi,  composites  1 7 1. 

4.  Summary  and  conclusions 

With  the  unique  coupling  of  Rl  1C  process  with 
pre-oxidation  treatment  of  the  niobium  filament 
reinforcements,  Nb-NbAI,  composites  were 
obtained  with  an  Al20,  htyer  formed  in  situ  at 
reinforcement-matrix  interfaces  during  the  syn¬ 
thesis  and  consolidation  of  the  composites.  Post- 
annealing  microstructural  analysis  indicated  that 
the  AUOj  layer  formed  in  situ  acts  as  an  effective 
diffusion  barrier,  while  the  uncoatcd  niobium  fila¬ 
ments  degraded  to  a  significant  extent.  The  frac¬ 
ture  roughness  of  the  composites  showed  a 
significant  Improvement  over  that  of  the  unrein- 
lorced  matrix.  Fracture  surface  analysis  suggested 
thitl  a  partial  debonding  (dccohcsion)  occurs  at 
the  AI:Oj-matrix  interface  during  crack  propaga¬ 
tion.  Thus  the  in  situ  coating  appears  to  provide 
both  an  excellent  and  stable  diffusion  barrier  and 
optimum  properties  for  the  operation  of  various 
toughening  and  strengthening  mechanisms. 
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Abstract 

In  this  papei.  we  describe  a  framework  for  (lie  processing  of  niobium-reinforced  MoSi.  composites.  As 
a  pan  of  lire  piogram,  coui|)ositcs  containing  coated  and  uncoatcd  niobium  tcinforcemcnts  were 
produced.  Cliemical  compatibility  between  the  coatings  and  the  matrix  was  studied  and  the  effect  of  the 
interface  modification  by  the  coating  on  die  fracture  toughness  of  the  composites  was  invest igaterl "via 
four-point  bending  tests  on  chevron-notched  samples.  The  results  indicated  that  the  coatings  have  a 
significant  ellcct  oil  the  debonding  at  the  reinforcement-matrix  interface,  which  in  turn  can  affect  (he 
damage  tolerance  of  the  composite.  Also  observation  of  the  crack  propagation  in  the  composites 
suggests  that  the  matrix  failed  at  the  early  stages  of  loading  The  results  arc  discussed  in  terms  of  the 
mismatch  between  the  elastic  constants  of  the  composite  constituents. 


I.  Introduction 

MoSi2  heating  elements  have  been  used  since 
die  early  1950s  because  of  a  combination  of  pro¬ 
perties:  proper  electrical  rcsislivity,  high  melting 
temperature  (2010 *C)  and  excellent  oxidation 
resistance  up  to  I700*C  in  oxidizing  environ¬ 
ment.  In  addition,  MoSi2  lias  a  relatively  low 
density  (6.4  g  cm"  ')  and  can  retain  a  significant 
part  of  its  ambient  temperature  strength  up  to 
1200"C.  These  properties  make  MoSi2  an  excel¬ 
lent  candidate  as  a  structural  material  for  high 
temperature  applications.  I  lowever,  its  p6or 
room  temperature  fracture  toughness  imposes  a 
severe  limitation  oil  its  use  in  practical  applica¬ 
tions. 

The  toughness  of  MoSi2  can  he  improved  by 
the  incorporation  of  ductile  reinforcements  such 
as  refractory  metal  filaments  or  particles.  Since 
the  ductile  reinforcements  commonly  have  a 
lower  clastic  modulus  than  MoSi2,  (he  composite 
was  termed  an  “inverse  composite”  (I,  2|.  The 
principal  mechanism  of  toughness  improvements 
in  these  composites  is  attributed  to  crack  shield¬ 
ing  or  crack  bridging  by  the  ductile  reinforce¬ 
ments.  Results  of  independent  theoretical 
modeling  also  indicate  that  the  ductile  phase 
toughening  can  be  an  effective  tool  in  improving 
the  fracture  toughness  of  brittle  mail  ices  |1,  -1|. 


The  major  difficulty  in  using  ductile  reinforce¬ 
ments,  especially  pure  refractory  metals,  is  that 
they  tend  to  react  with  the  matrix  at  high  temper¬ 
atures,  leading  to  the  formation  of  brittle  inter¬ 
facial  products.  For  example,  when  Nb-MoSi2 
composites  were  annealed  at  high  temperatures, 
(Mo,  Nb)5Sij,  among  other  compounds,  formed  at 
the  reinforcement-matrix  interface  at  a  relatively 
rapid  rate  [1,  5|.  The  formation  of  the  interfacial 
compounds  at  the  expense  of  the  ductile  rein¬ 
forcement  not  only  degrades  the  ductile' phase 
toughening  effect  but  also  can  cause  a  notch 
effect  on  the  ductile  phase  as  the  compound 
grows  thicker  (6).  Therefore  the  use  of  an  inert 
diffusion  barrier  coating  on  the  reinforcements 
prior  to  processing  of  the  composites  is  essential 
for  minimizing  the  matrix-reinforcement  interac¬ 
tions  during  processing  and  service  at  elevated 
temperatures. 

In  this  study,  the  effect  of  various  oxide  coat¬ 
ings  on  the  decohesion  length  at  the  reinforce¬ 
ment-matrix  interface  and  consequently  the  frac¬ 
ture  toughness  of  the  composites  were  investi¬ 
gated.  it  will  be  shown  not  only  that  the  coatings 
have  a  significant  effect  on  the  fracture  toughness 
of  the  composites  hut  also  that  the  magnitude  of 
the  effect  changes  according  to  the  reinforcement 
geometry.  Furthermore,  the  crack  propagation 


and  crack-rcinforccment  interactions  ai  various 
stages  of  loading  were  explored  lo  understand  (lie 
role  of  ductile  reinforcements  which  have  an  clas¬ 
tic  modulus  lower  than  that  of  the  matrix  in  deter¬ 
mining  the  fracture  toughness  of  the  composites. 

2.  Experimental  details 

-  The  chemical  compatibility  of  various  oxide 
coating  materials  (AI.O,,  ZiO,  and  mullitc)  with 
MoSi2  was  investigated  hy  compositional  and 
microstructural  analysis  of  vacuum  hot-pressed 
MoSi,  samples  containing  the  oxide  powders. 
The  hot  pressing  was  carried  out  1  700  °C  for  30 
tnin  under  40  MPa  pressure. 

Laminated  composites  containing  uncoatcd 
and  coated  niobium  foils  were  produced  by 
vacuum  hot  pressing.  Details  of  coating  niobium 
foils  with  AljOj  or  ZrO,  via  the  sol-gel  route  can 
be  found  elsewhere  |5|.  In  order  to  fabricate  the 
laminated  composites,  niobium  foils  0.25  mm 
thick  and  —  325  mesh  MoSi,  powder  were 
stacked  to  produce  20  vol.%  of  niobium  foils  in 
the  final  composite.  The  thickness  of  each  MoSi2 
layer  was  kept  constant  by  using  the  same  amount 
of  MoSij  powder  between  the  layers.  These 
stacked  samples  were  vacuum  hot  pressed  at 
1700°C  for  40  min  under  a  pressure  of  40  MPa. 
Similarly,  fibrous  aligned  composites  containing 
coated  and  uncoatcd  niobium  filaments  (0.127 
and  1.0  mm  in  diameter)  were  also  fabricated. 
Compositional  analysis  was  performed  using  a 
JEOL  JXA  733  microprobc  and  pure  molybde¬ 
num,  silicon,  nickel,  aluminum  and  zirconium  as 
standards;  the  oxygen  content  was  determined  as 
the  balance. 


The  fracture  toughness  of  the  composites  was 
determined  by  a  lour-poim  bending  test  on 
chevron-notched  specimens  using  a  hydro-servo- 
conlrolled  MTS  machine  at  a  cross-head  speed  of 
4x  |()"J  mm  s  '.  The  dimensions  of  the  speci¬ 
men  were  3.H  I  mm  *  5.08  mm  *  25.4  mm;  the 
chevron  notch  on  the  laminated  composites  was 
cut  perpendicular  to  the  foil  plane  using  a  dia¬ 
mond  wafering  saw  flic  crack  propagation  pro¬ 
cess  in  the  chevron  notched  sample 'during  the 
four-point  bending  test  was  investigated  by 
unloading  the  samples  at  vaiious  loads.  The 
unloaded  samples  were  sectioned  and  investi¬ 
gated  for  crack  geometiy. 

3.  Results  and  discussion 

.?.  /.  Chemical  compatibility  between  MoSi,  and 
coating  materials 

The  chemical  compatibility  of  the  coating 
materials  (AI,Ot,  Zr02  and  mullitc)  with  an 
MoSi,  matrix  was  assessed  experimentally  via 
microstructural  and  compositional  analyses  of 
the  samples  after  hot  pressing  powder  mixtures  of 
commercial  MoSi,  and  the  coating  materials. 
Figure  1  shows  the  microstructural  and  the  cor¬ 
responding  elemental  compositional  profiles  near 
the  AI203-MoSi,  interface  of  a  sample  annealed 
at  1600  “C  for  100  h  after  hot  pressing  at  1700°C 
for  40  min.  The  compositional  profiles  show  two 
very  distinctive  types  of  interface:  a  relatively 
sharp  interface  with  a  thickness  less  than  the  dis¬ 
tance  between  two  consecutive  scanning  points  of 
the  electron  microprobe  (2  yum),  and  a  relatively 
diffuse  interface  about  7  //m  thick.  Also,  the  dif¬ 
fuse  interface  layer  is  rich  in  silicon,  aluminum 
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and  oxygen,  with  little  or  no  molybdenum.  When 
the  annealing  temperature  was  varied  from  1400 
to  1600°C,  the  general  appearance  of  both  inter¬ 
faces  and  their  thicknesses  remained  almost  the 
same.  In  a  related  study,  inicrostructurai  analysis 
of  vacuum  hot-pressed  MoSi2  samples,  fabricated 
from  the  commercial  MoSi2  powders,  revealed 
the  presence  of  small  second-phase  particles  dis¬ 
tributed  randomly  thoughout  the  matrix,  as 
shown  in  Fig.  2.  Transmission  electron  micros¬ 
copy  analysis  indicated  that  these  particles  were 
amorphous  SiO:  |7|.  Consequently,  it  is  believed 
that  the  interaction  layer  at  the  diffuse  interface  is 
due  to  a  reaction  between  Al203  and  Si02  impur¬ 
ity  particles.  This  suggests  that  MoSi2  and  Al203 
maybe  chemically  compatible  within  the  temper¬ 
ature  range  considered  ( 1400-1600  °C). 


Fie.  2.  Optical  micrograph  of  MoSi,  produced  by  the  hot 
pressing  of  commercial  powders. 


Compositional  analysis  of  MoSi2-Zr02  and 
MoSi2-mul!itc  fiber*  composite s  indicated  a  very 
sharp  particle-matrix  interface,  with  no  apparent 
interaction  zone.  This  is  illustrated  by  the  compo¬ 
sitional  profile  and  the  corresponding  micro- 
structure  of  an  MoSij-mullitc  composite  (Fig.  3). 
Similar  to  MoSi,-Al203,  the  interface  remained 
sharp  with  no  appreciable  increase  in  its  thick¬ 
ness  upon  annealing. 

.?.  2.  Effectiveness  of  the  inert  coatings  as  a 
diffusion  barrier 

In  addition  to  the  chemical  compatibility  of  a 
coating  with  the  matrix  and  the  reinforcement,  it 
must  act  as  a  diffusion  barrier  for  the  elemental 
constituents  of  the  composite.  In  order  to  evalu¬ 
ate  the  effectiveness  of  the  various  oxidccoatings 
as  diffusion  barriers,  niobium  filaments  coated 
with  ZrO,  and  AUO,  were  mixed  with  MoSi2 
powder  and  hot  pressed  at  1700°C  for  40  min. 
ZrO,-coated  niobium  filaments  (Fig.  4)  exhibited 
a  limited  interaction  layer  on  the  niobium  side  of 
the  coating,  but  not  on  the  MoSi2  side.  The  thick¬ 
ness  of  the  interaction  layer  was  around  4  /an, 
which  is  considerably  less  than  that  observed  for 
the  uncoated  filament-matrix  interface  produced 
under  similar  hot-pressing  conditions.  For  the  lat¬ 
ter,  the  layer  thickness  was  30  //m.  In  addition, 
compositional  analysis  indicated  that  the  reaction 
product  at  the  Nb-ZrOz  interface  was  Nb5Si3 


•The  mulliie  fibers  were  produced  by  M.  D.  Sacks  ei  at  a! 
the  University  of  Florida. 
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Fig.  4.  The  microstructurc  and  the  corresponding  compositional  profiles  across  a  (ZrO.-coatcd  Nb)-MoSi,  interface.  - 


compared  with  (MoNb)5Si3  which  formed  at  the 
uncoated  Nb-MoSi,  interface. 

The  growth  of  the  interaction  layer  (Nb5Si3)  at 
1300”C  was  measured  after  annealing  the  sam¬ 
ples  for  25  and  100  h.  As  shown  in  Fig.  5,  the 
layer  thickness  was  increased  to  6  pm  after 
annealing  for  100  h  and  followed  a  parabolic 
function  of  the  annealing  time.  The  results  indi¬ 
cated  that  the  growth  rate  of  the  Nb5Si3  at  the 
Nb-Zr02  interface  is  controlled  by  the  diffusion 
of  silicon  through  the  Nb3Si3  rather  titan  through 
the  ZrOj  coating. 

A  similar  intcrfacial  interaction  was  observed 
upon  coating  niobium  with  Al203,  as  shown  in 
Fig.  6.  The  thickness  of  the  interaction  layer 
formed  on  the  niobium  side  of  the  Nb-Al20^ 
interface  was  measured  to  be  around  5  pm  aftfer 
hot  pressing  and  the  layer  was  again  determined 
to  be  Nb5Si3.  These  results  indicate  that,  even 
though  ZrOj  and  Al,03  are  chemically  compat¬ 
ible  with  niobium  and  MoSi2,  the  coatings  are  not 
perfect  barriers  for  silicon  diffusion.  Neverthe¬ 
less,  the  coatings  are  effective  in  retarding  the 
niobium  and  molybdenum  diffusions  and  hence 
substantially  reduce  the  growth  rate  of  the  reac¬ 
tion  layers. 

An  ordcr-of-magnitude  calculation  of  silicon 
diffusivity  through  Zr02  and  Al203  made  from 
the  growth  rate  of  the  interaction  layers  indicates 
that  the  apparent  silicon  diffusivity  must  be  larger 
than  1.0  x  10"''  enr  s'1  in  Zr02  at  1300*C  and 
larger  than  2.0  x  10'*  cm2  s*1  in  Al203  at 
I400*C.  These  values  arc  considerably  higher 
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Fig.  5.  The  thickness  of  the  interaction  product  in  an 
MoSi, -(ZrO.-coatcd  Nb)  composite  as  a  function  of  the 
square  root  of  the  annealing  lime. 

than  the  bulk  diffusivities  of  silicon  in  these  cer¬ 
amic  materials  (8).  It  is  possible  that  silicon  diffu¬ 
sion  in  the  coatings  was  enhanced  along  the  grain 
boundaries,  oi*  processing  defects  such  as  pin¬ 
holes  generated  during  the  sol-gel  coating  pro¬ 
cess. 

3.3.  Fracture  toughness  of  ductile- phase- 
reinforced  composites 

The  fracture  toughness  of  the  brittle  matrix 
composite  was  calculated  from  the  peak  load  of 
the  load-displacement  curves  of  chevron- 
notched  samples  tested  in  four-point  bending. 
Typical  load -displacement  curves  for  an  unrein- 
forccd  matrix  and  an  uncoaicd  composite  rein¬ 
forced  with  20  vol.%  Nb  foil  arc  shown  in  Fig.  7. 


Fig.  6.  The  microstructure  and  the  corresponding  compositional  profiles  of  Al20, -coated  niobium  filaments  in  MoSi 


Fig.  7.  Typical  load-displacement  curves  of  chevron- 
notched  monolithic  MoSij  matrix  and  uncoated  niobium- 
foil-reinforced  composite  specimens.  The  letters  on  the 
composite  curve  indicate  the  approximate  unloading  load 
levels  for  the  microstructures  shown  in  Fig.  8. 

As  can  be  seen,  the  peak  load  of  the  composite 
specimen  is  more  than  three  times  higher  than 
that  of  the  matrix.  The  fracture  toughness  calcu¬ 
lated  using  a  model  derived  by  Munz  et  al.  [9J 
indicated  that  the  fracture  toughness  Klc  of  the 
composite  was  around  15  MPa  ml/2  compared 
with  3.3  MPa  m,/2  for  monolithic  MoSi2.  Also  the 
work  of  fracture  of  the  composite  specimen  has 
increased  significantly  over  that  of  the  matrix. 

In  order  to  investigate  the  crack  propagation  in 
the  matrix,  the  chevron-notched  composite  speci¬ 
mens  were  unloaded  at  five  different  load  levels. 


indicated  by  points  a-e  in  Fig.  7.  The  unloaded 
specimens  were  sectioned  parallel  to  the  crack 
propagation  but  perpendicular  to  the  direction  of 
the  foil  alignment  and  then  examined  for  the 
extent  of  crack  propagation.  Figures  8(a)-(e) 
show  the  nature  of  crack  propagation  in  the  sam¬ 
ples  at  the  corresponding  load  levels  indicated  in 
Fig.  7.  For  the  sample  loaded  up  to  15  lbf  (point  a 
in  Fig.  7)  which  is  approximately  1 0%  of  the  peak 
load  of  the  composite,  a  crack  was  observed  at 
the  tip  of  the  chevron  notch,  which  had  propa¬ 
gated  in  a  stable  manner  as  shown  in  Fig.  8(a). 
When  the  load  was  increased  to  35  lbf  (point  b  in 
Fig.  7),  which  is  about  23%  of  the  peak  load,  the 
result  indicated  that  the  crack  had  already  propa¬ 
gated  throughout  the  entire  thickness  of  the 
matrix. 

The  extensive  cracking  ot  the  matrix  at  a  load 
level  considerably  below  the  peak  load  of  the 
composite  may  be  explained  using  the  principle 
of  strain  compatibility  in  composite  materials. 
During  the  initial  loading  and  prior  to  cracking  of 
the  matrix,  most  of  the  applied  load  is  carried  by 
the  matrix  because  the  elastic  modulus  of  MoSi2 
matrix  (380  GPa)  is  much  higher  than  that  of 
niobium  foils  (105  GPa).  For  the  niobium  foils  to 
carry  the  same  stress  as  the  matrix,  they  need  to 
be  elongated  three  times  more  than  the  matrix 
(assuming  no  constrained  deformation).  On  the 
basis  of  the  strain  compatibility  criteria,  this  is 
clearly  impossible  unless  the  matrix  fractures. 


Fig.  9.  Crack  propagation  in  a  ductile-phase-reinforced  brit¬ 
tle  matrix  composite.  The  reinforcements  located  farther 
behind  the  crack  tip  are  strained  much  more  to  carry  the 
applied  stress. 

Therefore  the  reinforcement  with  a  lower  elastic 
modulus  will  carry  a  minor  part  of  the  load  until  a 
matrix  crack  has  opened  appreciably  to  allow  the 
reinforcement  to  strain.  This  is  schematically 
shown  in  Fig.  9,  where  the  reinforcements  which 
are  farther  behind  the  crack  tip  are  strained  much 
more  than  those  closer  to  the  tip  or  ahead  of  the 
crack.  Obviously,  the  required  level  of  the  crack 
opening  for  the  additional  straining  of  the  rein¬ 
forcement  will  depend  on  the  length  of  debonded 
section  of  the  reinforcement:  the  larger  the 
debonding  length,  the  larger  is  the  reinforce¬ 
ment  section  which  is  being  strained,  and  the 
larger  is  the  required  crack  opening.  Moreover, 
the  latter  will  also  depend  on  the  relative  values 
of  the  elastic  moduli  of  the  matrix  and  the  re¬ 
inforcement.  The  thick  (0.25  mm)  niobium  foils 
and  the  large  distance  between  the  foils  (about 
800  ^m)  may  also  have  contributed  to  the  prema¬ 
ture  failure  of  the  matrix.  It  is  clear  that  the  value 
calculated  from  the  peak  load  (point  d  in  Fig.  7) 
may  be  interpreted  as  an  indicator  of  the  damage 
tolerance  of  the  composite. 

3.4.  Interaction  of  cracks  with  uncoated  niobium 
reinforcements 

Closer  examination  of  Fig.  8  reveals  interest¬ 
ing  aspects  of  the  interaction  between  cracks  and 
niobium  foils  in  the  composites  reinforced  by  the 
uncoated  niobium  foils.  At  the  early  stages  of 
loading,  there  is  only  one  primary  crack  propa¬ 
gating  in  the  matrix.  This  primary  crack  propa¬ 
gates  through  the  matrix  in  a  stepwise  manner, 
instead  of  propagation  on  one  crack  plane 
(Fig.  8(b)).  The  stepwise  crack  propagation  in  the 
matrix  may  be  explained  through  geometrical 


effects  of  the  niobium  reinforcement  foils.  In 
these  laminated  composites,  as  a  crack  ends  on 
one  side  of  the  niobium  foils,  it  needs  to  renucle¬ 
ate  on  the  other  side,  making  the  crack  propaga¬ 
tion  discontinuous  in  nature.  Let  us  consider, 
moreover,  the  crack  nucleation  mechanism: 
because  of  a  statistical  distribution  of  crack 
nucleation  sites  on  the  other  side  of  the  foil,  it  is 
not  necessary  that  the  renucleation  be  coplanar 
with  the  original  crack.  In  fact,  it  may  be  expected 
that  the  renucleated  crack  will  most  probably  not 
be  coplanar  with  the  original  crack.  The  net  result 
is  the  observed  stepwise  crack  propagation. 

As  the  load  level  is  increased,  the  niobium  foils 
at  the  opening  of  the  primary  crack  become 
stretched  and  secondary  cracks  start  to  nucleate 
as  .shown  in  Fig.  8(c).  On  further  increase  in  load, 
additional  secondary  cracks  continue  to  form  and 
propagate  throughout  the  matrix,  creating  a 
region  at  the  interface  which  may  be  termed  “vir¬ 
tual  debonding”  as  shown  in  Fig.  8(e).  In  this 
area,  the  matrix-imposed  constraints  are  relaxed 
and  the  foil  can  deform  freely  in  a  unidirectional 
tensile  stress  state  until  it  fails  in  a  ductile  manner. 

When  the  geometry  of  the  niobium  reinforce¬ 
ments  is  changed  from  foils  to  filaments,  the 
crack  propagation  in  the  matrix  is  also  expected 
to  change.  For  filament-reinforced  composites, 
the  crack  can  propagate  continuously  throughout 
the  matrix  without  the  need  for  renucleation. 
Therefore  the  crack  will  propagate  on  the  plane 
of  the  maximum  stress  intensity  and  the  secondary 
cracks  are  not  expected  to  form.  Figure  10  shows 
the  fracture  surface  of  an  uncoated  niobium- 
filament-reinforced  composite.  As  seen  in  the 
figure,  there  is  no  appreciable  debonding  at  the 
reinforcement-matrix  interface  and  the  filaments 
have  failed  in  a  brittle  cleavage  manner.  The  brit¬ 
tle  fracture  of  the  filaments  is  believed  to  occur 
because  of  the  lack  of  decohesion  at  the  rein¬ 
forcement-matrix  interface  due  to  strong  bond¬ 
ing  and  because  of  the  absence  of  the  virtual 
decohesion  by  secondary  cracks  as  in  the  lami¬ 
nated  composites.  As  a  result,  the  filaments  are 
constrained  by  the  matrix  and,  under  a  triaxial 
state  of  stress,  lead  to  a  brittle  fracture  of  the  fila¬ 
ments. 

3.5.  Effect  of  coating  on  the  crack-reinforcement 
interaction 

When  niobium  foils  were  coated  with  Al203, 
the  cracks  in  the  laminated  composites  pro¬ 
pagated  in  a  manner  similar  to  the  uncoated 
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Damage  tolerance  of  the  niobium-reinforced  MoSi;  matrix 
composites 


Damage  tolerance  (MPa  ml;;) 

Uncoated 

ALO, 

ZrO, 

Remarks 

coated 

coated 

Laminated 

composites 

15.5 

14.0 

8.6 

Nb  foil 

reinforcement 

Fibrous 

composite 

12.2 

Nb  filament 
reinforcement 

merit  composite  was  higher  than  the  Zr02-coated 
niobium-foil-reinforced  composite,  which  may 
again  be  related  to  the  character  of  the  interface 
bond. 


4.  Summary  and  conclusions 

The  main  effort  in  this  study  was  focused  on 
the  control  of  the  reinforcement-matrix  interface 
interactions  as  well  as  the  interface  mechanical 
properties  in  Nb-MoSi2  composites.  The  ap¬ 
proach  was  to  coat  the  niobium  reinforcements 
with  inert  diffusion  barriers.  A  chemical  compati¬ 
bility  study  of  MoSii  with  A1203  as  a  potential 
coating  material  showed  that  they  are  chemically 
compatible  in  the  absence  of  Si02  impurity  parti¬ 
cles.  The  presence  of  SiOz  was  found  to  cause 
extensive  reaction  between  the  second  phase  (Si02) 
and  A12Oj.  Zr02  and  mullite  were  also  found  to 
be  chemically  compatible  with  MoSi2. 

When  Al203  and  Zr02  coatings  were  applied 
on  niobium  prior  to  incorporation  in  MoSi2,  they 
were  effective  in  eliminating  niobium  and 
molybdenum  diffusion,  and  retarding  the  interac¬ 
tion  between  niobium  and  MoSi2. 

Investigation  on  the  crack  propagation  in  the 
niobium-reinforced  MoSi2  composite  indicated 
that  the  matrix  cracked  at  a  load  level  considerably 
below  the  peak  load  of  the  load-displacement 
curve.  This  early  crack  propagation  through  the 
matrix  is  believed  to  be  due  to  low  elastic  modu¬ 
lus  of  the  niobium  reinforcement  compared  with 
that  of  the  matrix  and  the  strain  compatibility 
requirements  in  the  composite.  Thus  it  was  sug¬ 
gested  that  the  fracture  toughness  of  the  compos¬ 
ite  determined  from  the  peak  load  of  the 
four-point  bending  test  should  be  interpreted  as 


an  indicator  of  the  damage  tolerance  of  the  com¬ 
posite. 

Composites  containing  uneoated  and  Al203- 
coated  niobium  foils  showed  an  improved 
damage  tolerance,  with  /CK  around  14-15  MPa 
m On  the  contrary,  the  composites  reinforced 
by  Zr02-coated  niobium  foils  showed  a  lower 
damage  tolerance  (8.6  MPa  ml/:)  with  a  brittle 
cleavage  fracture  of  the  foils. 

The  geometry  of  the  reinforcements  was  also 
found  to  affect  the  crack  propagation  in  the 
matrix.  In  the  laminated  composites,  the  crack 
propagation  was  discontinuous,  leading  to  a  step¬ 
wise  crack  propagation  of  a  primary  crack  and 
nucleation  of  secondary  cracks.  On  the  contrary, 
the  crack  in  a  fibrous  composite  propagated  con¬ 
tinuously  on  one  plane,  and  the  filaments  failed  in 
a  brittle  cleavage  manner. 
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loii^hcniiii*  of  MnSi,  for  lii|*ti-tcnipcra(urc  applications  cun 
lie  achieved  liy  incorporating  ductile  rcfrudory-mclul  rein¬ 
forcements,  provided  that  a  coating  is  applied  to  prevent 
inlcrilifTusinii  und  reaction  between  the  matrix  and  the 
reinforcements.  in  the  prevent  study,  three  different  coating 
(eehnhpies  for  applying  a  thin  Ai,0,  film  on  Nh  reinforcc- 
iiieuls  us  a  diffusion  harrier  have  been  studied.  The  tech¬ 
niques  consisted  of  (i)  sot-gel  coaling;  (il)  physical  vapor 
deposition  I PVDl;  (hi)  hot  dipping  in  molten  At,  followed  liy 
anodizing  Al  tu  form  Al,0,.  The  processing  parameters  for 
the  techniques  were  evaluated  and  the  effectiveness  of  each 
coaling  as  a  diffusion  harrier  was  assessed.  For  the  present 
MoSi,  matrix  which  contains  SIO„  l‘VI>  enulings  provided 
I  lie  most  clfcctivc  ditfusion  harrier  for  processing  MoSi,/Nh 
composites. 

I.  Introduction 

4  mi  ini,  miermetallics.  MoSi.  is  one  ol  die  most  promising 
/  Vcainhdaies  lor  high-temperature  structural  applications,  li 
has  a  higher  melting  point  t2020°Ci  than  oilier  micniicialhcs. 
such  as  the  aluminidcs  ol  iron,  nickel,  and  litanmm.  und  has 
cxcellem  resisiance  10  oxidation  and  hot  corrosion  up  to 
I SIKTC.  Iis  density  is  6.26  g/cin\  nearly  25%  lower  (ban  that  of 
ihc  mckel-hase  superalloys.  However,  like  other  mtcrmeiallics. 
a  major  problem  which  impedes  the  use  of  MoSi,  as  a  high-tem- 
pcraiure  siructural  maierul  is  its  hriitlcness  at  low  tempera- 
lores.  1  herelore.  to  make  MoSi.  a  viable  simcmral  material,  ns 
low-temperature  fracture  toughness  must  be  improved. 

Numerous  studies  have  shown  that  fracture  toughness  ol  liru- 
!le  matrices  can  lie  improved  by  the  incorporation  of  a  ductile 
second  phase.1  "  Niobium  is  a  suitable  ductile  reinforcement 
lor  MoSi.  because  of  iis  high  inching  temperature  and  thermal 
expansion  coefficient  close  to  that  of  MoSi,.  reducing  the 
potential  lor  matrix  cracking  upon  thermal  cycling  during  pro¬ 
cessing  and  in  service.  Oor  previous  studies'*'  "  and  oilier 
results"  '*  have  demonstrated  (hat  such  a  composite  system 
indeed  exhibits  a  substantial  increase  in  toughness  compared  lo 
the  matrix  alone.  However,  a  major  problem  in  using  such  a 
comp, one  system  is  the  reactions  between  the  matrix  and  due 
tile  rcmlorccment  at  high  temperatures,  which  lead  m  the  for¬ 
mation  ol  Unite  inlerfacial  products."  Hie  formal  ion  of 

die  mierlacial  compounds  on  continuous  ductile  phases 
degrades  the  toughening  effect*  by  miroducing  notch  effect. 
1  herelore.  using  an  inert  diffusion  banricr  coating  on  the  rein- 
loiecmem  prior  to  processing  of  the  coinposucs  is  essential  lu 
reduce  die  inlerfacial  reactions  during  processing,  as  well  us  lo 
maintain  the  integrity  ol  the  reinforcements  at  elevuied  service 
icmpci  amres. 

Although  several  attempts  have  been  made  lo  apply  inert  dif¬ 
fusion  harrier  coatings  in  MoSi,/Nb  composites."1"*  none 


have  succeeded  m  completely  chimnamig  the  lornuuon  ol 
uuerl.iu.il  ic.iliioii  jiiodocis.  I  he  piesem  sltnly  was  aimed  al 
developing  a  leasililo  processing  met  hod  to  apply  AI.O,  coal¬ 
ings  oiiio  die  surlace  ol  Nh  m  minimize  mierlacial  reactions 
between  MoSi.  and  Nh  at  high  temperatures.  AI.O,  is  chemi¬ 
cally  cumpuiihic  wuh  MoSi.  op  lo  |700“C"  and  will)  Nh  up  lo 
I  5iMI“tVl ::  h  also  has  a  thermal  expansion  coeflicicni  close  in 
•hose  ol  both  MoSi.  and  Nb.  thus  icducing  die  poiemial  ol 
micitacial  crack  lomauon  upon  thermal  cycling  during  pro¬ 
cessing  and  m  service.  Three  coaling  methods  were  evaluated  in 
•he  picscul  study:  ill  sol-gel  coaling,  (n|  physical  vapor  de|>osi- 
noo.  using  electron  licain  heated  AI.O,  sources;  and  (iii)  hoi 
dqijiing  Nl>  in  iiiohcn  Al.  lollowcd  by  anodizing  Al  to  fonu 
^bO,.  I  he  piocess  eomrol  paramcicrs  and  die  elfecuveness  of 
each  coaling  as  a  diffusion  hairier  were  assessed. 

II.  Kx|ierinienial  Procedure 

( 1 1  Sol-del  Coating  Technique 

Hie  sol  solution  for  die  present  study  was  an  uluminum- 
alkoxidc-denveil  sol  (using  alunununwri  -buioxide  lASB)), 
hydrolyzed  in  excess  water  and  pepuzed  with  aluminum  niiraie. 
AltNO,),.  The  procedure  for  preparing  die  sal  soluiion  has  been 
discussed  in  detail  by  Clark  et  air  The  ratio  ul  aluminum 
niiraie  in  ASH  in  ihc  sol  was  from  0.04 ;  I  to  0.07:1.  a  range 
which  has  liecn  repoiicd  lo  produce  die  minimum  volume  gel 
with  Ihc  lughcsl  solid  concentration."  Solutions  with  ratios  of 
water  lo  ASH  ranging  Iron,  100:1  to  25: 1  were  prepared  lo  evil- 
uaie  the  elleci  ol  excess  water  on  die  quality  of  die  coaling.  The 
coiii|)osi(ioiis  ol  ihc  sols  used  arc  summarized  in  Table  I.  Glyc¬ 
erol  was  added  lo  some  sol  solutions  lo  improve  ihc  flexibility 
ol  die  dried  gal.*'* 

1  he  sol-gel  coalings  were  produced  by  dipping  Nb  foils  imo 
die  sol  soluiion  for  5  s  or  by  electrophoretic  deposition  on  die 
Nh  surlace.  For  die  latter  technique,  die  Nb  foil  was  kept  paral¬ 
lel  to  die  anode  with  a  separation  distance  of  I  cm.  A  constant 
dc  voltage  ranging  from  0.5  lo  2  V  was  applied  across  die  clec- 
•rodes  lor  a  total  coaling  nine  of  .10  min  for  all  the  experiments. 
All  coalings  were  applied  wiihin  24  h  ulicr  ihc  preparation  of 
die  sol  lo  avoid  aging  of  die  sol.  Once  a  coaling  was  applied,  die 
sunqde  was  withdrawn  from  die  sol  al  a  rale  of  10  em/s.  The 
coaled  Nh  foils  were  susjxmdcd  vertically  for  48  h  ai  die  ambi¬ 
ent  icmperuiurc  before  hot-pressing  with  MoSi.  powder.  Some 
air-dried  Nb  foils  were  further  dried  at  500*C  lor  I  h  using  a 
healing  rale  of  3*C/min. 

12)  Thytical  Vapor  Deposition 

I’hysical  vapor  deposition  (|*VD)  of  AI.O,  on  Nb  was  eon- 
dueled  using  an  evaporaior  (100-0030,  Thcnniomcs  Labora¬ 
tory,  Hayward.  CA)  wiili  an  eleciron-beuin-heaied  source, 
operating  in  2  X  It)**  iorr  ( ~ 2.7  X  10 ' *  Pal  vacuum.  Hie 
emission  current  was  200  mA  with  a  potential  difference  of  3 
k  V  between  the  cuthode  and  the  inode,  resulting  in  a  deposition 
rate  of  approximately  It)  A/s.  By  changing  die  deposition  lime. 
1 . 2.  and  3  pin  thick  dejsosiis  were  obtained. 

(J)  Hot  Dipping  and  Anodizing 

Hoi  dipping  of  Nb  foils  imo  a  molten  aluminum  bath  was 
conducted  in  an  alumina  crucible  kept  inside  a  resisiance- 
healed  liimace.  Aluminum  used  for  preparing  die  mohen  hath 
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had  a  nominal  puniy  of  99.999  wt%  based  on  metallic  consul- 
items.  Two  different  hath  temperatures.  930“  and  870“C.  were 
chosen  lo  evaluate  the  el  feels  of  the  molten  metal  temperature 
on  the  thickness  and  uniformity  of  the  coating.  Dipping  time 
varied  from  2  to  5  min.  depending  on  the  bath  temperature 
used.  All  samples  were  withdrawn  from  (he  bath  at  a  rate  of 
— 10  cm/s. 

Anodizing  of  the  hot-dipped  Nb  foils  was  conducted  in  an 
electrolyte  containing  5  wi%  of  sulfuric  acid.  The  process  was 
conducted  at  ambient  temperature,  and  a  constant  dc  voltage 
ranging  from  10  to  20  V  was  applied  to  produce  current  densi¬ 
ties  ranging  from  5  to  25  mA/cnv.  Anodizing  time  was  30  mm 
for  most  operating  conditions. 

(4)  Fabrication  of  Laminated  Composites 

Commercially  pure  MoSi,  powder  (supplied  by  Johnson 
Mathey  Inc.)  was  used  in  the  present  study.  The  median  powder 
particle  size  was  1.12-p.in  diameter,  determined  by  centrifugal 
photosedimentation.  The  composition  reported  by  the  vendor 
was  Mo  >  6 1 .0%.  Si  36.6%.  C  0.06%.  N  0.03%.  0  1.22%.  and 
metallic  impurities  <0.5%  (in  weight  percent).  X-ray  diffrac¬ 
tion  (XRD)  analysis  showed  only  MoSi,  peaks  (CuATa  radia¬ 
tion.  20  angles  from  5*  to  100*),  indicating  other  phases,  if 
present,  were  below  the  volume  fraction  detectable  by  XRD  or 
were  amorphous,  such  as  amorphous  SiO.  thin  films  on  the  sur¬ 
face  ot  MoSi.  powder. 

The  coaled  and  uncoated  Nb  foils  were  slacked  with  the 
MoSi.  powder  and  vacuum  hot-pressed  at  I400“C  for  I  h  using 
a  pressure  of  40  MPa.  Some  of  the  PVD-coatcd  Nb  foils  were 
hot-pressed  between  MoSi]  plates  which  were  sliced  from  the 
hot-pressed  MoSi,  disks  and  finish  polished  with  1-p.m  dia¬ 
mond  paste.  This  allowed  an  assessment  of  the  mechanical 
damage  to  the  thin  coating  during  the  hot-pressing  with  the 
powdered  matrix. 


III.  Results  and  Discussion 

(/)  MoSiMJncoated  Nb  Composite 

Detailed  discussion  of  the  reaction  products  formed  at  the 
MoSi. /uncoated  Nb  interface  under  these  processing  conditions 
has  been  described  in  Ref.  14.  In  order  to  facilitate  discussion  of 
the  current  study,  the  previous  results  are  briefly  described 
below.  It  was  shown  that  uncoated  Nb  reacted  extensively  with 
MoSi..  forming  various  intermetallic  compounds,  depending 
on  the  processing  conditions.  The  microstructure  and  composi¬ 
tional  protiles  of  a  MoSi. /uncoated  Nb  interface  hot-pressed  at 
1400*0  are  shown  in  Pig.  I.  For  this  processing  condition,  the 
reaction  zone  consisted  of  three  intermetallics: 

Nb||Nb,Si,||(Nb.Mo)Si.||(Mo.Nb),Si,||MoSi, 

However,  while  Nb.Si,  and  (Nb.Mo)Si,  had  formed  as  continu¬ 
ous  layers.  (Mo.Nb),Si,  existed  as  discrete  islands  distributed  in 
the  MoSi.  adjacent  to  (Nb.Mo)Si,.  Most  of  the  (Mo.Nb),Si, 
islands  tended  to  form  around  the  dark  areas  shown  in  Fig.  I. 
which  were  cither  porosity  or  SiO,.  The  thickness  of  the  reac¬ 
tion  zone  was  about  30  p.m.  The  composition  of  the  reaction 
products  depended  on  the  processing  temperature  and  time.  For 
example,  when  the  hot-pressing  temperature  was  I700“C.  only 
(Nb.Mol.Si,  formed,  instead  of  the  three  intermetallics.  Nb,Si(. 
(Nb.Mo)Si.,  and  (Mo.Nb),Si,.  formed  at  I400“C.  This  temper¬ 
ature  dependence  of  the  reaction  products  has  been  attributed  to 
the  hypothesis  that  diffusion  of  Mo  and  Nb  becomes  competi¬ 
tive  with  diffusion  of  Si  at  the  higher  temperatures.14 

(2)  Coating  via  Sol-Gel  Technique 

The  interfacial  microstruciurcs  of  elcctrophoretically  sol- 
gel-coatcd  Nb-reinforced  MoSi,  composites  arc  shown  in 
Figs.  2  and  3.  The  latter  had  the  same  processing  conditions  as 
Fig.  2(c),  but  was  taken  from  a  region  where  there  was  a  rela¬ 
tively  long  continuous  alumina  coating.  There  are  several 
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.is  .qi|ii  n  v  nn.iiet  s1  '  | tui.  only  Nb.Si,  loi uieil.  w  hereas  Nh.St 
iMo  .MiiSi.  .mil  (Mo.Nlil.Si.  Inniicil  during  consolidation  ol 
mil. o. ucd  Nil  I  I  II!.  I  I  I  iiullv.  il  (lie  coaling  wn  comiiutous  and 
dm  l.  enough  i  l  ig.  1 1.  die  icaclnm  between  MoSi.  and  Nil  could 
I'c  cilecmcUf  limned 

I  lie  degi.idaiion  ol  die  coatings  was  likely  due  10  die  pres- 
mil  i  oi  SiO.  in  die  maim.  Hie  existence  of  SiO.  in  die  present 
specimens  lus  been  lound  by  cnmposiiional  analysis  wuli  an 
election  inicroprohe  as  shown  in  Fig.  I  and  continued  with 
ii .Dismission  electron  microscopy  in  a  related  study.-"  Most  ol 
MO.  icsulcd  ai  triple  points  and  gram  boundaries  alter  consoli- 
daiion  k  related  study1’ also  showed  that  in  MnSi.MI.O. 
panicle  composiies.  when  a  SiO.  panicle  was  ad|acem  lo 
MO,.  a  relatively  wide  interlace  (-7  pin)  formed  between 
MoSi.  and  AI.O,.  whereas  a  sharp  interlace  (~l  pint  lonned 
wlicn  MoSi.  contacted  AI.O,  directly.  In  (he  present  case,  (here¬ 
to  •  o .  the  degradation  ol  the  coating  was  panially  due  to  die 
icaclnm  between  the  AI.O,  coating  and  SiO.  panicles  at  die 
•  eg  ion  where  the  two  were  m  contact.  Another  reason  lor  the 
breakdown  ol  die  continuous  coating  could  he  cracking  dunne 
drying  and  tiring  ol  the  gel.  When  the  coating  was  thick  (>~4 
l*mt.  as  m  the  cases  ol  Fig.  2(b)  and  tc).  cracking  occurred  more 
readily  during  drying  and  liring  in  the  furnace  or  even  dunng 
die  air  drying  lor  the  case  ol  Fig.  2(c).  The  addition  ol  elycerol 
pievemod  cracking  somewhat  when  the  coating  was  thin,  but 
not  when  it  was  thick.  Thus,  the  discontinuity  of  the  coating  is 
primarily  attributed  to  the  attack  ol  SiO,  in  the  case  ol  thin  coat¬ 
ings  and  additional  cracking  during  the  drying  and  liring  in  the 
case  of  thick  coatings. 

The  reduction  in  the  thickness  and  nature  of  the  interfactal 
compounds  formed  can  be  attributed  to  the  retardation  of  Si  dif¬ 
fusion  and  the  suppression  of  Nb  and  Mo  diffusion  across  the 
coaling.  Suppression  of  Nb  diffusion  across  the  coating  led  to 
the  absence  of  reaction  at  the  MaSi.  side  of  the  oxide  coating, 
whereas  suppression  of  Mo  diffusion  resulted  in  formation  of 
only  the  binary  silicide.  instead  of  the  ternary  compound,  at  the 
Nli  side.  Moreover,  die  reduced  Si  diffusion  across  die  coating 
lavored  the  lormation  of  Nb-rich  binary  compounds,  such  as 
Nli, Si,  instead  ol  NbSi..  As  has  been  discussed  in  Section 
lilt  1 1.  a  similar  situation  arose  when  the  availability  of  Nb  at 
die  reaction  site  became  enhanced  as  temperature  increased 
Irom  M()(l“  u>  1 7()0“C.  In  contrast,  when  die  coating  was  dun  or 
there  were  discontinuities  along  the  coaling,  the  imerlactal 
reaction  product  was  no  longer  single  phase,  but  contained  at 
least  two  phases.  Nb,Si,  and  (Nh.Mo)Si,.  particularly  near  the 
discontinuous  points. 

In  the  presence  of  SiO.,  a  thick  and  continuous  coating  is 
necessary,  as  indicated  in  Fig.  3.  Thus,  it  seems  that  a  low 
water/AS [)  ratio  is  more  favorable.  However,  there  is  a  limn  to 
the  water/ASB  ratio  below  which  bulk  gelation  occurs  readily 
and  AIO(OH)  hardens,  not  responding  to  the  electric  licld. 

I  lierelore.  (here  is  an  optimum  ratio  which  ullows  lor  an  ade¬ 
quate  thickness  ol  the  coating  without  bulk  gelation.  For  the 
present  study,  this  ratio  was  found  to  be  25: 1 .  indicated  as  solu¬ 
tion  SG5  in  Table  I.  However,  the  cracking  problem  associated 
wuli  the  (hick  coaling  still  presents  a  formidable  processing 
challenge  which  is  yet  to  be  solved. 

No  obvious  elfect  of  the  ratio  of  aluminum  nitrate  to  ASB  on 
the  quality  and  thickness  of  the  coating  was  observed  for  the 
two  ratios  investigated.  Finally,  the  AI.O,  coating  formed  using 
the  dip-coating  technique  was  thinner  and  more  porous  than 
tltat  produced  via  electrophoresis. 

(Jj  Coating  via  Physical  Vapor  Deposition 

I  lie  microstruciures  ol  MoSi.  plates  dilfusion-liondcd  to 
I’VD-coated  Nb  with  different  thicknesses  of  the  alumina  coat¬ 
ing  are  shown  in  Fig.  4.  Reaction  products  were  detected  in  all 
cases.  I  lowever.  the  thickness  of  the  reaction  /one  was  reduced 
dramatically  from  —  30  pm  for  uncoatcd  samples  (Fig.  1 1  (0  15. 
5.  and  I  nm  tor  l‘VD-coated  samples  wiili  a  coaling  of  1 . 2.  and 
3  |un  thicknesses,  respectively.  As  the  thickness  ol'  the  coating 
increased,  die  capability  to  limit  Si  diffusion  increased  anil  the 


i  Nh.MolSi.  layer  thickness  was  reduced.  A  Tpin  eo.iime  n.is 
el leelive  in  climinalmg  die  (Nh.MolSi.  layer,  and  a  \-pni  coal¬ 
ing  nearly  eliminated  Nb.Si,  formation  exeepi  ai  local  breakage 
in  the  coaling  Hie  comparison  in  Fig.  5  shows  tli.u  die  eompo's- 
ncx  could  also  he  processed  using  powdered  MoSi.  niihoui 
obvious  damage  lo  the  FVD  coalings.  Nine  dial  degradation  of 
die  coalings  occurred  even  lor  die  interlaces  processed  using 
polished  MoSi.  plates,  suggesting  that  die  degradation  was 
most  likely  due  to  the  presence  ol  SiO.. 

Comparing  the  PVD  and  sol-gel  coatings,  the  inrmcr  had  a 
much  more  elfecnve  AI.O,  harrier  than  the  latter.  In  the  case  of 
sol-gel  coating,  the  reaction  /one  thickness  was  reduced  to  -  | 
uni  only  when  (he  coating  thickness  reached  -  It)  pm.  For  the 
I'VD  coating,  the  same  reaction  /one  thickness  was  observed 
when  the  coating  thickness  was  -  3  pm  The  reduction  m  the 
/one  thickness  is  attributed  to  the  significantly  greater  density 
ol  the  coalings  produced  by  PVD 

(V)  Coating  via  Hot  Dipping  and  Anodizing 

The  hot  dipping  of  Nb  into  a  molten  aluminum  produced  a 
sharp  Al/Nb  interlace.  The  compositional  analysis  indicated 
negligible  tnterdiffusion  between  AI  and  Nb  and  no  oxygen  at 
the  interlace.  The  thickness  of  the  aluminum  coating  produced 
ranged  from  25  to  -40  pm.  Hot  dipping  at  870“C  for  5  min  pro¬ 
duced  similar  coatings  as  hot  dipping  at  930°C  for  2  min  except 
that  the  uniformity  of  the  coating  was  reduced.  Figure  6  shows 
the  microstruciure  and  composition  prolile  of  a  hot-dipped  Nh 
alter  anodization  with  a  current  density  of  - 14  inA/cnv  for  30 
min.  As  seen  in  (he  ligure.  aluminum  has  been  convened  lo  alu¬ 
mina.  and  the  thickness  of  the  coating  has  been  reduced  from 
—  30  pin  to  — 10  pm.  Moreover,  the  interface  remains  clean  and 
sharp  after  the  anodization. 

Figure  7  shows  the  vanaiion  wuh  lime  of  the  current  density 
and  thickness  of  the  alumina  formed  for  anodizing  pure  alu¬ 
minum  plates  (99  999  wi%)  under  a  constant  voltage.  As 
expected,  the  thickness  of  the  alumina  increased  with  lime  rap¬ 
idly  at  the  early  stage  of  anodizing,  but  slowed  down  after  about 
30  min.  suggesting  that  the  alumina  approached  a  limn  thick¬ 
ness  asymptotically  for  a  given  voltage.  Correspondingly,  the 
current  density  decreased  rapidly  at  the  early  stage  of  the  ano¬ 
dizing.  and  leveled  oil  when  the  alumina  became  thick.  The 
elfect  ol  current  density  on  the  thickness  of  the  oxide  film 
is  summarized  in  Tabic  II.  As  seen  in  the  table,  increasing  the 
current  density  increased  the  thickness  of  the  oxide  film.  The 
current  density  dependence  of  the  limit  thickness  suggested 
that  the  oxide  film  formed  dissolved  in  the  electrolyte  dunng 
anodizing,  and  the  limit  thickness  was  a  result  of  the  rate  of  dis¬ 
solution  matching  the  rate  of  formation.  These  results  arc  in 
agreement  with  the  literature."'" 

When  anodizing  the  hot-dipped  Nb.  the  situation  was  com¬ 
plicated  by  the  fact  that  the  total  thickness  of  the  coating,  i.e.. 
the  (AI  +  AI.O,)  layer,  on  the  surface  of  Nb  became  thinner  as 
anodizing  proceeded,  because  of  the  dissolution  of  the  oxide  in 
the  electrolyte. ”  If  the  anodizing  time  was  too  long,  the  entire 
coaling  would  dissolve,  exposing  interior  Nb.  If  the  anodizing 
time  was  loo  short,  some  AI  remained  unconverted,  which 
would  react  severely  with  Nb  in  the  subsequent  consolidation. 
Therefore,  when  anodizing  the  hot-dipped  Nb.  it  was  necessary 
to  take  into  account  the  decrease  of  the  thickness  of  (AI  + 
AI.O,)  layer  in  addition  to  the  effect  of  the  current  density  on 
the  thickness  of  the  AI.O,  film.  The  present  study  showed  that 
lor  a  current  density  of  —  1 2  mA/cm:  and  a  5  wt9b  sulfuric  ucid 
electrolyte,  the  rate  at  which  the  thickness  of  (AI  +  AI.O,) 
layer  decreased  was  —0.45  pm/min.  Thus,  knowing  the  thick¬ 
ness  ol  AI  from  the  hot  dipping  and  the  current  density  dunng 
anodization,  it  is  possible  to  calculate  the  anodizing  time  to  con¬ 
trol  the  coating  quality. 

Figure  8  shows  the  microstruciure  and  corresponding  com¬ 
position  prolile  for  a  MoSi./anodized  Nb  interlace.  The  Nb  foil 
was  hot  dipped  in  the  molten  aluminum  at  93Q“C  for  2  mm  and 
anodized  lor  45  min  with  a  current  density  ot  -  1 2  mA/cm;.  As 
seen  in  (lie  ligure.  the  thickness  ol  the  coating  and  reacnon  zone 
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Mr.  2  Micrnsiruciurcs  of  MoSi./sol-gctcoaied  Nb  interfaces  hoi-presscd  at  I400*C.  JO  MPa  for  I  h.  The  ratios  of  ll.O: ASB  and  AI(NO.I,:ASB  in 
the  sols  were  tat  100: 1  and  0.04: 1 .  <t»  50: 1  and  0  04:1.  and  (ci  25: 1  and  0.04: 1 .  " 


prominent  features  in  these  figures.  First,  the  thickness  of  the 
omile  coating  increased  wills  decreasing  ratios  of  water  to  ASO. 
indicating  that  the  higher  the  concentration  ol  ASli.  the  higher 
the  rate  ot  the  buildup  of  hydrated  aluminum  hydroxide  col¬ 
loids.  AIO(OH),  on  the  niobium  surface.  Second,  the  coatinus 
degraded  during  the  processing  and  became  discontinuous,  thus 
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allowing  direct  coniact  and  reaction  between  Nb  and  MoSi.. 
Third,  in  spue  ol  the  degradation,  the  coalings  reduced  the 
thickness  ol  the  reaction  zone  between  Nb  and  MoSi.,  e.g., 
Irorn  -30  (im  for  uncoatcd  samples  to  — 15  p.m  for  the  coated 
samples.  Furthermore,  as  a  result  of  the  coating,  the  composi¬ 
tion  ol  the  interfacial  compounds  changed.  When  the  coating 
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Hr.  J.  Microstructure  and  composition  prulile  of  i  MoSi./sol-gcl-coaicd  Nl»  interlace.  hot-pressed  ai  1 40<)*C.  40  MPa  for  I  h  The  coaling  had  the 
same  processing  conduionsas  Fig.  Jtcl. 


Hr.  5.  Ulfeciol  the  contact  of  the  thin  oxide  coaling  with  MoSi,  powder  and  plates  on  the  integrity  ol  the  coating,  (a)  The  coating  in  contact  with  the 
powder:  lb)  the  coating  in  contact  with  the  prepolished  plate. 


was  —  10  and  —4  p.m.  respectively.  The  reaction  product  at  the 
Nb/Al.O,  interlace  was  Nl>,Si„  as  observed  with  coatings 
derived  by  the  sol-gel  technique  and  physical  vapor  deposition. 
Note  that,  lor  the  sol-gel  coating  technique,  when  the  coating 
was  -  10  |iin,  the  reaction  cone  was  limned  to  ~  I  p.nt.  indicat¬ 


ing  that  the  coating  produced  via  sol-gel  processing  is  denser 
than  that  produced  via  the  hot  dipping  and  anodizing.  Anodiz¬ 
ing  current  densities  of  20  mA/cnr  were  also  investigated,  but 
the  Al.O,  lilms  produced  were  more  porous  and  resulted  in  a 
thicker  reaction  zone. 


n,riC,0i'rUC'Ufe  and  C0mP0M"0"  P,0,,,C  Al  A/Nh  ,n,ert;lce  a,,cr  a  h0,  d‘PPcd  Nb  ““  »«"  anod.zed  w„h  ,  currcm  densuy  o,  I  a  mA/on- 
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I  ig.  7.  Current  density  and  thickness  of  the  alumina  him  vs  time  dur¬ 
ing  anodizing  with  a  constant  voltage. 


I  able  II.  Thickness  of  AI.O,  Layer  as  Function  of  the 
Current  Density  during  the  Anodizing  of  Pure  Al  Plates 


IV.  Concluding  Remarks 

In  the  present  study,  three  different  coaling  techniques  lor 
applying  thin  AI.O,  coatings  on  Nb  have  been  studied.  The 
techniques  were  <i)  sol-eel  coating  technique:  (ii)  physical 
vapor  deposition  ol  AI.O,:  tiiit  hoi  dipping  the  metal  in  molten 
Al.  followed  by  anodizing  Al  10  form  AI.O,.  OlThc  three  tech¬ 
niques.  PVD  provided  the  most  dense  coaling  and  was  ihc  most 
effective  dillusion  barrier  lor  processing  MoSt./Nb composites. 
Coatings  lormed  bv  the  hot  dipping  and  anodizing  were  ihe 
most  porous,  while  Ihe  sol-gel -derived  coalings  were  cracked. 
Such  delects  promoted  extensive  formation  of  Nb,Si,.  PVD 
coatings  of  3-p.m  thickness  effectively  minimized  the  reaction 
product  formation.  The  presence  of  SiO.  in  the  MoSi,  matrix 


liL.  wui?  ?!rr,iam  rrrtrr* of  ^oSiAnod'zcj  Nb  imerface  con*.™,:  ™  »°.i  **«  ><o<  d^  a,  9j0-c  f0f  2  mm. 

.  currciu  duttiiy  of  I  -  niA/citr  lor  45  min.  ami  (inally  ho< -pressed  with  MoSi.  ji  I4IKFC.  40  MPa  lor  I  Ii 


fan  contribute  10  (lie  diisolunon  nl  thin  AI.O,  coatings  and  pro¬ 
vide  a  signilicant  source  ot  silicon  10  reaci  with  (he  Nh  rem- 
lorceinem.  Thus.  improvements  in  main*  chemistry  should  he 
pursued  10  improve  composite  performance. 
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Mechanical  Alloying  of  MoSi2 


Principal  Investigator:  M.  J.  Kaufman 

Objective 

The  objective  of  this  work  was  to  investigate  the  microstructure  and  property 
relationships  in  MoSi2-based  composites  produced  by  mechanical  alloying  and  to 
compare  with  those  in  similar  composites  produced  using  more  conventional  schemes 
such  as  powder  mixing  and  subsequent  consolidation.  It  was  hoped  that  this  mechanical 
alloying  process  might  provide  a  means  of  producing  MoSi2  with  enhanced  mechanical 
properties  and  that  processing  might  be  achieved  at  lower  temperatures;  this  was 
considered  important  for  the  production  of  fiber-reinforced  materials  where  chemical 
and  mechanical  compatibility  issues  are  critical  factors  and  where  high  temperature 
excursions  are  undesirable. 

Mechanical  Alloying 

The  high  melting  point  of  MoSi2  precludes  conventional  ingot  metallurgy  techniques 
for  its  synthesis  due  to  problems  associated  with  crucible  wall  reactions  and  high  power 
requirements  for  those  temperatures.  Even  conventional  powder  metallurgical  techniques 
require  relatively  high  processing  temperatures.  Our  initial  efforts  were  therefore  aimed 
at  reducing  the  consolidation  temperature.  Towards  this  end,  solid  state  synthesis  of 
stoichiometric  MoSi2  through  the  mechanical  alloying  of  elemental  Mo  and  Si  powders 
was  attempted,  since  it  would  achieve  the  dual  objective  of  fine  powder  sizes  (and 
therefore  lower  processing  temperatures  due  to  higher  specific  surface  area  of  the 
powders)  and  room  temperature  compound  synthesis  with  the  desired  stoichiometric 
control.  Our  results  indicated  that  (1)  mechanical  alloying  results  in  the  formation  of 
tetragonal  MoSi2  along  with  some  hexagonal  MoSi2  and  elemental  Mo,  (2) 
consolidation  is  possible  as  low  as  1200°C  to  produce  a  material  with  submicron  grain 


sizes,  and  (3)  that,  although  consolidation  was  complete  at  these  temperatures, 
considerable  amount  of  silica  was  incorporated  into  the  material  due  to  the  high  specific 
area  of  the  powders,  which  tended  to  form  a  thin  layer  of  oxide  on  their  surfaces.  As 
opposed  to  other  siliceous  materials  such  as  SiC  and  Si3N4  where  the  silica  displays  a 
low  dihedral  angle  and,  consequently,  a  wetting  behavior  at  the  grain  boundaries,  the 
silica  in  MoSi2  displays  non-wetting  characteristics  and  tends  to  spheroidize  at  triple 
junctions.  Furthermore,  the  silica  tends  to  coarsen  with  elevated  temperature  exposure 
and  also  limits  grain  growth  by  grain  boundary  (Zener)  drag. 

Silica  Reduction 

It  was  thought  that  the  presence  of  silica  would  not  be  beneficial  to  the  elevated 
temperature  properties  due  to  its  softening  characteristics  at  elevated  temperatures  above 
1200°C.  Continuous  grain  boundary  glass  films  have  been  shown  to  promote  Rachinger 
sliding  (both  liquid-enhanced  sliding  and  solution-precipitation  creep)  with  the  resultant 
degradation  in  properties  at  elevated  temperatures  above  the  softening  temperature. 
Unfortunately,  little  is  known  about  the  effect  of  a  non-wetting,  discrete,  and 
discontinuous  soft  phases  on  the  elevated  temperature  properties.  Likewise,  the  presence 
of  silica  particles  could  potentially  degrade  the  ambient  toughness  of  the  material. 

Consequently,  our  efforts  were  focused  toward  the  removal  of  silica  from  the 
material.  It  was  felt  that  the  elevated  temperature  properties  of  silica-free  material 
needed  to  be  addressed  before  efforts  were  made  to  improve  the  high  temperature 
strength  through  compositing  approaches.  In  addition,  the  issue  of  the  DBTT  of  MoSi2 
was  clouded  by  the  softening  effect  of  silica,  and  hence  it  was  hoped  that  the  processing 
of  silica-free  material  would  lend  useful  insights  into  the  DBTT  issue. 

The  well  known,  carbothermal  reduction  of  silica  was  selected  initially  for  the 
deoxidation  process.  Deoxidation  was  achieved  simply  through  the  addition  of 
appropriate  amounts  of  carbon  powder  to  the  elemental  mixture  of  Mo  and  Si  followed 
by  mechanical  alloying,  since  mechanical  alloying  would  lead  to  the  uniform  dispersal 
of  the  deoxidant  throughout  the  matrix.  This  combination  led  to  the  successful  removal 
of  silica  and  the  formation  of  SiC  via  the  reaction  Si02  +  3C  ->  SiC  +  2CO(g).  It 
should  be  pointed  out  that  this  scheme  is  effective  and  produces  SiC  which  can  be  used 


to  enhance  the  mechanical  properties  of  this  compound  as  well  as  to  lower  its  effective 
coefficient  of  thermal  expansion  (CTE)  as  desired  for  MoSi2  matrix  composites 
containing  reinforcements  with  lower  CTEs  (e.g.  Mo  and  Ta). 

It  should  be  emphasized  that  considerable  care  should  be  exercised  while  adding 
carbon  to  MoSi2,  as  increasing  carbon  additions  would  cause  the  overall  composition 
to  diverge  into  the  three  phase  MoSi2+  SiC  +  Mo5Si3C  (Nowotny)  phase  field. 
Furthermore,  the  product  gases  of  the  deoxidation  (carbothermal  reduction)  reaction  of 
silica  such  as  (SiO?),  CO,  C02,  must  be  effectively  removed  for  complete  deoxidation, 
as  well  as  ensuring  the  processing  of  gas-pore  free  samples.  Thus,  the  initial  process  of 
forming  oxygen-free  MoSi2  would  involve  a  vacuum  hot  pressing  operation,  although 
secondary  operations  such  as  hot  isostatic  pressing  (HIP)  could  be  carried  out 
subsequent  to  hot  pressing.  In  addition  the  dissociation  tendencies  of  the  silicide  at 
elevated  temperature  dictated  additional  refinements  in  processing,  and  these  are 
outlined  in  [11,13]. 


SUMMARY  OF  ACCOMPLISHMENTS 
A  novel  processing  method  utilizing  the  combination  of  mechanical  alloying, 
carbothermal  reductions,  and  carbon  additions  was  developed  in  the  preceding  years  to 
synthesize  silica-free  MoSi2  and  MoSi2/SiC  composites[l-3, 5,1 1,13,14].  The  studies 
during  the  past  year  have  been  directed  toward  meeting  the  following  objectives: 

(1)  Optimization  of  the  processing  sequence  for  various  compositions  corresponding 
to  increasing  volume  fractions  of  silicon  carbide  in  MoSi2  and  determination  of  the 
maximum  SiC  loading  possible. 

(2)  Characterization  the  phase  evolution  sequences  for  the  various  compositions  as  a 
function  of  alloying  time  and  consolidation  temperature  in  particular,  for  differences 
associated  with  increasing  carbon  content. 

(3)  Extension  of  the  processing  rationale  to  the  fabrication  of  silica-free,  transition 
metal  silicide/SiC  and  alloy  silicide/  SiC  system. 

(4)  Applications  to  fiber-reinforced  composites  processing  by  tailoring  the  matrix  CTEs 

(5)  Mechanical  property  characterization. 


(1)  Process  optimization: 

Using  the  processing  strategy  outlined  in  [2,4,5,11,13],  MoSi2/SiC  composites 
with  varying  SiC  contents  have  been  fabricated.  Thus  far,  silica-free  composites  with 
silicon  carbide  loadings  of  up  to  60  v/o,  and  with  a  minimal  amount  of  the  Nowotny 
(CMo5Si3)  phase  have  been  fabricated  successfully.  Furthermore,  near-theoretical 
densification  has  been  achieved  in  these  composites,  with  the  open  porosity  being 
limited  to  1%  or  less.  The  SiC  reinforcement  size  in  all  the  above  composites  is 
typically  of  the  order  of  1  pm. 

In  view  of  the  tendency  of  the  silicide  to  dissociate  at  elevated  temperatures  and 
under  low  total  pressures,  considerable  modifications  were  made  to  the  processing 
method,  as  outlined  in  references  [11]  and  [13]. 

(2)  Characterization  of  the  phase  evolution  sequences: 

A  combination  of  DTA/TGA  and  x-ray  diffraction  (XRD)  techniques  have  been 
utilized  to  study  the  phase  evolution  sequences  during  mechanical  alloying  and 
consolidation.  Significant  differences  have  been  noted  in  the  microstructural  evolution 
sequence  with  changes  in  the  nominal  powder  composition.  For  instance,  while 
intermetallic  formation  during  mechanical  alloying  is  predominant  for  the  lower  carbon 
content  alloys,  the  high  carbon  alloys  evolve  by  initially  forming  carbides  (such  as 
molybdenum  and  silicon  carbide)  during  mechanical  alloying.  These,  in  turn,  lead  to 
significant  differences  in  the  phase  evolution  sequence  during  powder  consolidation. 
These  findings  are  elaborated  in  [4]. 

(3)  Extension  of  the  processing  rationale  to  other  silicide  systems: 

(a)  Alloy  silicide/  SiC  system: 

The  extension  of  the  processing  scheme  to  other  alloy  silicide/silicon  carbide 
composites  has  also  been  attempted.  Since  MoSi2  and  WSi2  are  isomorphous,  in-situ 
composites  of  the  (Mo,W)Si2/SiC  system,  with  W  substituting  for  Mo  in  the  disilicide, 
have  been  produced.  Further  improvements  in  the  high  temperature  strength  are 
anticipated  in  this  system  due  to  the  synergistic  effects  of  solid  solution  strengthening 
and  dispersion  strengthening.  Thus  far,  silica-free  (Mo,W)Si2/SiC  composites  with  20 


v/o  Sic,  containing  25  and  50  mole  percent  of  WSi2  in  the  matrix  have  been 
synthesized  successfully.  The  mechanical  alloying  approach  makes  it  possible  to  vary 
the  alloying  levels  (in  the  matrix)  and  the  SiC  content  (in  the  composite)  independently. 
Room  temperature  strength  and  fracture  properties  of  the  in-situ  (Mo0  JW0  5)Si2/20  v/o 
SiC  composites  were  characterized  and  compared  against  monolithic  (Mo0  JW0,5)Si2  of 
similar  grain  size  processed  by  mechanical  alloying.  Details  of  the  processing  of  these 
composites  along  with  the  room  temperature  mechanical  property  characterization  are 
found  in  [7].  The  higher  density  of  WSi2  necessitates  any  property  improvements  to  be 
considered  on  a  density-compensated  basis. 

(b)  Other  transition  metal  silicide/  SiC  systems: 

In  addition  to  the  Mo-W-Si-C  system,  ternary  phase  equilibria  data  of  many 
other  transition  metal-  silicon-carbon  systems  reveal  striking  similarities  to  the  Mo-Si-C 
system  (see  Fig.  1).  Since  many  of  these  systems  share  the  same  processing-related 
difficulties  such  as  high  silicon  dissociation  pressures  and  silica  contamination  that  are 
typical  of  the  Mo-Si-C  system,  it  was  decided  to  extend  the  in-situ  composite 
processing  rationale,  as  outlined  in  earlier  reports  [2,11,13],  to  these  systems.  This  was 
all  the  more  important  since  some  systems  such  as  TiSi2-SiC  are  thought  to  have 
potential  electronic  substrate  applications.  Thus  far,  we  have  successfully  fabricated  in- 
situ  NbSi2/SiC,  TaSi2/SiC,  ZrSi2/SiC,  and  TiSi2/SiC  composites,  all  with  SiC  loadings 
of  20  v/o.  Details  regarding  the  processing  and  microstructures  are  forthcoming  in 
[9,13]. 

(4)  Applications  to  fiber-reinforced  composites  processing  by  tailoring  the  matrix  CTEs 

As  outlined  in  [2],  one  of  the  major  problems  precluding  the  development  of 
fiber  reinforced  composites  is  the  cracking  of  the  matrix  due  to  the  CTE  mismatch 
between  the  matrix  and  the  fiber.  While  one  solution  is  to  reduce  the  magnitude  of  the 
mismatch  stresses  by  reducing  the  reinforcement  size,  another  involves  reducing  the 
overall  matrix  CTE  through  the  addition  of  a  second  phase  having  a  lower  CTE  than 
the  matrix.  Through  the  precise  control  of  the  powder  composition  so  as  to  lie  along 
the  two-phase  field  between  MoSi2  and  SiC  by  mechanical  alloying  and  in-situ 
displacement  reactions,  we  have  been  able  to  produce  composite  matrices  with  differing 


amounts  of  SiC,  thereby  varying  the  overall  CTE  accordingly.  One  thus  tailors  the 
initial  powder  alloy  composition  depending  on  the  CTE  of  the  reinforcement  being 
used.  Thus  the  production  of  CTE  tailored,  fiber-reinforced  composites  is  a  one-step 
process  involving  the  hot  consolidation  of  the  prealloyed  powder  and  the  desired  fiber, 
instead  of  having  to  contend  with  an  additional  step  involving  the  dispersion  of  a  CTE 
lowering  reinforcement.  In  the  case  of  MoSi2,  the  matrices  thus  derived  are  also  silica- 
free,  thus  enhancing  the  efficacy  of  the  process.  Fig.  2  shows  the  experimental 
dilatometric  data  derived  from  mechanically  alloyed  powders  corresponding  to  50  and 
60  v/o  SiC  reinforcement.  The  literature  data  of  MoSi2  and  SiC  are  also  shown  for 
comparison. 

(5)  Mechanical  property  characterization: 

Efforts  were  made  to  evaluate  the  ambient  and  elevated  temperature  properties 
of  the  silica-free  MoSi2/SiC  composites  and  to  compare  them  with  composites  processed 
by  conventional  blend  and  consolidate  techniques.  It  was  anticipated  that  the  absence 
of  the  grain  boundary  silica  and  the  presence  of  micron-sized  SiC  will  lead  to  improved 
elevated  temperature  strengthening  due  to  increased  resistance  to  grain  boundary  sliding 
and  potential  dispersion  strengthening  effects  [2].  The  effect  of  the  intergranular  silica 
particles  on  the  room  temperature  fracture  was  also  investigated. 

Two  classes  of  MoSi2/SiC  composites  were  studied  in  the  course  of  this 
investigation.  The  first  group  of  materials  was  fabricated  using  conventional  "blend  and 
consolidate"  approaches,  wherein  starting  powders  of  MoSi2  (Johnson  Matthey,  -325 
mesh)  and  SiC  (Cerac,  average  size  1  pm)  were  blended  in  ratios  corresponding  to  the 
target  reinforcement  volume  fraction  in  the  composite.  Since  no  attempt  was  made  to 
limit  oxygen  pickup  during  fabrication,  these  composites  had  significant  amounts  of 
silica  (~5v/o)  in  them.  The  second  group  of  materials  were  the  silica-free  MoSi2/SiC 
composites  prepared  through  mechanical  alloying  and  in-situ  displacement  reactions. 
Details  regarding  the  processing  of  these  materials  are  reported  elsewhere  [2,5]. 

(a)  Room  Temperature  Fracture  Measurements 

Room  temperature  fracture  toughness  measurements  were  conducted  on  in-situ 


and  conventionally  processed  composites  containing  20  and  40  v/o  SiC  particulate 
reinforcements  in  order  to  elucidate  the  effect  of  SiC  loading  and  the  intergranular  glass 
phase  on  the  room  temperature  properties.  Monolithic  MoSi2  derived  from  commercially 
available  powders  (Johnson  Matthey,  -325  mesh)  was  also  used  in  these  studies  as  a 
baseline  for  comparison.  Evaluations  were  conducted  at  room  temperature  using  the 
Indentation  Crack  Length  method,  Strength  Indentation  method  and  fractographic 
techniques.  The  details  of  these  experiments  and  the  results  obtained  are  described  in 
[6]. 

(b)  High  Temperature  Measurements: 

These  measurements  were  primarily  made  to  elucidate  the  effect  of  the 
intergranular  phase  on  the  elevated  temperature  properties  of  the  MoSi2/SiC  composites. 
Testing  was  confined  to  reinforcement  loadings  of  20  v/o  SiC.  It  should  be  mentioned 
that  efforts  were  made  to  keep  the  MoSi2  grain  size  and  reinforcement  size  consistent 
between  the  CP  and  ISP  samples  in  order  to  derive  meaningful  and  valid  comparisons. 

(i)  Fracture  Measurements: 

In  view  of  the  two  classes  of  microstructures  tested  (silica-free  and  silica- 
containing)  and  possible  notch  radius  effects  on  measured  fracture  toughness  values,  the 
controlled  surface  flaw  (indent  strength  in  bending)  technique  was  used  to  follow  the 
trends  in  fracture  behavior  as  a  function  of  temperature.  An  additional  advantage  of  the 
surface  flaw  technique  is  that  the  strength  characteristics  of  the  material  are  also 
obtained  in  addition  to  the  toughness.  The  indent  strength  technique  also  has  the  added 
advantage  of  simulating  service  flaws  that  would  normally  occur  in  the  material. 

For  the  fracture  toughness  measurements,  rectangular  bars  of  nominal  dimensions 
4  x  3  x  25  mm  were  electro-discharge  machined  from  hot  pressed  billets  for  four  point 
flexure  testing.  The  surfaces  of  the  bars  were  polished  and  chamfered.  The  prospective 
tensile  faces  of  each  test  bar  were  polished  to  1  pm  diamond  finish,  and  were  indented 
with  a  25  Kg  Vickers  indent,  such  that  the  diagonal  (hence  one  of  the  radial-median 
cracks)  was  perpendicular  to  the  tensile  axis.  The  residual  stresses  associated  with  the 
indent  were  subsequently  removed  by  annealing  the  indented  bars  at  1300°C  (150°C 


above  the  highest  test  temperature)  for  1  hour  under  a  vacuum  of  10'3  torr  or  better. 
Besides  relieving  the  residual  stress  around  the  indent,  the  annealing  treatment  insured 
the  elimination  of  microstructural  variations  due  to  varying  test  temperatures.  Thus, 
strength  variations  for  comparable  flaw  sizes  were  studied  as  a  function  of  test 
temperature  for  both  classes  of  materials,  without  the  added  concerns  of  flaw  size 
distributions  and  their  effects.  The  results  (showing  the  variation  of  indented  and 
annealed  strength  vs.  temperature)  are  shown  in  Fig.  3.  Additional  fractographic 
analyses  of  the  fracture  surfaces  are  currently  being  undertaken  to  determine  the  flaw 
sizes  and,  hence,  the  toughnesses  and  these  will  be  published  elsewhere  [8].  Since  the 
indent  loads  were  the  same  for  all  the  samples,  the  flaw  sizes  are  likely  to  be  nearly 
identical,  and  hence,  as  a  first  approximation,  the  trends  in  strengths  can  be  taken  to 
roughly  represent  the  trends  in  toughness.  It  is  seen  that  the  strengths  are  almost 
constant  throughout  the  entire  test  temperature  range,  up  to  the  DBTT.  Furthermore,  the 
silica-free  material  shows  a  lower  strength  (hence  a  lower  toughness)  than  the  silica- 
containing  material  over  the  entire  range  of  test  temperatures.  These  trends  in  toughness 
conform  to  our  earlier  measurements,  and  possible  explanations  are  given  elsewhere  [5]. 
The  toughnesses  are  seen  to  taper  off  at  higher  temperatures,  but  the  magnitude  of  these 
changes  suggests  that  this  drop-off  could  most  probably  be  attributed  to  changes  in  the 
modulus  rather  than  changes  in  the  microstructure. 

(ii)  Bend  Strength  Measurements: 

Flexure  strength  measurements  were  conducted  on  four-point  bend  bar  specimens 
having  nominal  dimensions  of  4  x  3  x  25  mm,  with  an  inner  span  of  10  mm  and  an 
outer  span  of  20  mm,  using  SiC  test  fixtures.  These  tests  spanned  the  temperature  range 
from  1200°C  to  1400°C.  In  all  cases,  the  specimens  displayed  yield  characteristics  and 
elongations  between  5-10%  (outer  fiber)  under  constant  load  (hence  constant  outer  fiber 
stress).  A  typical  load-displacement  curve  obtained  in  the  ductile  regime  is  shown  in 
Fig.  4.  All  tests  were  conducted  at  a  constant  crosshead  speed  of  50.8  pm/minute,  under 
flowing  argon.  The  results  of  the  yield  stress  and  flow  stress  variations  of  both  classes 
of  materials  are  shown  in  Figs.  5  and  6.  The  silica-free  material  displayed  a  higher 
strength  than  the  silica-containing  material  over  the  entire  temperature  range.  The 


activation  energy  derived  from  the  flow  stress  measurements  is  ~  97  kJ/mole  for  the 
silica-free  material,  and  ~  84.5  kJ/mole  for  the  silica-free  material.  These  values  are  far 
lower  than  the  activation  energies  reported  in  the  literature  which  were  derived  from 
creep  experiments. 

(iii)  Compression  Tests  (Single  Strain  Rate  and  Strain  Rate  Change  Tests): 

These  tests  were  conducted  on  the  ISP  and  CP  composites  (MoSi2/20SiC), 
primarily  to  check  for  the  possibility  of  superplasticity,  as  well  as  to  gain  insight  into 
the  deformation  mechanisms  both  in  the  presence  and  absence  of  the  intergranular  glass 
phase.  The  results  of  these  experiments,  as  well  as  their  implications  are  discussed  in 
an  accompanying  report  [10]. 
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Fig.  4  Schematic  of  the  stress-strain  curve  of 
the  outer  fiber  for  ISP  and  CP  materials  four- 
point  bend  tested  at  1200°C  showing  large 
deformation  at  constant  stress. 
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Fig.  4  Stress-strain  curve  of  the  outer  fiber 
for  ISP  and  CP  materials  four  point  bend 
tested  @T~  1200°C  showing  deformation  at 
constant  stress. 
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Fig.  6  Temperature  Dependence  of  flow  stress 
for  conventionally  processed  (CP)  and 
in-situ  processed  (ISP)  MoSi2/20  v/o  SiC 
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Tailored  MoSi2/SiC  composites  by  mechanical  alloying 

S.  Jayashankar  and  M.J.  Kaufman 
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MoSb-bascd  composites  have  been  synthesized  through  the  mechanical  alloying  (MA) 
of  elemental  molybdenum  and  silicon  powders  with  and  without  carbon  additions.  The 
interplay  between  the  phase  formation  sequence  in  the  powders  and  the  microstructural 
evolution  in  the  consolidated  samples  is  described.  It  is  shown  that  the  glassy  Si02  phase 
characteristic  of  conventional  powder  processed  MoSh  can  be  effectively  eliminated  by 
combining  mechanical  alloying,  carbon  additions,  and  an  in  situ  carbothcrmal  reduction 
reaction.  Using  this  approach,  composites  consisting  of  uniformly  distributed  micron-size 
SiC  in  an  MoSh  matrix  can  be  formed.  The  effect  of  important  processing  variables  such 
as  the  extent  of  carbon  additions,  extraneous  iron  pickup  during  MA,  partial  pressures  of 
oxygen,  consolidation  temperatures,  and  consolidation  atmospheres  is  discussed  based  on 
the  evidence  obtained  from  DTA,  TGA,  TEM,  and  XRD. 


I.  INTRODUCTION 

The  intcrmctallic  MoSh  has  long  been  considered  a 
potential  material  for  high-lcmpcraturc  structural  appli¬ 
cations  due  to  its  high  melting  point,  excellent  oxidation 
and  corrosion  resistance,  low  density,  and  good  electrical 
and  thermal  conductivity.  Similar  to  many  other  high- 
temperature  intcrmctallics,  the  use  of  MoSh  is  limited 
as  a  structural  material  due  to  its  low  ambient  tempera¬ 
ture  fracture  toughness  and  poor  elevated  temperature 
strength. 

A  number  of  approaches  for  the  processing  of  this 
intcrmctallic  arc  unsuitable  due  to  its  high  melting  point 
and  owing  to  the  fact  that  it  exists  as  a  line  compound. 
Furthermore,  the  relatively  high  dissociation  pressures 
of  M0S12  at  elevated  temperatures  result  in  uncontrolled 
second  phase  formation  due  to  silicon  volatilization. 1,2  In 
view  of  these  characteristics,  powder  processing  appears 
to  be  the  preferred  fabrication  route  due  to  the  lower  pro¬ 
cessing  temperatures  that  it  affords;  unfortunately,  it  also 
results  in  the  incorporation  of  silica  (originally  formed 
as  a  surface  layer  on  the  powder  particles3)  into  the 
consolidated  samples.  The  presence  of  grain  boundary 
silica  cither  as  a  continuous  film  or  as  discrete  particles 
is  expected  to  be  detrimental,  since  the  particles  may 
serve  as  crack  nuclcation  sites  at  lower  temperatures, 
while  enhancing  deformation  via  grain  boundary  sliding 
at  temperatures  above  1200  *C  where  the  silica  softens 
appreciably.  In  fact,  recent  studies  have  shown  that 
low  silica  polycrystalline  MoSi2  demonstrates  negligible 
“plasticity"  below  1400  *C.4  Silica  formation  also  alters 
the  matrix  stoichiometry  and  results  in  the  formation 
of  MosSij.  Such  stoichiometric  deviations  degrade  the 
intermediate  temperature  oxidation  resistance5  of  the 


silicide.  Finally,  silica  has  also  been  reported  to  cause 
the  degradation  of  the  diffusion  barrier  coatings  at  the 
fiber-matrix  interface  in  ductile  fiber-reinforced  MoSi2.6 

In  attempting  to  control  the  oxygen  content  of  MoS^ 
by  varying  the  starting  powder  size  and  by  intentional 
carbon  additions  (dcoxidant),  Maxwell7  found  that  a 
fine-grained  material  with  carbon  additions  had  better 
creep  properties  and  lower  high-temperature  plasticity 
than  a  similar  grain-size  material  without  carbon. 
More  recently,  Maloy  et  al.s  also  reported  improved 
elevated  temperature  fracture  toughness  with  vary¬ 
ing  levels  of  carbon  additions.  However,  substantial 
(~40%)  weight  losses  were  reported  on  consolidating 
these  samples,  resulting  in  uncontrolled  formation  of 
Mo-rich  second  phases.  Hardwick  and  co-workers9 
attempted  to  process  oxygen-free  MoSi2  by  conducting 
all  the  powder  handling  and  consolidation  steps  under 
vacuum  or  inert  gas  atmospheres.  However,  these 
approaches9,10  arc  impractical  from  the  standpoint  of 
processing  bulk  structural  parts,  due  to  the  difficulties 
involved  in  the  scalc-up  of  the  evacuation  systems,  as 
well  as  the  excessive  costs  that  would  be  associated  with 
such  processes. 

It  is  therefore  clear  that  further  enhancements  in  the 
properties  of  MoSi2  and  MoSi2-based  composites  are 
possible  only  with  the  elimination  of  silica  (and  oxygen) 
in  the  matrix  along  with  close  control  of  the  overall 
stoichiometry,  through  the  use  of  simple  and  economical 
processing  schemes  that  do  not  necessitate  elaborate 
care  during  powder  handling.  Thus,  the  major  focus  of 
the  present  study  was  to  achieve  the  above-mentioned 
objectives  through  a  combination  of  mechanical  alloying 
and  carbothcrmal  reductions  for  the  silica-free  synthesis 


S.  Jayashankar  and  M.J.  Kaufman:  Tailored  MoS'12/SiC  composites  by  mechanical  alloying 


of  MoSi2.  While  mechanical  alloying  (MA)  would  result 
in  the  formation  of  a  microstructurally  uniform  and 
compositionally  homogeneous  alloy  of  the  desired  stoi¬ 
chiometry,  the  carbothcrmal  reduction  process11,12  would 
utilize  the  reducing  effect  of  carbon  to  convert  silica  to 
silicon  carbide.  Furthermore,  mechanical  alloying  would 
enable  the  homogeneous  dispersion  of  carbon  in  the 
matrix  to  facilitate  these  reactions. 

II.  BACKGROUND 
A.  Phase  equilibria 

Optimizing  the  processing  conditions  and  under¬ 
standing  the  microstructural  evolution  requires  a  knowl¬ 
edge  of  the  phase  equilibria  and  crystal  chemistry  of 
the  binary  Mo-Si  and  the  ternary  Mo-Si-C  systems; 
these  arc  summarized  in  Table  I.  It  should  be  pointed 
out  that  many  of  the  earlier  thermodynamic  and  struc¬ 
tural  determinations  of  these  systems  were  in  error 
due  to  oxygen  and  carbon  contamination  of  the  sam¬ 
ples,  as  well  as  due  to  the  high  melting  points  of  the 
compounds. 

Ternary  isotherms  of  the  Mo-Si-C  system,  as 
shown  in  Fig.  1(a),  were  constructed  by  Nowotny  and 
co-workers16  at  1600  *C  and  by  Brewer  and  Krikorian20 


at  around  1727  °C.  Subsequently,  van  Loo  and  co- 
workers21  constructed  a  1200  °C  isotherm  [see  Fig.  1(b)] 
after  examining  are-melted  alloys  and  diffusion  couples. 
The  only  ternary  phase  in  the  Mo-Si-C  system  is  the 
“Nowotny  phase”  which  has  the  approximate  formula, 
C<|Mo<5Si3,  and  a  relatively  wide  homogeneity 
range.16,17,20,21  Minor  additions  of  carbon  to  M05S13 
destabilize  its  tetragonal  structure  and  result  in  the 
formation  of  a  carbon  stabilized  hexagonal  Nowotny 
phase.  These  Nowotny  phases  have  the  general  formula, 
TlT&MiXcu  where  T  denotes  a  transition  metal,  M 
represents  Ge  or  Si,  and  X  denotes  a  nonmctal  such  as  C, 
0,  B,  or  N.17  The  presence  of  carbon-centered  tetrahedra 
is  characteristic  of  the  Nowotny  phases  and  accounts 
for  their  stability.  While  the  isotherms  of  Nowotny 
ct  al.  and  Brewer  and  Krikorian  arc  in  good  agreement 
with  each  other  in  their  prediction  of  the  existence  of 
a  three-phase  field  between  MoSi2,  C<|Mo<sSi3,  and 
SiC,  the  results  of  Van  Loo  indicate  the  coexistence  of 
MosSi3,  SiC,  and  C<tMo<5Si3  at  1200  'C.  Recently,  it 
has  been  postulated  by  Costa  c  Silva  and  Kaufman22 
that  the  van  Loo  and  Brewer  diagrams  arc  consistent 
with  each  other  only  if  a  class  II,  four-phase  reaction 
(MoSi2  +  Nowotny  —  SiC  +  Mo5Si3)  exists  between 
the  temperatures  at  which  these  isotherms  were 
constructed,  i.c.,  1200  *C  and  1727  °C. 


TABLE  I.  Summary  of  the  binary  and  ternary  phases  of  the  Mo-Si-C  system. 


Temp. 

Crystal 

Lattice 

System 

Formula 

CQ 

system 

Structure 

parameters  (nm) 

Ref. 

Comments 

Mo-Si 

MojSi 

2025 

Cubic 

Pirtin 

a  -  0.4890 

14 

Forms  by  the  peritectic  reaction,  L  + 

a  MojSi 

MO5SI3 

2100 

Tetragonal 

14/ mem 

a  -  0.9648 

14 

Incorrectly  identified  as  MojSi2  until 

c  -  0.4910 

Aronson.18  Solubility  range  —3  at.%. 

or-MoSij 

1900 

Tetragonal 

14/mmm 

a  -  0.3202 

14 

or-/?  transformation  is  polymorphic. 

c  -  0.7843 

However,  Ref.  13  considers  P  dec¬ 
omposition  to  a  and  MojSij  through 
a  eutectoid  reaction,  p  may  be  stabi¬ 
lized  by  impurities,  e.g.,  Ti. 

/?-MoSi2 

2020 

Hexagonal 

P6i22 

a  “  0.4642 
c  -  0.6529 

14 

Si-C 

ar-SiC 

-2800 

Hexagonal 

P6jmc 

a  -  0.3081 
c  -  1.51! 

15 

Numerous  other  polytypes  exist. 

/3— SiC 

-2800 

Cubic 

F43m 

a  -  0.4358 

15 

Forms  by  the  peritectic  reaction,  L  + 

Mo-C 

/3-MojC 

2650 

Hexagonal 

P6)/mmc 

a  -  0.2932 

16 

c  -  1.097 

MoC  ;p±  M02C 

MoC 

2520 

Hexagonal 

P6)/mmc 

a  —  0.3006 

15 

Other  metastablc  forms  which  are  slightly 

c  -  0.4753 

carbon  rich  such  as  a-  and  p -carbides 
exist  at  high  temperatures  and  trans¬ 
form  at  lower  temperature  by  eutec¬ 
toid  reaction  to  /?-Mo2C  +  C. 

Mo— Si— C  C<|Mo<5Si3 

2000-2060 

Hexagonal 

P6)/mcm 

a  -  0.7286 

17 

c/a  changes  slightly  with  carbon  con- 

(composition 

b  -  0.7287 

tent.  First  structure  determination  made 

dependent) 

c  -  0.5002 

by  Schachner  el  al./9  but  incorrectly 
identified  as  MojSij. 
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FIG.  I.  Schematic  of  the  ternary  isotherms  of  the  Mo-Si-C  system  as  proposed  by  (a)  Nowotny  ei  at.'6  at  1600  *C  and  (b)  van  Loo 
cl  al.  at  1200  *C.21  N  in  (a)  and  T  in  (b)  denote  the  C<| Mo<5Sh  phase. 


8.  Processing  rationale 

Based  on  the  1600  *C  isotherm  of  Nowotny  and 
the  1727  °C  isotherm  of  Brewer,  it  is  clear  that  ternary 
powder  alloys  within  the  composition  limits  established 
by  the  MoSi2  +  C<|Mo<5Si3  +  SiC  three-phase  field 
should  form  a  thermally  stable,  three-phase  microstruc- 
turc  when  consolidated  at  these  temperatures,  provided 
that  the  powders  are  sufficiently  homogeneous  to  mini¬ 
mize  the  diffusion  length  scales  so  as  to  establish  equi¬ 
librium  within  the  short  time  frames  of  the  consolidation 
process.  Here,  it  is  assumed  that  the  nature  of  the 
isotherms  is  unaltered  by  the  presence  of  small  amounts 
of  oxygen  present  as  surface  Si02  on  the  powders. 
While  part  of  the  carbon  would  take  part  in  the  dcox- 
idation/carbothermal  reduction  reactions,  the  unreactcd 
residual  carbon  would  exist  in  equilibrium,  as  dictated 
by  the  isotherm. 

For  the  formation  of  MoSi2/SiC  composites  with  a 
minimal  amount  of  the  Nowotny  phase,  it  is  necessary 
to  start  with  nominal  compositions  slightly  to  the  Mo- 
rich  side  of  the  MoSi2-SiC  tic  line;  this  ensures  that  the 
compositional  variations  (carbon  and  silicon  losses)  due 
to  the  carbothermal  reduction  reactions  do  not  shift  the 
overall  composition  to  the  adjacent  Si  +  MoSi2  +  SiC 
field,  where  the  Si  phase  would  experience  incipient 
melting  above  ~  1400  *C  and  thus  result  in  the  degra¬ 
dation  of  the  high  temperature  mechanical  properties. 
Bearing  this  in  mind,  it  is  possible  to  vary  the  amount  of 
the  reinforcing  SiC  phase  in  the  MoSi2  matrix  by  simply 
choosing  compositions  at  various  points  along  the  tie 
line.  Note  that  the  formation  of  the  thermodynamically 
expected  microstructures  may  also  be  limited  by  various 


kinetic  constraints.  Similarly,  processing  related  effects 
such  as  porosity  should  also  be  appropriately  controlled 
in  view  of  the  gaseous  by-products  formed  as  a  result  of 
the  carbothermal  reduction  reaction. 

It  is  worth  noting  that  the  deoxidation  of  commercial 
MoSi2  by  carbon  additions  without  a  commensurate 
increase  in  the  silicon  content7-8  would  result  in  com¬ 
positional  shifts  along  an  imaginary  line  between  MoSi2 
and  C  and  a  corresponding  increase  in  the  amount  of  the 
Nowotny  phase,  according  to  the  diagrams  by  Nowotny 
and  Brewer  (Fig.  1(a)]. 

In  the  present  study,  two  powder  compositions  were 
chosen  for  mechanical  alloying  (MA).  One  corresponded 
to  stoichiometric  binary  MoSi2  as  a  baseline  for  com¬ 
parison,  and  the  other  was  a  ternary  alloy  in  the 
MoSi2  +  C<iMo<jSij  +  SiC  three-phase  field,  accord¬ 
ing  to  the  Nowotny  diagram  [Fig.  1(a)]. 

III.  EXPERIMENTAL  PROCEDURE 

The  compositions  investigated  by  mechanical  alloy¬ 
ing  in  this  study  were  Si-28Mo-14C  and  Si-33.33Mo 
(stoichiometric  binary  MoSi2)  (all  compositions  in 
atomic  percent).  Mechanical  alloying  was  performed 
in  a  water-cooled  Szegvari  attrition  mill  (planetary 
type)  using  hardened  steel  balls  as  the  milling  media 
and  a  ball  to  charge  ratio  of  5: 1.  Elemental  powders 
of  commercial  purity  molybdenum  (purity  99.9%, 
2-4  fim)  and  silicon  (purity  98%,  <44  /rm)  obtained 
from  Ccrac  and  high-purity  carbon  powder  (99.5% 
pure,  -300  mesh,  amorphous)  obtained  from  Johnson 
Matthey  were  the  starting  materials.  To  minimize  oxygen 
contamination  during  processing,  high-purity  titanium- 
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gcttcrcd  argon  (oxygen  content  less  than  4  ppm)  under  a 
slightly  positive  pressure  was  maintained  in  the  attritor. 
The  progress  of  MA  was  monitored  by  withdrawing 
small  amounts  of  powder  samples  from  the  same 
attrition  batch  after  0,  0.5,  7,  17,  29,  40,  and  42  h  of 
milling.  The  powders  were  characterized  for  structure 
and  morphology  by  SEM  and  XRD.  In  addition, 
powders  obtained  after  17  and  40  h  of  milling  were 
analyzed  by  TEM.  For  the  TEM  analysis,  powders 
were  ultrasonically  dispersed  in  acetone,  and  a  small 
droplet  was  spread  on  a  holey  carbon  film.  The  fine 
size  (<1  jam)  of  the  powders  ensured  their  electron 
transparency. 

Consolidation  of  the  MA  binary  and  ternary  powders 
was  carried  out  by  hot  pressing  under  a  vacuum  of 
I0-2  Torr  or  less  in  an  inductively  heated  graphite  die  at 
both  1450  *C  and  1600  °C  at  a  pressure  of  35  MPa  for 
1  h.  To  prevent  cracking  of  the  sample,  the  pressure  was 
released  prior  to  cooling.  Samples  for  microstructural 
characterization  were  diamond-saw  cut,  ground,  and 
polished  to  a  1  /am  diamond  finish.  Thin  foil  TEM 
samples  were  prepared  from  the  bulk  samples  following 
standard  procedures  of  dimpling  and  argon  ion-milling 
at  4.5  kV.  Microstructural  analysis  of  the  consolidated 
samples  as  well  as  the  MA  powders  was  performed  using 
a  JEOL  JSM  6400  SEM  equipped  with  a  Tracor  North¬ 
ern  EDS  unit  with  light  element  detection  capabilities 
and  JEOL  200CX  and  JEOL  4000FX  TEM’s,  the  latter 
equipped  with  a  Princeton  Gamma  Tech  EDS  unit  with 
a  light  element  detector. 

The  transformation  characteristics  of  the  MA 
powders  were  monitored  by  differential  thermal  anal¬ 
ysis  (DTA)  and  thcrmogravimctric  analysis  (TGA). 
DTA/TGA  was  performed  under  (lowing  gcttcrcd  argon 
(1  cc/min,  oxygen  content  less  than  4  ppm)  on  a 
Nctzsch  STA-409  system  with  hcating/cooling  rates  of 
10  °C/min.  Errors  due  to  the  differing  specific  heats  of 
the  sample  and  the  reference  were  eliminated  by  using 
commercial  MoSij  powder  that  had  been  previously 
calcined  under  gettered  argon  at  500  *C  as  the  reference. 
For  more  detailed  investigations,  powders  were  heated 
at  10  *C/min  under  gcttcrcd  argon  above  each  DTA 
exotherm,  held  at  that  temperature  for  less  than  a  minute, 
and  rapidly  cooled  for  subsequent  analysis.  Structural 
analysis  of  the  powders  and  the  consolidated  samples 
was  carried  out  using  a  Philips  ADP  3720  diffractometer 
operated  at  40  kV  and  20  mA  with  Cu  K„  radiation  and 
digital  data  acquisition  over  20  ranges  of  5*- 100*. 

IV.  RESULTS  AND  DISCUSSION 
A.  Powder  microstructure 

The  development  of  the  powder  morphology  with 
increasing  milling  times  is  shown  in  Fig.  2.  After  0.5  h 
of  milling  [Fig.  2(c)],  large  particles  with  a  diameter  of 


5-6  /am  arc  predominant.  Refinement  of  the  powder 
continues  through  7  It  of  milling  (Fig.  2(d)],  beyond 
which  the  reduction  in  powder  size  is  gradual.  The 
powder  size  stabilizes  around  1  /am  after  29  h  (Fig.  2(c)] 
and  remains  constant  thereafter  [Fig.  2(f)]. 

Structural  evolution  studies  of  the  powders  as  a 
function  of  milling  time  (Fig.  3)  indicated  the  formation 
of  traces  of  /?-MoSi2  (hexagonal  form)  after  short 
milling  times  (0.5  h,  see  Fig.  3(a)].  Further  milling  (7  h, 
Fig.  3(b)]  results  in  a  slight  increase  in  the  amount 
of  /3-MoSi2  along  with  the  gradual  appearance  of 
a-MoSi2  (tetragonal  form).  Further  increases  in  the 
amount  of  ar-MoSi2  continue  through  17  h  of  milling 
[Fig.  3(c)],  at  which  time  elemental  molybdenum  and 
silicon  are  still  present.  Milling  beyond  17  h  through 
29  h  [Fig.  3(d)]  results  in  the  almost  complete  disap¬ 
pearance  of  the  silicon  peaks,  along  with  a  considerable 
broadening  of  the  ar-MoSi2  peaks;  this  is  presumably 
due  to  the  decrease  in  the  crystallite  size  of  a-MoS^ 
ralhcr  than  the  effect  of  lattice  strain  since  MoSi2  is 
brittle  at  the  milling  temperatures.  This  was  confirmed  by 
TEM  observations.  Beyond  29  h,  milling  has  little  effect 
on  the  structure  of  the  powders,  a  fact  which  was  also 
corroborated  by  the  SEM  observations,  which  showed 
particle  size  stabilization  after  29  h. 

Powders  were  characterized  for  their  microstruc- 
turc  by  TEM.  A  dark-field  TEM  micrograph  of  a  MA 
MoSi2  powder  particle  milled  for  40  h  is  shown  in 
Fig.  4(a).  Close  examination  reveals  a  fine  distribution 
of  crystallites,  the  sizes  of  which  arc  between  4  and 
7  nm.  In  addition,  the  surfaces  of  the  powder  parti¬ 
cles  appear  to  be  covered  with  a  layer  of  amorphous 
oxide,  the  projected  thickness  of  which  varies  from  5 
to  15  nm.  The  selected  area  diffraction  pattern  (SADP) 
[Fig.  4(b)]  from  this  powder  indexes  to  the  interplanar 
spacings  of  Mo  and  a-MoSi2-  X-ray  diffractograms 
[Figs.  5(a)  and  5(b)]  from  these  powders  not  only  con¬ 
firm  the  presence  of  the  predominant  phases  (Mo  and 
a-MoS^)  determined  in  the.  SADP’s,  but  also  reveal 
traces  of  the  metastable  /?-MoSi2,  which  reportedly 
occurs  only  above  1900  *C  under  equilibrium  conditions. 
The  formation  of  the  /3-MoSi2  at  lower  temperatures 
is  not  surprising  and  has  been  reported  during  the 
annealing  of  amorphous  Mo-Si  multilayers  prepared 
by  sputtering,23,24  as  well  as  in  ion-implanted  MoSi2 
films.25  The  presence  of  Mo  and  MoSi2  in  the  as- 
milled  powders  suggests  that  silicon  is  dissolved  in  the 
MoSi2  and  Mo  crystallites;  this  is  also  a  metastable 
effect  caused  by  mechanical  alloying,  since  the  terminal 
solubilities  of  Si  in  Mo  and  MoSi2  arc  negligible  at 
room  temperature  although  both  Mo  and  MoSi2  are 
known  to  exist  over  a  certain  homogeneity  range  above 
~  1500  *C. 13,14  The  possibility  of  amorphization  of  part 
of  the  silicon  was  considered,  but  was  eliminated  in 
view  of  the  experimental  evidence  against  it.26  The  fine 
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FIG.  2.  Morphological  evolution  of  the  MA  MoSi_>  powders  as  a  function  of  milling  lime:  Elemental  Mo  (a)  and  Si  (b)  powders  prior  to  milling 
(0  It),  (c)  after  0.5  It  of  milling,  (d)  after  7  h  of  milling,  (c)  after  29  It  of  milling,  and  (I )  after  40  h  of  milling. 


(C) 


(d) 


FIG.  3.  Structural  evolution  of  the  ternary  MA  MoSh  powder  as  a  function  of  milling  lime.  XRD  patterns  of  the  powders  milled  for  the  indicated 
times:  (a)  0.5  h  (b)  7  h  (c)  17  h  and  (d)  29  h  (Mo  is  molybdenum.  Si  is  silicon,  T  is  tetragonal  «-MoSi2,  and  H  is  hexagonal  /3-MoSi2). 


scale  of  the  powder  microstructurcs  and  the  intermctallic 
compound  formation  during  mechanical  alloying  sug¬ 
gest  a  homogeneous  distribution  of  alloying  elements. 
EDS  analysis  of  the  powders  also  revealed  the  presence 
of  trace  amounts  of  iron  impurities  that  were  probably 
picked  up  from  the  hardened  steel  balls  used  for  milling. 

In  order  to  ascertain  the  effects  of  carbon  additions 
on  the  final  structure  of  the  MA  powders,  XRD  pat¬ 
terns  from  the  binary  [Fig.  5(a)]  and  ternary  samples 
[Fig.  5(b)]  after  40  h  of  milling  were  compared.  It  can 
be  seen  on  the  basis  of  the  relative  intensities  of  the 
molybdenum  and  ar-MoSi2  peaks  that  the  formation  of 
a-MoSi2  is  suppressed  by  the  carbon  additions. 

B.  Phase  evolution 

The  phase  evolution  of  the  binary  and  ternary  MA 
MoSi2  powders  as  a  function  of  temperature  was  studied 


by  DTA.  A  typical  heating  traqc  of  the  binary  MA  MoSi2 
powder  is  shown  in  Fig.  6,  where  weak  exotherms  corre¬ 
sponding  to  580  *C,  780  *C,  and  1020  'C  are  apparent. 
The  transformations  corresponding  to  these  exotherms 
were  studied  by  XRD  analysis  of  powders  heated  to 
temperatures  above  the  end  of  each  exotherm  under 
identical  heating  conditions  (10  *C/min  under  flowing 
argon),  and  the  results  arc  shown  in  Fig.  7.  Comparison 
of  the  room  temperature  and  the  690  *C  XRD  patterns 
[Fig.  5(a)  and  Fig.  7(a),  respectively]  showed  that  the 
mild  580  *C  exotherm  is  associated  with  the  formation 
of  more  a -MoSi2,  as  is  evidenced  by  the  change  in 
the  relative  intensities  of  the  a- MoSi2  and  Mo  peaks. 
Likewise,  comparison  of  the  690  *C  and  950  *C  XRD 
patterns  shows  that  the  780  *C  exotherm  corresponds 
to  the  simultaneous  growth  of  a-MoSi2  and  MojSi2 
(tetragonal).  The  1020  *C  exotherm  appears  to  be  as- 
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FIG.  7.  XRD  of  (he  MA  binary  stoichiometric  MoSij  powders  heated  at  10  ‘C/mjn  under  flowing  argon  to  the  t '"^turw^ 'nd'^ted. 
(a)  690  *C  (b)  950  *C  (c)  1070  *C  and  (d)  1400  *C  (Mo  is  molybdenum.  Si  is  silicon  T  is  ar-MoSi2(  H  is  P  l, 
tetragonal  MojSij  phase). 
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FIG.  8.  DTA  of  ternary  MoSi2  under  flowing  argon  at  a  heating  rate  of 
10  *C/min,  along  with  the  corresponding  phases  identified  hy  XRD. 
(“Nowotny"  refers  to  the  Nowotny  phase,  C<|Mo<jSij.) 


perature  stability  of  the  (3  phase  in  this  study  is  probably 
related  to  the  presence  of  iron  and  oxygen  impurities 
rather  than  the  relatively  high  heating  rates  of  the  pow¬ 
ders;  this  is  consistent  with  the  experimental  evidence 
obtained  from  the  isothermal  annealing  of  the  MA 
binary  and  ternary  powders  (820  *C  for  a  period  of  1  h), 
which  demonstrated  the  stability  of  the  /3-MoSi2  phase. 

C.  Consolidated  microstructures 

Figure  10  shows  the  microstructurcs  of  a  hot-pressed 
specimen  derived  from  the  MA  nominally  stoichiometric 
MoSi2  powders.  Considerable  amounts  of  second-phase 
particles  with  volume  fractions  of  about  0.15  arc  present 
in  the  MoSi2  matrix.  TEM/EDS  analysis  of  these  sam¬ 
ples  (Fig.  11)  revealed  the  presence  of  submicron-sized 
grains  of  MoSi2  and  second-phase  particles  which  were 
amorphous  and  silicon-rich,  indicating  the  presence  of 


(a)  (b) 


(c)  (d) 

FIO.  9.  XRD  of  the  MA  ternary  MoSi2  powders  (Si-28Mo-t4Q  heated  at  10  *C/min  under  (lowing  argon  to  the  temperatures  indicated: 
(a)  750  *C,  (b)  935  *C.  (c)  1070  *C,  and  (d)  1400  *C  (Mo  is  molybdenum,  Si  is  silicon,  T  is  a-MoSij,  H  is  0-MoSij,  and  N  is  the 
hexagonal  Nowotny  phase). 
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FIG.  10.  Scanning  Electron  Micrograph  (SEM)  showing  lire  micro- 
structure  of  the  hot-pressed  binary  MA  MoSh. 


a  glassy  silica  phase.  The  silica  was  present  at  the 
grain  boundaries  and  triple  points.  In  addition,  very  fine 


FIG.  11.  Bright-Ficld  Transmission  Electron  Micrograph  (BFTEM) 
and  SADP  of  silica  particles  in  hot-pressed  binary  MA  MoSi2. 
S  denotes  a  typical  silica  particle. 


(10  nm)  dispersoids  were  found  within  the  MoSi2  grains, 
along  with  occasional  grains  ot  MoySiy. 

Figure  I  2  shows  a  hackscattered  electron  image  of  a 
hot-pressed  specimen  derived  from  the  carbon-modified 
MA  MoSi>  powder.  Considerable  improvement  in  the 
overall  homogeneity  and  cleanliness  of  the  microstruc- 
lu re  is  apparent  in  comparison  with  the  samples  derived 
from  the  binary  MA  MoSi,  powder.  Based  on  the  atomic 
number  (Z)  contrast,  it  is  apparent  that  the  material  has 
three  phases. 

Following  qualitative  analysis  by  EDS,  the  compo¬ 
sitions  of  each  of  these  phases,  as  well  as  the  overall 
matrix  composition,  were  determined  by  electron  mi¬ 
croprobe  analysis.  In  addition,  quantitative  estimation 
of  (he  volume  fraction  of  these  phases  was  obtained 
using  standard  point  count  techniques.  These  results  arc 
summarized  in  Table  II.  The  data  indicate  the  presence 
of  SiC(low  Z  phase),  MoSh  (intermediate  Z  phase),  and 
an  iron-containing  Nowotny  phase  C<i(Mo,  Fe)<sSiy 
(high  Z  phase)  in  the  microstructure,  and  thus  seem 
to  support  the  isotherms  proposed  by  Nowotny  ct  al. 
and  Brewer  and  Krikorian1'0"  [see  Fig.  1(a)]  rather  than 
that  of  van  Loo  cl  at.2'  [see  Fig.  1(b)].  Furthermore, 
the  volume  fractions  of  these  phases  arc  in  reasonable 
agreement  with  the  location  of  the  nominal  compositions 
in  the  MoSh  +  SiC  +  C<,Mo<5Siy  three-phase  field 
in  the  Nowotny  diagram.  As  mentioned  earlier,  the 
source  of  the  iron  is  believed  to  be  the  hardened  steel 
milling  media.  Interestingly,  no  iron  was  detected  in  the 
MoSi2,  despite  the  fact  that  it  has  a  limited  amount  of 
solubility  for  iron.27  The  preferential  location  of  iron  in 
the  Nowotny  phase  is  probably  related  to  the  greater 
affinity  of  iron  toward  the  carbon-centered  octahcdra  of 
this  phase.  The  relatively  small  size  differences  between 
the  atomic  radii  of  Mo  and  Fc,  together  with  the  low 


FIG.  12.  Backscattcrcd  electron  image  of  the  hot-pressed  ternary  MA 
MoSij  (Si-28Mo- I4C). 
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TAlit.li  II. 

Microstructural  characteristics  of 

the  consolidated  samples  derived  from  the  ternary 

MA  MoSii  powders. 

Phase 

Composition  (at.  %) 

Volume 
fraction  (%) 

Si 

Mo 

C 

Pc 

MoSi2 

64.55 

35.45 

0.0 

0.0 

79.15 

SiC 

0.0 

48.29 

50.20 

0.0 

11.83 

Nowolny 

54.61 

35.26 

5.22 

4.59 

9.028 

Overall 

58.16 

31.7 

9.765 

0.37 

Initial 

58.00 

28.00 

14.00 

levels  of  the  iron  impurity,  make  iron  substitution  on  the 
molybdenum  sites  easy,  since  the  resulting  lattice  strains 
would  be  small.  It  is  also  apparent  that  the  Nowotny 
phase  tends  to  adjoin  the  SiC  grains,  thereby  suggest¬ 
ing  that  its  origin  is  probably  due  to  local  deviations 
from  stoichiometry  resulting  from  either  Si02  or  SiC 
formation. 

TEM  analysis  of  the  carbon-modified  material  re¬ 
vealed  a  homogeneous  microstructurc  with  uniformly 
distributed  second  phases  such  as  those  marked  A  and 
B  in  Fig.  13(a).  The  average  grain  size  of  the  MoSi2 
was  between  3  and  5  /tm,  which  is  much  larger  than 
that  of  the  material  without  carbon.  The  larger  grain 
size  is  a  temperature-related  effect  as  ternary  powder 
samples  consolidated  at  1450  'C  exhibited  submicron 
grain  sizes.  EDS  microanalysis,  with  an  ultralhin  poly¬ 
meric  window,  of  region  A  showed  the  presence  of 
silicon  and  carbon  alone,  indicating  that  these  regions 
correspond  to  the  dark  (low  Z)  regions,  such  as  those 
shown  in  Fig.  12.  SADP’s  were  obtained  along  the 
major  zone  axes  from  these  and  other  silicon-rich  regions 
(Fig.  13(b)]  and  were  consistently  indexed  to  the  cubic 
/?-SiC  structure  (with  a  —  0.4359  nm).  The  /?-SiC 
was  present  in  the  form  of  1  /xm-sized  particles  located 
predominantly  along  grain  boundaries  and  at  triple- 
point  regions.  Furthermore,  the  SiC  particles  were  easily 
distinguishable  based  on  the  internal  twinning  observed 
(Fig.  14).  Although  the  microstructural  origin  of  these 
SiC  particles  is  presently  not  well  understood,  it  is  prob¬ 
able  that  their  formation  would  involve  the  following 
reactions:  (A)  the  carbothcrmal  reduction  of  silica  to 
SiC,  and  (B)  the  cooperative  displacements  of  Si  and 
C  from  MoSi2  and  C<|MojSij  to  form  SiC.  While 
the  reaction  mechanisms  for.  (A)  have  been  discussed 
previously",  the  results  of  the  phase  evolution  studies  on 
the  ternary  powders  do  not  indicate  the  formation  of  SiC 
within  the  limits  of  detection  of  the  XRD.  However,  the 
fact  that  these  studies  were  conducted  on  loosely  packed 
powders,  at  atmospheric  pressures  under  flowing  argon, 
as  opposed  to  the  consolidation  conditions  that  involve 
densely  packed  powders  under  highly  reducing  atmo¬ 
spheres,  might  have  precluded  effective  conversion  of 
silica  to  SiC.  On  the  other  hand,  direct  reaction  between 


cooperatively  displaced  Si  and  C  is  also  feasible  above 
1435  *C,  based  on  the  DTA  data  of  Singh.2K  In  addition 
to  /3-SiC,  grains  of  the  iron-containing  Nowotny  phase 
(region  B)  were  also  easily  distinguishable,  based  on 
their  lower  ion-milling  rates.  Most  importantly,  the  grain 
boundaries  also  appeared  to  be  free  of  silica  (Fig.  15), 
although  a  small  amount  was  occasionally  observed 
within  the  grains.  Contrary  to  Maxwell’s  hypothesis  that 
molybdenum  carbides  would  be  present  in  the  matrix 
as  a  reduction  product  of  M0O37  and  in  accordance 
with  the  1600  *C  isotherms  of  Nowotny,  none  of  the 
molybdenum  carbides  such  as  MoC  and  Mo2C  were 
detected. 

D.  Thermogravimetric  analysis 

The  results  of  the  thermogravimetric  analysis  (heat¬ 
ing  and  cooling  rates  of  10  K/min)  of  the  MA  bi¬ 
nary  (solid  line)  and  ternary  powders  (dotted  lines) 
arc  shown  in  Fig.  16.  The  top  and  bottom  curves  in 
each  set  represent  the  weight  changes  of  the  powders 
during  heating  and  cooling,  respectively.  While  both 
the  samples  experienced  weight  losses  above  1200  *C, 
those  exhibited  by  the  C-modified  ternary  MA  MoSi2 
powders  were  much  higher  than  those  of  the  binary 
MA  MoSi2  at  all  temperatures.  Examination  of  the 
XRD  patterns  of  the  binary  MA  MoSi2  at  temperatures 
above  1200  *C  [Fig.  7(d)]  revealed  minor  amounts  of 
tetragonal  MosSij,  indicating  a  silicon  depleted  powder. 
With  the  knowledge  that  the  oxygen  content  of  micron- 
sized  MoSi2  powders  is  about  1.5  at.  %, 7  it  is  quite 
possiole  that  the  weight  losses  above  1200  *C  are  caused 
by  the  dissociation  of  Si02  (under  very  low  partial 
pressures  of  oxygen)  to  the  volatile  SiO.  On  the  other 
hand,  the  higher  weight  losses  in  the  C-modified  MA 
MoSi2  powders  can  be  ascribed  to  the  presence  of 
carbon.  However,  the  mechanism  in  this  ease  is  the 
reduction  of  Si02  by  carbon  to  volatile  oxides  such  as 
CO,  C02,  and  SiO. 

The  above  data  are  consistent  with  the  weight  losses 
experienced  during  the  actual  hot  consolidation  of  the 
ternary  MA  MoSi2  samples.  Vacuum  hot  pressing  of 
the  C-modified  samples  at  temperatures  of  1550  *C  and 
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FIG.  15.  BFTEM  of  the  ternary  MA  MoSij  showing  the  absence  of 
grain  boundary  silica. 


FIG.  13.  (a)  UFTEM  of  the  ternary  MA  MoSi2.  (b)  SADP  of  /}-SiC 
along  «  —  [Oil]  (region  A),  (c)  SADP  of  the  Nowotny  phase  along 
fl  —  [lOlO]  (region  B). 
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below  resulted  in  weight  losses  near  4%,  while  higher 
consolidation  temperatures  (1700  *C)  resulted  in  a  near 
doubling  of  the  weight  loss  (~  8%).  However,  it  should 


FIG.  16.  TGA  of  the  binary  stoichiometric  MA  MoSi2  ( — )  and 
ternary  MA  MoSi2  (Si-28Mo- I4C)  (---)  under  flowing  argon  at 
a  heating  and  cooling  rate  of  10  'C/min.  The  top  curve  in  each  set 
represents  heating  while  the  bottom  curve  represents  cooling. 
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be  recognized  that  the  weight  losses  at  temperatures 
above  1700  *C  are  caused  by  the  volatilization  of  silicon 
from  MoSi2  due  to  the  relatively  high  vapor  pressures 
of  silicon  over  MoS^,1,2  rather  than  by  the  carbothcrmal 
reduction  of  the  Si02.  This  implies  that  while  relatively 
minor  weight  losses  (up  to  5%)  due  to  carbothcrmal 
reduction  of  silica  are  unavoidable,  careful  control  of 
the  consolidation  temperature  and  vacuum  levels  can  be 
used  to  prevent  substantial  weight  losses  (~40%),  such 
as  those  reported  in  previous  studies.8 

E.  Significance  of  the  In  situ  reactions 

The  ability  to  form  silica-free  MoSi2  and  MoSi2- 
based  composites  containing  micron-sized  SiC  reinforce¬ 
ments  opens  up  some  exciting  possibilities.  Uniformly 
dispersed  SiC  in  a  modified  MoSi2  matrix  should  lead 
to  considerable  elevated  temperature  strengthening  in 
addition  to  improved  fracture  properties,  due  to  the 
enhanced  resistance  to  grain  boundary  sliding  brought 
about  by  the  SiC  particles  dispersed  along  silica-free 
grain  boundaries.  It  is  also  conceivable  that  the  synthesis 
of  MoSi2/WSi2  alloys  with  carbon  additions  by  means  of 
mechanical  alloying  would  result  in  improved  strength¬ 
ening  due  to  the  synergistic  effects  of  solid  solution  and 
dispersion  strengthening  with  in  situ  formed  SiC  or  WC. 

Utilization  of  this  strategy  holds  promise  in  re¬ 
fractory  metal  (Nb,  Mo,  W)  toughening  also.  In  these 
systems,  the  major  problems  encountered  arc  the  degra¬ 
dation  of  the  diffusion  barrier  coatings  due  to  reactions 
with  silica,  and  the  severe  residual  stresses  caused  by 
the  mismatch  in  the  coefficients  of  thermal  expansion 
(CTE)  between  the  matrix  and  the  reinforcement  phases. 
Through  the  use  of  the  ternary  MA  MoSi2  powders,  it 
should  be  possible  to  form  the  desired  volume  fraction 
of  SiC  reinforcements  in  situ  so  as  to  tailor  the  effective 
CTE  of  the  matrix  to  match  that  of  the  reinforcement. 
For  example,  the  CTE  of  a  refractory  metal  such  as 
molybdenum  or  tungsten  is  intermediate  between  that 
of  MoSi2  and  SiC  As  has  been  shown  by  Maloney 
and  Hccht,29  controlled  additions  of  micron-sized  SiC 
lower  the  effective  CTE  of  the  MoSi2-SiC  composite  in 
accordance  with  the  rule  of  mixtures  and  enable  the  use 
of  refractory  metals  that  have  better  strength  retention 
at  elevated  temperatures  (such  as  Mo  and  W),  but  arc 
otherwise  limited  in  their  use  due  to  their  low  CTE’s. 
Such  an  in  situ  modified  matrix  would  also  have  the 
added  advantage  of  being  free  of  silica  and  silicon, 
compared  to  composites  processed  using  commercial 
powders;  this  should  prevent  the  coating  degradation  and 
enhance  the  useful  life  of  these  composites. 

V.  SUMMARY  AND  CONCLUSIONS 

A  processing  strategy  utilizing  carbothcrmal  reduc¬ 
tion  reactions,  mechanical  alloying,  and  carbon  additions 


has  been  developed  for  the  synthesis  of  silica-free  MoSi2 
and  MoSi2/SiC  composites.  Using  this  approach,  MoSi2 
and  MoSi2/SiC  composites  have  been  fabricated  starting 
from  pure  elemental  molybdenum  and  silicon  powders 
with  and  without  carbon  additions.  The  structural  and 
morphological  evolution  of  the  powders  has  been  studied 
as  a  function  of  milling  time.  It  has  been  shown  that 
complete  attrition  is  achieved  after  29  It  of  alloying. 
The  resultant  powders  are  micron-sized  and  contain  4  to 
7  nm  crystallites  of  molybdenum,  a-MoSi2,  and  traces 
of  /?-MoSi2.  The  addition  of  carbon  to  the  starting 
elemental  powder  mixture  suppresses  the  formation  of 
zr-MoSi2  in  the  fully  milled  powders.  Minor  amounts 
of  iron  impurities  were  also  found  in  the  powders  due  to 
the  contamination  from  the  milling  media. 

The  phase  evolution  studies  of  the  binary  and  ternary 
MoSi2  powders  indicated  (hat  /3-MoSi2  is  stable  to 
1020  °C  at  heating  rates  of  10  °C/min,  in  contrast  to  pre¬ 
vious  studies  on  the  isothermal  annealing  of  Mo-Si  mul¬ 
tilayers  which  demonstrated  stabilities  to  only  800  °C. 
While  minor  amounts  of  tetragonal  MosSij  were  evolved 
as  an  intermediate  transformation  product  in  the  bi¬ 
nary  MA  MoSi2  powders,  the  evolution  of  the  ternary 
MoSi2  powders  showed  the  formation  kinetics  of  the 
Nowotny  phase  C<|Mo5Si3  to  dominate  that  of  tetrago¬ 
nal  or-MoSi2  at  lower  temperatures.  However,  tempera¬ 
tures  above  1000  *C  resulted  in  the  progressive  decrease 
in  the  amount  of  these  higher  molybdenum  phases. 

Complete  consolidation  of  the  MA  powders  was 
achieved  at  1450  *C.  Amorphous  silica  that  is  found  in 
all  conventional  powder-processed  matrices  was  essen¬ 
tially  eliminated  through  in  situ  carbothcrmal  reactions 
brought  about  by  the  additions  of  carbon  through  me¬ 
chanical  alloying.  It  is  shown  that  composites  consisting 
of  uniformly  distributed  micron-sized  SiC  particles  with 
varying  volume  fractions  can  be  formed  using  this  ap¬ 
proach.  Significant  grain  size  differences  exist  between 
the  microstructurcs  processed  from  the  binary  powders 
and  those  of  the  ternary  powders,  probably  due  to  the 
higher  consolidation  temperatures  used  in  the  latter. 
The  formation  of  the  iron  and  molybdenum  contain¬ 
ing  Nowotny  phase  of  the  approximate  composition 
C<o.5Mo<4.4Feo.4Sij  is  also  reported.  The  co-cxistcncc  of 
the  Nowotny  phase  with  MoSi2  and  SiC  is  in  agreement 
with  the  isotherm  proposed  by  Nowotny  ct  al.,  rather 
than  that  proposed  by  van  Loo  and  co-workers. 

The  possibilities  of  utilizing  MA  powders  to  over¬ 
come  the  CTE  mismatch  and  coating  degradation  prob¬ 
lems  in  ductile  phase  composites  arc  discussed.  The 
use  of  these  compositionally  tailored  powders  would 
alter  the  matrix  CTE  so  as  to  match  that  of  the  ductile 
reinforcements,  thus  minimizing  the  problems  of  matrix 
cracking.  The  absence  of  silica  should  also  improve 
the  stability  of  the  diffusion  barrier  coatings  of  these 
composites. 
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ABSTRACT 

Compositionally  tailored  MoSi2/SiC  composites  with  silicon  carbide  content  ranging  from  0  to 
60  volume  percent  were  synthesized  through  a  novel  processing  scheme  involving  the  mechanical 
alloying  of  elemental  molybdenum,  silicon,  and  carbon.  The  effects  of  important  processing 
parameters  such  as  the  nominal  powder  composition  and  the  processing  temperature  on  the 
microslructural  evolution  during  mechanical  alloying  and  subsequent  heating  arc  described  based 
on  the  results  obtained  from  DTA  and  XRD. 


INTRODUCTION 

The  intcrmctallic  MoSi2  has  long  been  considered  as  a  potential  material  for  high  temperature 
structural  applications  [1]  due  to  its  high  melting  point  and  good  oxidation  resistance.  However,  it 
has  low  room  temperature  fracture  toughness  and  limited  strength  at  elevated  temperatures.  This 
may  be  partly  due  to  the  presence  of  grain  boundary  silica  in  powder-processed  MoSi2  and  MoSi2- 
based  composites;  Accordingly,  various  techniques  have  been  implemented  successfully  to  reduce 
the  silica  content  in  polycrystallinc  MoSi2.  They  include  silica  reduction  through  suitable 
dcoxidants  including  carbon  [1-4],  in-situ  displacement  reactions,  ultra-clean  processing,  and 
hydrogen  surface  etching  of  the  powders  prior  to  consolidation. 

Recently,  a  novel  processing  technique  involving  carbon  additions,  mechanical  alloying,  and 
in-situ  displacement  reactions  has  been  used  to  synthesize  silica-free  MoSi2-bascd  composites  [4] 
starting  from  elemental  molybdenum,  silicon,  and  carbon  powders.  Through  the  modification  of 
the  starting  composition,  it  is  possible,  using  this  technique  to  synthesize  MoSi2/SiC  composites 
with  varying  amounts  of  reinforcement. 

The  aim  of  this  study  was  to  characterize  the  microslructural  evolution  of  the  components 
during  milling  and  subsequent  heating  as  a  function  of  the  nominal  SiC  composition;  such 
information  should  allow  for  better  microslructural  control  during  consolidation. 


EXPERIMENTAL  PROCEDURE 

Based  on  the  I600*C  isotherm  of  Nowotny  and  co-workers  (Fig.  1)  [5]  and  the  1727*C 
isotherm  by  Brewer  and  Krikorian  [6],  it  is  clear  that  ternary  powder  alloys  within  the  composition 
limits  established  by  the  MoSi2  +  C<iMo<sSi3  +  SiC  three-phase  field  should  form  thermally 
stable  microstructurcs  when  consolidated  at  these  temperatures.  Further  description  of  the 
processing  rationale  can  be  found  elsewhere  [4].  Accordingly,  in  the  present  study,  ternary 
powder  alloys  were  chosen  for  mechanical  alloying  in  the  MoSi2  +  C<iMo<5Si3  +  SiC  three-phase 
field,  with  varying  amounts  of  nominal  silicon 
carbide,  according  to  the  Nowotny  diagram 
(Fig.  1).  The  compositions  are  listed  in  Table 
I. 

Mechanical  alloying  was  performed  in  a 
water  cooled  Szcgvari  (planetary  type)  attrition 
mill  using  hardened  steel  balls  as  a  milling 
media  and  a  ball  to  charge  ratio  of  5:1. 

Elemental  powders  of  commercial  purity 
molybdenum  (  99.9  %  purity,  3-7  p.m  ), 


Tabic  I.  Nominal  composition  of  terna^  powders. 


Alloy 

Volume  %  SiC 

Atomic  Percent 

MA  20 

20 

Si-25.1  Mo- 12.3C 

MA40 

40 

Si-I7.8Mo-23.2C 

MA  50 

50 

Si-l4.4Mo-28.3C 

MA  60 

60 

Si-1 1.3Mo-33.1C 

MA  (Mechanically  Alloyed) 


(' 


silicon  (99.5%  purity.  -325mcsh), 
and  carbon  (99%  purity,  -325  mesh, 
crystalline)  were  obtained  from 
Johnson  Matthey  and  used  as  starting 
materials.  To  minimize  contamination 
during  processing,  a  positive  pressure 
of  high  purity  titanium-gettcrcd  argon 
(oxygen  content  less  than  4  ppm)  was 
maintained  in  the  altritor.  The 
progress  of  the  mechanical  alloying 
process  was  monitored  by 
withdrawing  small  amounts  of 
powder  after  0,  0.5,  1,  2,  5,  10,  15, 

20,  30,  45,  and  60  h  of  milling.  The 
powders  were  then  characterized  for 
structure  by  XRD. 

The  transformation  characteristics 
of  the  fully  mechanically  alloyed 
powders  were  monitored  by 
differential  thermal  analysis  (DTA), 
which  was  performed  under  flowing 
argon  (lcc/min,  oxygen  content  less 
than  4  ppm)  on  a  Dupont  910-DSC 
system  with  heating  and  cooling  rates 
of  10*C/min.  For  more  detailed 
analysis,  the  fully  mechanically  alloyed  powders  of  various  compositions  were  heated  at  10'C/min 
under  flowing,  titanium-gettered  argon  at  100*C  intervals  between  400*C  and  1400‘C  and  cooled 
rapidly  for  subsequent  XRD  analysis.  Structural  analysis  of  the  as-alloyed  and  heat  treated 
powders  was  carried  out  using  a  Phillips  APD  3720  diffractometer  operated  at  40kV  and  20mA 
with  CuKa  radiation  and  digital  data  acquisition  over  20  ranges  from  5-100*. 


FIG.  1.  Schematic  of  ternary  isotherm  <3>  1600'C 
of  the  Mo-Si-C  system  proposed  by  Nowotny  el  al  [5]. 


RESULTS  AND  DISCUSSION 
Structural  Evolution  During  Milling 

Structural  evolution  studies  of  the  higher  carbon  containing  powders  MA50  and  MA60  as  a 
function  of  milling  time,  shown  in  Fig.  2,  indicate  that  only  short  milling  times  are  required  before 
all  carbon  goes  into  solution  (0.5  h,  see  Fig.  2a),  while  the  silicon  peaks  decrease  significantly. 
Further  milling  results  in  a  slow  decrease  in  free  silicon,  probably  because  silicon  is  reaching  its 
maximum  metastable  solubility  in  molybdenum.  This  occurs  until  between  5  and  10  h  when  the 
carbides  M02C  (hexagonal)  and  SiC  (cubic)  as  well  as  the  intcrmetallic  compounds  a-MoSi2 
(tetragonal),  MosSij  (tetragonal),  and  C<|Mo<5Si3  (hexagonal)  arc  observed  (see  Fig.  2c).  In 
previous  studies,  no  evidence  of  carbide  formation  was  observed  during  mechanical  alloying  [4], 
presumably  because  the  compositions  were  lower  in  carbon  content,  in  the  middle  of  the  MoSi2  + 
C<|Mo<5Si3  +  SiC  three-phase  field,  and  away  from  the  MoSi2+SiC  two  phase  field.  Milling  for 
20  h  results  in  the  disappearance  of  M02C  and  almost  complete  disappearance  of  the  silicon  peaks 
(Fig.  2d),  along  with  considerable  broadening  of  the  a-MoS^and  SiC  peaks;  this  is  probably  due 
to  a  decrease  in  the  crystallite  size  rather  than  lattice  strain  [7]  since  a-MoSi2  and  SiC  are  brittle  at 
the  milling  temperatures  [4],  Continued  milling  through  60  h  (Fig.  3c)  resulted  in  a  decrease  in  the 
molybdenum  peaks  and  minimal  increases  in  peak  broadening.  Comparing  this  to  20  h.  Fig.  2d 
and  30  h  (not  shown)  it  can  be  concluded  that  milling  is  complete  between  20  and  30  h.  In  order  to 
ascertain  the  effects  of  compositional  variations  along  the  MoSi2+SiC  field,  XRD  patterns  of  all 
fully  milled  powder  compositions  were  compared  using  previous  work  on  mechanically  alloyed 
MoSi2  as  a  reference  [4],  Increasing  the  nominal  SiC  content  tends  to  suppress  the  formation  and 


FIG.  2.  Structural  evolution  of  MA50  powders  as  a  function  of  milling  time.  XRD  patterns  of  the  powders  milled 
for  the  indicated  times:  (a)  0.5  h  (b)  5  h  (c)  10  h  (d)  20  h  (Mo  is  molybdenum.  Si  is  silicon.  C  is  carbon,  A  is 
hexagonal  M02C,  B  is  cubic  SiC,  F  is  tetragonal  M05S13,  T  is  tetragonal  a-MoSi2,  and  N  is  the  hexagonal 
Nowotny  phase). 

stabilization  ofboth  oc-MoSi2  and  f}-MoSi2  while  simultaneously  promoting  the  formation  of  SiC 
and  C<|Mo<5Si3  as  seen  by  comparing  the  relative  peak  intensities  of  the  aforementioned  phases  in 
Figs.  3a  through  3d.  It  is  also  important  to  note  that  peak  broadening  increases  with  increasing 
nominal  silicon  carbide  content. 


Phase  Evolution  Unon  Heating 

The  phase  evolution  of  all  compositions  was  studied  by  DTA.  A  typical  heating  trace  of  the 
MA20  ternary  powder  is  shown  in  Fig.  4a,  where  strong  exotherms  at  480‘C,  810*C,  960*C.  and 
1 130’C  (peak  temperatures)  are  apparent.  The  transformations  corresponding  to  these  exotherms 
were  studied  by  XRD  analysis  of  powders  heated  to  temperatures  at  the  end  of  each  exotherm 
using  heating  conditions  similar  to  the  DTA  measurements  (10  C/min.).  Comparison  of  the  room 
temperature  and  700*C  XRD  patterns  showed  the  480*C  exotherm  is  associated  with  the  growth  of 
P~MoSi2  at  the  expense  of  molybdenum  and  dissolved  silicon.  Likewise,  a  comparison  of  the 
XRD  patterns  for  700*C  and  900*C  shows  the  8 10*C  exotherm  corresponds  to  the  growth  of  a- 
MoSi2  and  the  Nowotny  phase  at  the  expense  of  molybdenum  and  dissolved  silicon  and  carbon. 
The  minor  exotherm  at  960*C  appears  to  be  associated  with  the  transformation  of  molybdenum  and 


FIG.  3.  XRD  patterns  of  fully  MA  powders:  (a)  MA20,  (b)  MA40,  (c)  MA50.  and  (d)  MA60.  Note  the  relative  peak 
intensities  of  the  various  phases  present  (Mo  is  molybdenum.  Si  is  silicon.  T  is  tetragonal  a-MoSi2,  H  is 
hexagonal  P-MoSi2.  B  is  cubic  SiC,  and  N  is  the  hexagonal  Nowotny  phase). 

p-MoSi2  to  a-MoSi2.  Further  heating  to  1400'C.  resulted  in  a  transformation  of  the  Nowotny 

phase  to  a— MoSi2  and  SiC  for  the  1 130  C  isotherm.  ...  , 

Figure  4b  shows  the  DTA  trace  of  the  MA60  ternary  powder  The  evolution  is  characterized 
by  a  weak  exotherm  at  440’C  and  strong  exotherms  at  760‘C,  955*C,  and  1270*C.  The 
transformation  sequences  of  these  powders  were  monitored  in  the  same  manner  as  the  MA20 
powders.  Comparison  of  the  room  temperature  and  700  C  XRD  patterns  showed  the  440  C 
exotherm  is  associated  with  a  partial  transformation  of  molybdenum  and  the  dissolved  silicon  and 
carbon  into  the  Nowotny  and  a-MoSi2  phases.  Likewise,  a  comparison  of  the  XRD  patterns  for 
700*C  and  900‘C  shows  the  760'C  exotherm  corresponds  to  the  growth  of  the  Nowotny  phase  at 
the  expense  of  molybdenum  and  a-MoSi2.  The  minor  exotherm  at  955  C  appears  to  be  associated 
with  the  transformation  of  p-MoSi2and  Mo2C  to  a-MoSi2,  molybdenum  and  the  Nowotny  phase. 
This  was  apparent  by  the  reappearance  of  the  molybdenum  peaks  and  the  disappearance  of  the  p- 
MoSi2  peaks.  Further  heating  to  1400*C  resulted  in  a  complete  transformation  of  the  Nowotny 
phase  to  a-MoSi2  and  SiC.  This  1270'C  exotherm  is  similar  to  that  at  1 130*C  for  the  MA20 
powders,  indicating  the  greater  stability  of  the  Nowotny  phase  in  the  higher  SiC  containing 
powders.  The  other  two  compositions  (MA40  and  MA50)  exhibited  exotherms  similar  to  the 
MA60  powders.  XRD  analysis  between  400'C  and  1400*C  was  performed  at  100*C  inteiwals  to 
confirm  these  similarities  and  provide  any  indications  of  differences  in  phase  stability/constitution. 
The  stability  range  of  p-MoSi2  and  the  Nowotny  phase  show  the  most  noticeable  differences  as  a 


GO 

5  0 


O  3 


4  0 


uJ  c 
a  3.o 


2.0 

1.0 

0.0 


•1.0 


(a) 


(b) 


PIG.  4.  DTA  of  MA  powders  under  flowing  argon  at  a  heating  rate  of  l()'C/min.,  along  with  the  corresponding 
phases  identified  by  XRD:  (a)MA20  (b)MA60.  ("Nowolny"  refers  to  the  Nowotny  phase,  C<iMo<5Si3) 

function  of  silicon  carbide  content.  For  example,  growth  of  the  p-MoSi2  peaks  in  the  MA20 
powders  occurs  up  to  800°C  and  disappears  around  1000°C  while  in  the  MA40  powders,  (3-MoSi2 
is  absent  in  the  as-milled  powders  but  appears  by  400'C  and  continues  its  growth  until  between 
900°C  and  1000°C  before  it  eventually  disappears  by  1 100°C.  In  the  MA50  powders,  p-MoSi2 
docs  not  appear  until  500”C  and  grows  over  a  larger  range  to  1000’C  before  it  disappears  between 
1 100°C  and  1200’C.  Finally,  in  the  MA60  powders,  this  phase  appears  only  between  700*C  and 
1000‘C.  p-MoSi2  has  previously  been  reported  to  be  stable  up  to  1030*C  during  mechanical 
alloying  for  an  alloy  with  composition  Si-28Mo-14C  [4]  and  to  800‘C  for  the  isothermal  annealing 
of  Mo-Si  multilayers  [8,  9j. 

For  all  compositions,  molybdenum  is  the  predominant  phase  below  800'C  while  a-MoSi2 
becomes  dominant  above  800’C  for  both  the  monolithic  MoSi2  [4]  and  MA20  alloys.  Increasing 
the  nominal  SiC  content  above  20%  allows  for  the  dominance  of  the  Nowotny  phase  in  the  range 
800*C-1000'C  for  MA40,  800‘C-1100’C  for  MA50,  and  800'C-1300*C  for  MA60.  The 
temperature  ranges  over  which  the  Nowotny  phase  is  dominant  was  not  the  only  difference 
observed  as  a  function  of  silicon  carbide  content.  The  appearance,  growth,  and  disappearance  of 
the  Nowotny  phase  are  also  affected.  This  phase  does  not  appear  until  700*C  in  MA20  and  400‘C 
in  MA40,  while  it  is  present  in  the  as-milled  MA50  and  MA60  powders.  The  earlier  this  phase 
forms,  as  stated  above,  the  larger  is  the  temperature  range  over  which  it  is  stable.  Even  with  the 
differences  in  appearance,  growth  and  dominance,  the  Nowotny  phase  is  always  observed  until 
1300*C. 

While  the  stability  of  p-MoSi2  and  the  Nowolny  phase  are  both  affected  by  an  increase  tn 
nominal  SiC  content,  the  stability  of  cubic  SiC  is  not.  This  phase  slowly  grows  to  1400*C  with 
peak  refinement  above  800*C  for  all  four  of  the  compositions  studied. 


SUMMARY  AND  CONCLUSIONS 


A  novel  processing  strategy  has  lieen  developed  utilizing  carbothcrmal  reduction  reactions, 
mechanical  alloying,  and  carbon  additions  for  the  synthesis  of  MoSi2  composites  containing  up  to 
60  volume  percent  silicon  carbide  particulate.  The  microstructural  evolution  during  milling  and 
consolidation  has  been  studied.  It  has  been  shown  that  milling  is  complete  after  approximately  20 
h.  Structural  evolution  studies  during  milling  have  shown  that  an  increase  in  the  nominal  SiC 
content  along  the  narrow  MoSi2+SiC  field  tends  to  suppress  the  formation  of  oc-MoSi2  and  p- 
MoSi2  while  increasing  the  formation  of  SiC  and  the  Nowotny  phase  (CdMocsSi})  in  the  fully 
milled  powders.  While  the  milling  studies  showed  the  suppression  of  p-MoSi2  in  the  fully  milled 
powders,  the  phase  evolution  studies  indicated  an  increase  in  the  stability  of  p-MoSi2  to  between 
1 100'C  and  1200*C  in  the  MA50  powders,  in  contrast  to  I020‘C  in  previously  reported  studies  [4] 
and  800‘C  reported  for  the  isothermal  annealing  of  Mo-Si  multilayers  [8,  9],  While  the  stability  of 
the  p-MoSi2  phase  increases  with  increasing  nominal  SiC  content,  the  Nowotny  phase  becomes 
the  dominant  phase  (instead  of  a-MoSi2)  to  1300‘C  in  the  MA60  powders. 
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ABSTRACT 

Compositionally-tailored,  silica-free.  MoSi2/SiC  composites  with  SiC  content  ranging  from  0 
to  40  percent  were  synthesized  through  a  novel  processing  scheme  involving  mechanical  alloying 
and  in -si tti  reactions  for  the  formation  of  the  reinforcement.  Room  temperature  indentation 
fracture  toughness  and  hardness  measurements  were  obtained  from  these  silica-free  composites 
and  were  compared  with  values  obtained  from  silica-containing,  conventionally-processed 
MoSi2/SiC  composites. 


INTRODUCTION 

Conventional  powder  processing  techniques  for  the  fabrication  of  MoSi2  result  in  the 
incorporation  of  silica  (originally  present  as  a  surface  layer  on  the  powders)  into  the  consolidated 
samples.  The  presence  of  silica  is  believed  to  be  detrimental,  since  the  particles  may  serve  as 
crack  nucleation  sites  at  lower  temperatures,  while  enhancing  grain  boundary  sliding  at 
temperatures  above  the  softening  point  of  silica.  Additionally,  the  overall  matrix  stoichiometry  is 
altered.  Considerable  efforts  have  therefore  been  made  to  eliminate  or  control  the  silica  content 
through  the  addition  of  dcoxidants  such  as  carbon  (1-4)  and  erbium  [5],  through  clean 
processing  [6.7],  and  through  surface  etching  of  the  powders  prior  to  consolidation  ( 1  ]. 

In  order  to  achieve  the  dual  objective  of  silica  elimination  and  control  of  the  stoichiometry,  a 
novel  process  combining  mechanical  alloying  with  the  carbothcrmal  reduction  of  silica  has  been 
used  to  synthesize  MoSi2/SiC  composites  {2.4J.  While  mechanical  alloying  would  result  in  a 
microsiructurally  uniform  and  compositionally  homogeneous  alloy  of  the  desired  stoichiometry, 
the  carbothcrmal  reduction  would  reduce  the  silica  to  SiC.  Furthermore,  MoSi2/SiC  composites 
with  varying  amounts  of  SiC  could  be  produced  by  suitable  control  of  the  starting  compositions 
of  the  powders  derived  from  the  mechanical  alloying  process. 


EXPERIMENTAL 

Processing 

The  study  focused  on  the  processing  and  property  evaluation  of  silica-free  MoSi2/SiC 
composites  with  reinforcement  contents  of  20  and  40  volume  percent  (v/o)  produced  through 
mechanical  alloying  and  in-situ  displacement  reactions.  For  this  purpose,  elemental  powders  of 
molybdenum  (3-7  pm,  Johnson  Matthcy),  silicon  (98%  pure,  -325  mesh,  Ccrac),  and  carbon 
(  99.5  %  pure,  -300  mesh,  Johnson  Matthcy)  were  subjected  to  mechanical  attrition  for  a  period 
of  at  least  24  hours.  The  choice  of  powder  compositions  was  based  on  the  1600°C  isotherm  of 
the  Mo-Si-C  system  as  proposed  by  several  workers  [8,91  (sec  Fig.  1).  Nominal  compositions 
were  chosen  in  the  MoSi2  +  SiC  +  CMosSi}  (Nowotny  phase)  three  phase  field,  close  to  the 


MoSi2-SiC  tic  line  so  that  the  volume  fraction  of  undeMrahle  phases  would  be  kept  to  a 
minimum;  these  corresponded  to  20  and  40  v/o  SiC  (hereafter  designated  as  MA20  and  MA40). 
Details  concerning  the  processing  rationale  and  the  microstructural  evolution  during  mechanical 


alloying  and  hot  consolidation  can  he  found  elsewhere 

To  achieve  the  optimum  microstructurc  in  the 
MA  materials,  the  consolidation  process  is 
carried  out  in  two  stages.  The  MA  powder  is 
loaded  in  dies  and  a  very  low  pressure  (less  than 
10  MPa)  is  applied  on  the  cold  compact,  so  that 
the  sample  has  sufficient  open  porosity  for  the 
entrapped  gases  to  escape  during  the  degassing 
and  silica  reduction  reactions.  The  sample  is 
ramped  up  to  1 500°C  and  held  at  that  temperature 
for  at  least  30  minutes  to  deoxidize  the  matrix. 
Subsequently,  it  is  heated  to  I650°C  under  an 
argon  environment  (7  psi)  and  densified  for  an 
hour  under  a  uniaxial  pressure  of  35-40  MPa. 

The  pressure  on  the  compact  is  subsequently 
released  and  the  sample  cooled  to  room 
temperature  at  10°C/min. 

It  should  be  noted  that  processing  variables 
such  as  the  temperature  and  the  partial  pressures 
need  to  be  carefully  controlled  while  processing 


4.  10], 
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Pig.  1  Schematic  of  the  ternary  Mo-Si-C 
isotherm  at  1 600°C  as  proposed  by 
Nowotny  ct  al.  (9]. 


MoSi2  and  MoSi2/SiC  composites.  As  Pig.  2a  clearly  indicates,  the  equilibrium  dissociation 
pressure  of  Si  over  MoSi2  increases  rapidly  above  I650°C  [1 1,12].  Thus,  conditions  typically 
present  during  vacuum  hot  pressing,  such  as  high  temperatures  and  low  vacuum  levels  would 


Fig.  2. (a)  Equilibrium  dissociation  pressures  of  Si  over  MoSi2.  as  adapted  from  (12]. 

(b)  BEI  of  the  surface  of  a  MA40  sample  hot  pressed  at  1700°C,  showing  silicon  depletion. 
Light  phase  is  the  Nowotny  phase,  grey  phase  is  MoSi2  and  dark  phase  is  SiC. 

result  in  the  progressive  volatilization  of  elemental  silicon  from  the  silicide  and  result  in 
substantial  weight  losses.  Such  a  volatilization  reaction  would  be  exemplified  by  the  loss  of 
elemental  silicon  from  the  surface  of  the  sample,  and  the  resultant  formation  of  a  Mo-rich  phase 


such  as  MosSi.i  or  the  Nowotny  phase.  big-  2b  is  a  hackscatterecl  electron  image  ol  the  surface 
of  the  MA40  material  that  had  undergone  silicon  volatilization  after  being  hot  pressed  under  a 
vacuum  of  less  than  It)  '  (orr  at  I7(M)"C  for  I  h  Similar  effects  have  been  reported  during  the 
processing  of  monolithic  MoSi2  1 1 3 1. 

[•’or  purposes  of  comparison,  composites  with  20  and  40  v/o  SiC  reinforcement  were 
fabricated  using  the  conventional  approach  ol  dry  blending  MoSi2  (09.0%  pure,  -325  mesh, 
Johnson  Matthcy)  and  SiC'  powders  (<  I  pm  average  diameter,  00.0%  pure,  Cerac)  in  the 
appropriate  proportions  followed  by  hot  consolidation  (hereafter  designated  as  C.20  and  C40). 
Monolithic  MoSi2  was  also  processed  from  commercial  MoSi2  powder  (99.9%  pure,  -325  mesh. 
Johnson  Matthcy).  In  order  to  facilitate  the  meaningful  comparison  of  properties  between  the 
conventionally  processed  and  compositionally  tailored  in-situ  composites  produced  by 
mechanical  alloying,  the  size  distribution  of  the  SiC  powders  was  chosen  such  that  they  matched 
the  reinforcement  sizes  in  the  in-situ  processed  material.  Hot  pressing  of  the  conventionally 
processed  composites  was  performed  in  graphite  dies  under  a  vacuum  of  10’3  torr  or  better,  with 
a  pressure  of  35  MPa  at  I6(X)°C  for  a  hold  time  of  I  h.  Subsequently,  samples  were  cooled  at 
the  rate  of  IO°C/min  to  room  temperature. 

Specimens  for  microstruetural  characterization  and  Vickers  indentation  measurements  were 
electro  discharge  machined,  ground  to  remove  the  recast  layer,  and  polished  to  a  1  pm  diamond 
finish.  Microstruetural  analysis  of  the  consolidated  samples  was  performed  on  a  JEOL  6400 
SEM  equipped  with  a  Tracor  Northern  EDS  unit  with  light  clement  detection  capabilities,  while 
phase  analysis  of  the  consolidated  mechanically  alloyed  samples  was  conducted  by  XRD  using 
Ni-filtcrcd  Cu  Ka  radiation  on  a  Philips  APD  3720  diffractometer  with  digital  data  acquisition. 
Since  MoSi2  responds  well  to  polarized  light,  grain  size  measurements  in  the  composites  and  the 
monolithic  material  were  performed  using  cross-polarized  light  microscopy.  Bulk  density  and 
open  porosity  measurements  were  also  made  on  all  the  hot  pressed  samples  using  the 
Archimedes  method  with  deionized  water  as  the  liquid  medium. 


Hardness  and  Fracture  Toughness 


Vickers  microhardncss  indentations,  each  at  least  3  mm  apart  (to  minimize  interactions 
between  neighboring  cracks)  were  made  on  the  surfaces  of  the  samples  polished  to  1  pm 
diamond  finish.  The  indentation  loads  spanned  a  range  from  49  N  to  245  N  for  a  contact  time  of 
15  s,  with  a  minimum  of  4  indentations  per  indent  load  per  sample.  The  minimum  indentation 
loads  were  selected  so  as  to  achieve  a  minimum  value  of  2  for  the  ratio  of  the  hall  penny  crack 
radius  (c)  and  half  the  diagonal  of  the  Vickers  impression,  a.  requirement  recommended  in 
conventional  practice  for  toughness  measurements  by  indentation.  In  the  case  of  the  monolithic 
MoSi2  (examined  as  a  control  sample),  extensive  microcracking  around  the  indentcr  prevented 
the  formation  of  well  defined  cracks  for  loads  up  to  196  N,  in  part  due  to  the  large  grain  size. 
The  lengths  of  the  indent  diagonals  (2a)  and  the  radial  cracks  (2c)  were  measured  and  the 
hardness  (H)  and  fracture  toughness  (KJ  were  calculated  using  the  following  equations  [14]: 

H  =  P  /oca2 
and 

Kc  =  6  (E/H)1/2  (P/c)3/2 

where  P  is  the  peak  indentation  load,  a  =  2  for  a  Vickers  indenter,  8  is  a  material  independent 
constant  (8  =  0.016)  and  E  is  the  Young's  modulus  of  the  material.  The  Young's  moduli  of  the 


(1) 

(2) 


composites  were  calculated  using  literature  values  lor  MoSn  1 1  5|  and  SiC  |  l(>|  and  assuming  the 
rule  of  mixtures  behavior  (Voighl  bound). 


KKSULTS  AND  DISCUSSION 

Bulk  density  measurements  of  the  various  composites  prepared  during  this  study  show  that 
near  lull  densities  (09%  or  greater)  were  achieved  lor  the  in-situ  composites  and  the 
conventionally  processed  (CP)  composites  for  compositions  up  to  40  v/o  SiC.  It  should  be 
noted  that  the  estimation  of  the  theoretical  density  of  the  in-situ  composites  was  made  after 
determining  the  actual  volume  fraction  of  SiC  in  the  composite  through  standard  point  count 
techniques.  The  results  of  near-complete  densilleation  for  the  in-situ  composites  arc  significant 
from  the  standpoint  of  processing,  since  it  involved  the  deoxidization  of  Si02  and  the  effective 
removal  of  the  product  gases  CO  and  CO2  in  order  to  avoid  gas  porosity  in  the  samples. 


Microstructures 


Fig.  3a  shows  a  backscattcred  electron  image  of  the  hot  pressed  specimen  MA20.  The 
microstructurc  consists  of  a  uniform  distribution  of  1-2  pm  sized  low  Z  particles  dispersed  in  an 
intermediate-Z  matrix.  XRD  and  EDS  analysis  together  indicated  that  the  low  Z  phase  is  SiC, 
while  the  intermediate  Z  phase  is  MoSi2-  In  addition,  minor  amounts  (<  I  v/o)  of  the  high  Z 
Nowotny  phase  were  observed.  Furthermore,  the  relative  volume  fractions  of  these  phases  were 
found  to  agree  very  well  with  the  location  of  the  nominal  powder  compositions  in  the  I600°C 
Mo-Si-C  isotherm  ol  Nowotny.  The  grain  size  of  the  MoSi2  was  relatively  uniform  and  between 
6-8  pm.  Polarized  light  microscopy  indicated  that  the  SiC  particles  were  located  primarily  at  the 
MoSi2  grain  boundaries.  Occasionally,  large  SiC  grains  were  also  observed.  Previous  TEM 
analysis  of  similarly  processed  material  (4j  revealed  that  the  grain  boundaries  were  free  of  the 
siliceous  intergranular  phase. 

The  microstructurc  of  the  hot-pressed  MA40  alloy  (Fig.  3b)  shows  a  dispersion  of  SiC  in  the 
MoSi2  matrix.  However,  the  SiC  size  is  considerably  larger  and  the  distribution  considerably 
more  inhomogeneous  than  the  MA20  material,  possibly  due  to  the  diffusion-controlled 
coarsening  of  SiC  brought  about  by  the  smaller  intcrparticlc  spacing  associated  with  high  volume 
fraction  of  SiC.  Indeed,  the  presence  of  necks  between  adjacent  SiC  particles  as  in  Fig  3b  is 
indicative  of  coarsening  by  coalescence.  This  coarsening  leads  to  a  wider  size  distribution  and  a 
higher  mean  particle  size,  and  results  in  a  wide  variation  in  the  MoSi2  grain  size  distribution  due 
to  varying  Zener  drag  on  the  grain  boundaries.  The  MoSi2  grain  size  varies  between  2  and  7  pm, 
with  the  mean  grain  size  close  to  5  pm  The  SiC  is  irregularly  shaped,  with  a  size  range  from  I 
-10  pm. 

The  microstructures  of  the  conventionally-processed  (CP)  composites  C20  and  C40  are 
shown  in  Figs.  4a  and  4b  and  arc  typified  by  an  inhomogeneous  distribution  of  the  SiC  particles. 
These  microstructures  are  characterized  by  particle-free  islands  of  MoSi2  surrounded  by  a 
network  of  irregularly  shaped  SiC  particles.  It  should  be  recognized  that  in  this  case,  the 
inhomogeneous  distribution  is  due  to  the  relative  starting  powder  sizes  of  the  MoSi2  and  SiC. 
The  size  of  the  SiC  is  much  greater  than  the  initial  starting  size  of  less  than  1  pm,  indicative  of  its 
coarsening  during  consolidation.  Both  of  these  microstructures  are  exemplified  by  a  wide 
distribution  of  matrix  and  reinforcement  grain  sizes.  The  C20  composite  has  a  MoSi2  grain  size 
range  ranging  from  2-10  pm.  with  a  mean  of  7  pm,  while  for  the  C40  composite,  these  values 


rmuc  from  2  -  8  fim,  will,  a  mean  -.1  . .  S  Mm  These  relal.vely  wide  distributions  in  the 

matrix  and  reinforcement  grain  sizes  a.e  Mgmlioant  s.tur  they  may  enhance  the  magnitude  ol  the 
thermal  mismatch  stresses  between  the  two  phases 


Fig.  3  BEI  of  (a)  MA20  and  (b)  MA40.  Phase  designations  arc  the  same  as  that  of  Fig.  2b. 


Fig.  4  Secondary  Electron  Image  of  (a)  C 20  and  (b)  C40. 


Properties 


Fig  5  shows  the  variation  ol  the  Vickers  Hardness  as  a  function  of  reinforcement  content  of 
the  composites.  For  the  purpose  ol  comparison,  the  hardness  of  the  composites  as  predicted  by 
a  simple  rule  of  mixtures  is  also  plotted.  It  should  be  noted  that  while  the  hardness  values  ol 
single  phase  MoSi2  (~20  pm  grain  size)  studied  in  this  investigation  is  8.56±0.5  GPa.  a  slightly 
higher  value  was  used  in  the  rule  ol  mixtures  calculation  in  order  to  account  lor  the  smaller  grain 
size  of  the  matrix  in  the  composites  (  ~I0  pm  or  less).  Indeed,  previous  studies  [13)  on 
monolithic  MoSi2  have  shown  the  hardness  to  be  structure  sensitive,  with  slight  increases  with 
decreasing  grain  size.  The  hardness  value  of  SiC  used  in  the  rule  of  mixtures  estimation  was  25 

GPa  [17]. 

The  results  show  that  the  room  temperature  hardnesses  of  the  MoSi2/SiC  composites  increase 
with  increasing  SiC  content.  For  all  reinforcement  contents,  the  hardnesses  of  the  in-situ 
composites  were  slightly  higher  than  the  CP  composites,  with  the  difference  increasing  with 
increasing  reinforcement  content.  Microstructural  comparison  between  the  CP  and  in-situ 
processed  composites  at  40  v/o  SiC'  loading  show  no  marked  differences  in  the  matrix  or 
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reinforcement  grain  sizes  or  in  their  spatial 
distribution  to  account  for  the  observed 
differences.  However,  it  may  be  of  significance 
that  the  content  of  the  intergranular  silica  phase  in 
these  composites  arc  substantially  different,  with 
the  MA  material  containing  little  or  no  silica 
Specifically,  the  presence  of  the  viscous  glass 
phase  at  elevated  temperatures  might  play  a 
significant  role  in  the  relaxation  of  the  thermal 
contraction  stresses  generated  during  cooldown 
by  the  CTE  mismatch  between  the  reinforcement 
and  matrix  phases. 

Figs.  6a  and  6b  shows  the  variation  of  the 
fracture  toughness  with  SiC  content  for  the  in- 
situ  processed  and  CP  composites  respectively 
for  various  indentation  loads,  with  each  data 


Fig.  5  Vickers  Hardness  of  CP  and  MA 
composites  as  a  function  of  SiC  content. 


point  representing  the  average  of  at  least  4  indentations.  It  is  seen  that  the  fracture  toughness  Of 
(he  in-situ  composites  monotonically  increases  through  40  v/o  of  reinforcement,  while  the 
toughnesses  of  the  CP  composites  seems  to  saturate  at  around  20  v/o  and  remains  constant 
thereafter.  This  trend  in  the  toughness  variations  with  increasing  reinforcement  content  for  the 
conventionally  processed  material  is  consistent  with  earlier  data  [18].  Furthermore,  the  peak 
toughness  values  obtained  in  the  composites  processed  using  the  CP  as  well  as  the  MA 
approaches  arc  almost  identical  at  around  4.5  MPa.  ml/2.  This  is  possibly  the  limit  of  toughening 
for  SiC  particulate  reinforced  MoSi2- 


Fig.  6  Indentation  fracture  toughnesses  of  (a)  MA  and  (b)  CP  MoSb/SiC  composites  as  a 
function  of  SiC  content. 


The  data  in  Figs.  6a  and  6b  also  indicates  that  the  toughnesses  are  constant  and  do  not  show 
any  variations  with  the  crack  length,  at  least  for  the  range  of  indentation  loads  used  in  this 
investigation.  The  only  possible  exception  to  this  trend  is  the  indentation  response  of  the  C20 
material,  which  seemingly  shows  a  marginal  increase  in  Kc  with  indentation  load. 

Microstructural  observations  of  the  crack  path  seem  to  support  the  (rends  in  the  toughness 
values.  Examination  of  the  crack  path  of  the  MA20  material  under  polarized  light  as  well  as  in 


I 


the  SEM  (Fig.  7a)  revealed  that  the  crack  propagation  was  relatively  straight,  with  a  substantial 
portion  of  the  crack  length  being  transgraimlar  and  through  the  silicide  matrix.  A  limited  amount 
of  crack  deflection  was  also  evident.  For  the  most  part,  the  cracks  appeared  to  propagate  through 
the  matrix,  and  in  some  instances,  the  crack  cut  through  the  SiC  particles.  The  absence  of  any 
interfacial  debonding  along  the  MoSi2/SiC  interlace  suggests  that  the  strength  of  this  interface  is 
high  and  hence,  does  not  contribute  to  toughening. 


Fig.  7  Crack  path  arising  from  a  Vickers  indentation  in  (a)  MA20  and  (b)  C40  composite. 

Investigation  of  the  crack  path  in  the  microstructurcs  of  the  C20,  C40  and  MA40  materials 
showed  that  all  three  materials  displayed  similar  crack-microstructurc  interactions.  Considering 
the  C40  material  as  a  representative  example  (Fig.  7b),  a  small  amount  ol  crack  deflection  due  to 
the  SiC  particles  is  observed.  Evidence  of  some  crack  branching  is  seen,  although  it  docs  not 
appear  to  be  extensive.  A  larger  portion  of  the  crack  segments  were  observed  to  run  along  the 
MoSi2/SiC  interface  as  well  as  through  the  SiC  particles,  when  compared  to  the  MA20  material. 
Presumably,  these  differences  could  have  contributed  to  the  increased  toughness  in  the  ease  of 
the  C20,  C40  and  MA20  materials.  Alternatively,  it  is  also  conceivable  that  the  large  differences 
in  the  CTEs  between  the  MoSi2  and  SiC  at  the  processing  temperatures  (Aa  =  -4  x  10'6  at 
1000°C)  could  lead  to  thermally-induced  microcracking,  thereby  contributing  to  increased 
toughnesses,  with  the  magnitude  of  the  thermal  mismatch  stresses  being  higher  for  a  wide  grain 
size  distribution,  such  as  the  C40  and  MA40  matcrals  than  for  a  uniform,  fine  grained 
microstmcturc  such  as  the  MA20.  The  propagation  of  the  cracks  through  the  SiC  particles  rather 
than  being  deflected  around  them  is  also  not  surprising  since  the  lower  CTE  of  the  SiC  particles 
compared  to  the  matrix  would  cause  radial  compressive  stresses  within  the  SiC  particles  and 
tensile  hoop  stresses  around  the  SiC  particle  in  the  MoSi2  matrix  thereby  causing  the  crack  to  be 
attracted  towards  the  particles  [19]. 

The  results  of  the  room  temperature  indentation  fracture  toughness  measurements  thus  seem 
to  indicate  that  the  intergranular  glass  phase  does  not  influence  the  toughness  as  much  as  the 
uniformity  of  the  microstructure.  However,  it  should  be  noted  that  Kc  determinations  based  on 
direct  crack  length  measurements  arc  rather  inaccurate  and  have  a  high  degree  of  error. 
Additional  testing  using  at  least  one  other  large  crack  technique  will  be  necessary  to  verify  the 
trends  in  toughnesses. 


SUMMARY  AND  CONCLUSIONS 


MoSi 2/SiC  composites  containing  up  to  40  v/o  SiC  have  been  fabricated  using  a  novel 
processing  technique  involving  mechanical  alloying,  carbothcrmal  reduction  of  silica  and  in-situ 
displacement  reactions.  These  composites  tire  essentially  free  of  grain  boundary  silica  that  is 
otherwise  present  in  powder  processed  MoSi2  matrix  composites  which  have  not  been 
deoxidized.  Homogeneous  distributions  of  the  reinforcing  phase  are  observed  for  SiC  contents 
up  to  20  v/o,  while  higher  loadings  lead  to  inhomogcncitics  brought  about  by  the  diffusion- 
controlled  coarsening  of  the  SiC  due  to  reduced  intcrparticlc  distances.  Preliminary  property 
evaluations  using  indentation  measurements  indicate  that  the  peak  room  temperature  fracture 
toughnesses  for  (he  silica-free  MoS^/SiC  composites  arc  similar  to  those  of  the  CP  composites 
indicating  that  microstructurai  uniformity,  rather  than  the  presence  or  absence  of  silica,  controls 
the  toughnesses  in  these  composites. 
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Superplastic  MoSi2/SiC  Composites? 


S.  Jayashankar  and  M.  J.  Kaufman 

DRAFT 

High  temperature  bend  tests  were  conducted  on  the  conventionally-processed 
(CP)  and  the  in-situ  processed  (ISP)  MoSi2/SiC  composites  (20  v/o).  The  tests  revealed 
an  abrupt  transition  from  brittle  to  ductile  behavior  between  1100°C  and  1200°C  for 
both  the  conventionally  processed  and  the  in-situ  composites,  such  that  the  tensile 
surface  of  the  bend  bar  exhibited  strains  between  5  and  10%  (Fig.  1).  Furthermore,  the 
outer  fiber  stresses  (i.e.,  the  applied  load)  remained  constant  for  the  entire  duration  of 
the  deformation,  suggesting  the  likelihood  of  superplasticity. 

To  further  investigate  the  possibility  of  superplastic  flow  and  to  gain  insight  into 
the  mechanisms  of  flow  in  this  temperature  range;  compression  tests  were  conducted 
in  argon  at  1300°C.  Compression  strain  rate  change  (SRC)  tests  were  performed  to 
determine  the  value  of  the  stress  exponent,  n.  Rectangular  parallepiped  specimens  of 
nominal  dimensions  4x4x8  mm  were  prepared  by  electrodischarge  machining 
specimens,  such  that  the  testing  direction  was  perpendicular  to  the  hot  pressing 
direction.  Tests  were  performed  on  both  the  silica-free  and  silica-containing  composites 
at  1300°C  at  strain  rates  ranging  from  4  x  10  ^  sec'1  to  4  x  10  ^  sec'1.  Other  single 
strain  rate  (SSR)  compression  tests  were  also  performed,  with  the  aim  of  validating  the 
flow  stress  values  (and  hence  the  stress  exponents)  obtained  from  the  SRC  tests.  The 
stress-strain  curves  for  the  SRC  and  SSR  tests  exhibited  yielding  behavior  at  1300°C, 
with  the  flow  stress  remaining  constant  thereafter.  In  the  case  of  the  silica-free  material, 
some  flow  softening  occurred  for  strain  rates  at  or  above  ~1.2  x  10"1  sec'1  in  the  SRC 
tests,  indicative  of  concurrent  microstructural  damage.  The  silica-containing  material, 
on  the  other  hand,  did  not  exhibit  flow  softening,  even  at  the  highest  strain  rates  tested. 
The  flow  stress  for  each  strain  rate  was  determined  after  the  sample  had  undergone  a 
minimum  strain  of  0.03  to  0.04  at  the  desired  strain  rate.  Stress  exponents  were 


determined  by  analysis  of  the  flow  stress  -  strain  rate  relationships. 

The  underlying  assumptions  behind  the  assessment  of  the  deformation 
mechanisms  based  on  SRC  experiments  are  (a)  the  deformation  of  a  prior  stage  of  the 
SRC  test  has  no  effect  on  the  deformation  (hence  the  flow  stress)  of  the  subsequent 
stages  (assumption  of  no  prehistory  effect  on  the  deformation)  and  (b)  the  flow  stress 
after  0.03-0.04  strain  at  each  strain  rate  is  indicative  of  the  steady  state  corresponding 
to  that  strain  rate.  Excellent  agreement  was  obtained  between  the  flow  stress  values 
obtained  at  the  highest  strain  rates  of  the  SRC  test  with  those  obtained  with  the 
corresponding  strain  rate  in  the  SSR  test,  thus  validating  the  assumption  of  no 
prehistory  effects  on  subsequent  deformation.  Strain  rate  decrement  tests  were 
conducted  subsequent  to  the  incremental  strain  rate  tests,  and,  in  this  case,  the  flow 
stresses  corresponding  to  each  strain  rate  (upchange  and  downchange)  showed 
reasonable  agreement,  indicating  that  these  flow  stress  values  could  be  used  with 
reasonable  certainty  to  establish  the  stress  exponents  and  flow  mechanisms. 

The  results  of  these  SRC  experiments  are  plotted  in  Fig.  2.  The  reader  is 
cautioned  that  these  results  are  preliminary  at  this  point  in  time  and  that  additional 
mechanical  testing  and  microstructural  analysis  are  underway  to  validate  the  accuracy 
and  reproducibility  of  the  measurements  reported,  as  well  as  to  clearly  elucidate  the 
deformation  mechanisms.  Nevertheless,  the  significance  of  our  preliminary  results 
warrant  their  inclusion  in  this  report. 

Several  inferences  can  be  drawn  from  this  figure  and  these  are  described  below: 

(1)  Conventionally-processed  MoSi^O  v/o  SiC  material  (silica  containing):  The 
stress  exponent  for  creep  starts  around  ~  3.5  to  3.7  for  low  strain  rates  (from  4  xlO-6 
to  1.6  x  10'J  sec'1)  and  transits  to  ~2.3  at  higher  stresses  and  strain  rates.  The 
microstructure  of  the  conventionally  processed  composite  is  exemplified  by  a  matrix 
whose  grain  size  ranges  from  2  pm  to  10  pm,  with  the  mean  grain  size  of  around  7  pm. 
The  microstructure  is  characterized  by  the  presence  of  particle  free  islands  of  the  matrix 
surrounded  by  regions  of  SiC  particles. 


(2)  In-situ  processed  MoSij/  20  SiC  (silica-free)  material:  The  deformation  behavior 


of  this  material  is  characterized  by  a  stress  exponent  which  gradually  varies  from  ~2.7 
at  low  strain  rates  (-lO^sec'1)  to  ~2  at  strain  rates  of  10’3  -  lO-4  sec’1.  It  should  be  noted 
that  the  matrix  grain  size  of  this  material  is  between  5  and  7  pm  and  the  reinforcement 
size  is  between  1  and  3  pm.  Furthermore,  the  SiC  particles  are  located  at  the  grain 
boundaries  and  triple  points. 

(3)  Creep  exponent  behavior:  The  stress  exponent  of  most  metals  and  ceramics 
normally  increases  with  increasing  stress  and  strain  rate.  In  the  case  of  the  present 
materials,  both  of  which  are  relatively  fine  grained  (~  5  to  7  pm),  the  stress  exponents 
decrease  with  increasing  stress  and  strain  rate,  contrary  to  the  normally  expected 
behavior,  and  to  the  trends  of  stress  exponents  on  coarse  grained  (~  30  pm)  MoSi2  and 
MoSi2/SiC  composites  reported  by  other  investigators.  The  decreasing  stress  exponents 
probably  imply  a  set  of  deformation  processes  which  act  in  series,  with  the  slowest 
process  determining  the  rate  of  deformation.  The  transition  in  slopes  would  therefore 
imply  a  shift  in  the  slowest  mechanism  from  one  process  to  another.  It  remains  to  be 
explored  whether  the  transit  from  one  slope  to  the  next  occurs  at  a  definitive  stress 
level,  and  whether  the  silica  content  in  the  matrix  has  any  influence  on  the  magnitude 
of  this  transit  stress  for  a  constant  grain  size  of  matrix  and  reinforcement.  It  is  as  yet 
unclear  whether  the  non-wetting  intergranular  phase  wets  the  grain  boundaries  at 
elevated  temperatures  or  whether  it  spreads  as  a  thin  film.  Regardless  of  the 
deformation  mechanism  and  the  wetting  behavior,  the  present  results  clearly  indicate 
that  the  intergranular  glass  phase  effects  the  flow  properties  of  the  MoSi^iC 
composites  in  the  range  of  grain  sizes  explored.  The  interplay  between  the  grain  size 
and  the  silica  content  in  effecting  the  deformation  modes  is  also  unknown,  although  it 
is  conjectured  that  the  effect  of  non-wetting  silica  on  grain  boundary  sliding 
mechanisms  would  progressively  diminish  at  larger  grain  sizes.  It  is  also  likely  that 
increasing  grain  sizes  in  the  silica-free  material  would  lead  to  a  transition  from 
diffusional  processes  to  dislocational  processes  at  a  particular  temperature. 

(4)  Superplastic  behavior?:  The  trends  in  the  stress  exponents  (n  values  tending 
close  to  2)  of  both  the  conventionally  processed  material  as  well  as  the  in-situ  material 


are  indicative  of  a  high  strain  rate  sensitivity.  This  stems  from  the  deformation 
mechanism  which  is  normally  associated  with  stress  exponents  close  to  2,  namely,  grain 
boundary  sliding,  accommodated  by  either  grain  boundary  or  bulk  diffusional 
mechanisms.  A  common  prerequisite  for  superplastic  flow  (structural  as  opposed  to 
transformation  superplasticity)  in  most  materials  is  a  high  strain  rate  sensitivity  (m  ~0.5 
to  1,  i.e.,  n  =  1/m  ~  1  to  2),  a  relatively  high  homologous  temperature  of  deformation 
(Th  >  0.5)  and  a  relatively  fine  grain  size  of  less  than  10  pm.  The  first  requirement  is 
mandated  by  the  need  for  uniform  neck-free  deformation,  which  necessitates  a  large 
dependence  of  the  flow  stress  on  the  strain  rate  (and  hence  high  strain  rate  sensitivities), 
while  the  latter  requirements  are  based  on  the  need  to  accommodate  the  deformation 
due  to  grain  boundary  sliding  (typical  of  superplastic  flow),  by  concurrent  bulk 
(Nabarro-Herring)  or  grain  boundary  (Coble)  diffusional  processes,  with  the  appropriate 
grain  size  dependencies  of  the  creep  rate  (p=3  for  Coble  creep,  and  p=2  for  Nabarro 
Herring  Creep).  From  a  physical  perspective,  continuity  of  adjacent  grains  during 
deformation  by  grain  boundary  sliding  has  to  be  accommodated  for  by  the  diffusion  of 
atomic  species  within  the  length  scale  of  the  boundaries  and  within  the  time  scale  as 
dictated  by  the  imposed  strain  rate  on  the  process.  These  requirements  would  be  met 
by  a  combination  of  factors  such  as  fine  grain  sizes  (and  hence  small  diffusional 
distances)  and  /  or  high  diffusivities  (brought  about  by  high  homologous  temperatures). 
It  is  to  be  noted  that  for  the  case  of  compounds  and  intermetallics,  the  diffusivity 
requirement  of  the  slowest  moving  species  must  be  met  in  order  to  achieve 
accommodated  grain  boundary  sliding. 

Yet  another  requirement  for  tensile  superplasticity  is  the  need  for  a  lack  of 
intergranular  brittleness,  since  large  deformations  would  otherwise  not  be  possible.  In 
the  case  of  MoSi2,  numerous  single  crystal  studies  have  shown  the  activation  of 
sufficient  slip  systems  at  these  temperatures  in  order  for  this  requirement  to  be  satisfied. 

In  the  case  of  most  ceramic  systems  such  as  A12Oj,  Zr02,  and  SiC  which  have 
been  shown  to  exhibit  superplasticity,  the  low  diffusivities  and  the  high  melting  points 
dictate  that  the  diffusional  distances  be  short  for  accommodated  grain  boundary  sliding. 
This  is  perhaps  why  these  materials  exhibit  superplastic  flow  in  the  regime  of  ultrafine 
(  <1  pm)  grain  sizes.  Our  results  on  MoSi2  indicate  the  possibility  of  accommodated 


grain  boundary  sliding  processes  in  grain  size  regimes  between  5-10  pm  at  1573°C 
(Th~0.7).  These  are  perhaps  indicative  of  the  relatively  high  diffusivities  of  the  major 
species  in  this  system,  viz.  Mo  and  Si  at  these  temperatures. 

Another  noteworthy  point  is  the  fact  that  the  high  strain  rate  sensitivity  is 
exhibited  at  moderate  strain  rates  in  both  the  materials  at  a  temperature  of  1300°C.  The 
silica-free  material  with  an  average  grain  size  of  5  pm  shows  promise  of  superplastic 
workability  within  the  processing  window  at  temperatures  of  1350°C.  While  the  focus 
of  our  present  experiments  was  in  obtaining  silica-free  microstructures  without  any 
consideration  whatsoever  being  given  to  minimize  the  grain  size  while  processing,  it  is 
quite  conceivable  that  the  workable  temperature  range  of  the  silica-free  material  would 
be  lowered,  if  adequate  reductions  in  the  grain  size  were  achieved  from  their  present 
levels.  It  should  be  mentioned  that  the  optimum  working  temperature  range  that  would 
be  desired  for  hot  working  would  be  in  the  range  of  1200°C,  since  the  tooling 
capabilities  that  exist  for  the  working  of  molybdenum  and  nickel  based  alloys  could 
then  be  used.  Even  with  the  current  grain  size  levels  of  5  pm,  an  increase  in 
temperature  by  about  50  to  100°C  from  the  current  1300°C  levels  would  make 
superplastic  deformation  feasible  at  reasonably  economical  strain  rates  and  low  flow 
stresses  for  the  silica-free  material,  as  defined  by  the  processing  window  in  Fig.  2. 
Improvements  in  the  creep  strength  and  lowering  of  the  creep  rates  subsequent  to 
superplastic  working  could  be  achieved  by  appropriate  grain  growth  treatments  that 
would  shift  the  deformation  mechanism  from  the  grain  boundary  sliding  regime  to  one 
involving  dislocation  creep.  The  limiting  grain  size  that  could  be  derived  through  grain 
growth  would,  of  course,  be  controlled  by  the  volume  fraction  and  particle  size  of  the 
SiC,  approximately  following  the  Zener  relation,  R^j  =  (4rsic)/  (3fsiC).  The  volume 
fraction  of  SiC  desired  for  optimum  creep  strength  could  then  be  controlled  by  simply 
controlling  the  composition  of  the  mechanically  alloyed  powder  as  detailed  elsewhere. 

It  should  be  pointed  out  that  flow  softening  has  been  reported  in  MoSi2  for 
temperatures  as  low  as  900°C  and  that  deformation  under  constant  flow  stress  has  been 
reported  in  plasma  sprayed  MoSij/SiC  at  1300°C.  The  former  was  attributed  to  large 
scale  microcracking  during  the  compressive  deformation  of  large  grain  samples  due  to 
unaccommodated  grain  boundary  strains  possibly  resulting  from  an  insufficient  number 


of  slip  systems  at  these  temperatures.  The  latter  is  presumably  due  to  substantial 
amounts  of  silica  in  these  materials.  While  the  latter  would  also  lead  to  high  strain  rate 
sensitivities,  it  seems  probable  that  the  deformation  in  this  case  is  due  to  liquid 
enhanced  sliding  due  to  the  viscous  glass  phase  (Rachinger  sliding).  Such  a  scenario 
could  imply  the  high  temperature  strength  of  the  material  would  be  indirectly  dictated 
by  the  strength  of  the  deforming  phase,  i.e.  silica,  thereby  questioning  the  viability  of 
the  processing  routes.  Thus,  our  results  on  high  strain  rate  sensitivity  in  silica-free 
MoSi2/SiC  composites  are  thus  perhaps  the  first  demonstrable  evidence  of 
superplasticity  due  to  diffusionally  accommodated  grain  boundary  sliding  in  the  MoSi2 
system,  with  the  concomitant  possibilities  of  superplastically  forming  a  material  with 
superior  properties  above  1200°C. 

It  should  also  be  noted  that  the  flow  stresses  for  the  ISP  composite,  having  a 
comparable  grain  size  to  the  CP  composite,  are  significantly  higher  than  that  of  the  CP 
composite  at  all  strain  rates,  with  the  magnitude  of  the  difference  increasing  at  higher 
strain  rates,  within  the  range  of  our  experimental  results.  Our  results  also  run  counter 
to  the  only  known  investigation  of  the  effect  of  a  non-wetting  phase  on  the  creep 
properties,  where  it  was  reported  that  the  deformation  mechanisms  remained  unchanged 
in  deformation  experiments  performed  across  the  melting  temperature  of  the  non¬ 
wetting  intergranular  phase. 

In  an  earlier  report,  it  was  conjectured  that  the  formation  of  in-situ  SiC 
reinforcements  on  the  grain  boundaries  and  triple  points,  resulting  from  the 
carbothermal  reduction  of  silica,  would  enhance  high  temperature  strength  by  virtue  of 
the  SiC  particles  serving  to  pin  the  grain  boundaries  against  sliding.  The  current  work 
seemingly  demonstrates  the  operation  of  the  grain  boundary  sliding  process  in  both 
classes  of  materials,  especially  the  in-situ  composites,  thus  negating  this  hypothesis. 
However,  it  is  quite  possible  that  the  SiC  particles  do  enhance  the  resistance  to  grain 
boundary  sliding,  which  in  turn  would  be  manifest  in  higher  activation  energies  for  the 
process,  when  appropriately  measured. 

Finally,  it  should  be  pointed  out  that  the  processing  route  has  a  significant 
bearing  on  the  properties  measured  in  this  section  of  the  investigation.  As  noted  in  the 
early  sections  of  this  report  and  elsewhere,  structural  superplastic  flow  requires  uniform 


deformation  which  imposes  stringent  requirements  on  the  material  microstructure 
insofar  as  near  uniform  grain  sizes  and  uniform  chemical  homogeneity  are  required; 
otherwise  shear  bands  might  be  nucleated  at  heterogeneities  which,  in  turn,  would  lead 
to  non-uniform  deformation  and  subsequent  loss  of  superplastic  characteristics.  The 
current  investigation  utilized  the  mechanical  alloying,  characteristically  producing  fine 
powders  not  only  of  precise  and  homogeneous  composition  and  stoichiometry,  but  also 
of  uniform  structure;  this,  in  turn,  insured  the  formation  of  the  chemically  and 
microstructurally  homogeneous  fine  grained  microstructures  so  very  essential  for  the 
properties  demonstrated  in  this  work.  The  use  of  the  fine  powders  derived  from 
mechanical  alloying  would  also  enable  the  use  of  lower  consolidation  temperatures  and 
thence  to  a  fine  grain  sized  material  and  superplasticity. 

The  possibility  of  superplasticity  in  the  silica-containing  material,  while  having 
negating  implications  in  the  high  temperature  regime  (T>1200°C),  nevertheless  has 
important  applications  in  the  processing  of  Mo  Si2- based  materials  for  use  in  the  lower 
temperature  regimes  below  the  softening  temperature  of  silica.  As  has  been  clearly 
demonstrated  in  this  and  numerous  earlier  reports,  the  presence  of  the  viscous 
intergranular  phase  promotes  grain  boundary  sliding,  thus  enhancing  the  formability  of 
the  material  at  lower  temperatures  through  superplastic  forming  mechanisms.  This  work 
has  also  demonstrated  that  the  presence  of  the  non-wetting  intergranular  phase  has  a 
negligible  (if  not  a  benefic)  effect  on  the  fracture  properties  extending  from  room 
temperature  up  to  the  BDTT.  Also  considering  the  passivity  of  the  silica  to  most 
chemical  environments  in  addition  to  all  the  above  mentioned  facts,  it  would  be  well 
worth  considering  forming  fiber  reinforced,  silica-containing,  fine  grained  MoSi2  based 
composites  for  low  temperature  (600°C<  T  <1000°C)  applications,  with  the  fiber 
reinforcement  providing  the  necessary  toughening  at  the  lower  temperatures.  Such  a 
process  would  of  course  exploit  the  superplastic  forming  characteristics  endowed  by  the 
silica  on  the  forming  process.  Considering  other  important  factors  such  as  fiber  stability 
and  fiber-matrix  interactions  that  would  accrue  at  the  high  processing  temperatures,  it 
should  be  possible  to  further  lower  the  superplastic  forming  temperature  by  modifying 
the  glass  transition  temperature  (hence  the  superplasticity  onset  temperature)  through 
the  addition  of  suitable  network  modifiers  to  the  silica. 


The  likelihood  of  the  existence  of  a  viable  superplastic  forming  regime  at 
reasonably  low  temperatures  around  1350°C  for  MoSi2  opens  up  a  plethora  of 
processing-related  opportunities.  For  instance,  it  would  be  possible  to  perform  a  whole 
range  of  operations  ranging  from  sinter  forging  to  net  shape  extrusion  and  diffusion 
bonding  of  MoSi2-based  composites,  besides  unlocking  avenues  in  the  superplastic 
forming  of  SiC  fiber  reinforced  composites.  The  major  drawback  limiting  the  use  of 
SiC  fibers  such  as  Nicalon’in  the  reinforcement  of  high  temperature  materials  has  been 
their  poor  elevated  temperature  stability  due  to  their  high  oxygen  content.  This  imposes 
severe  processing  constraints  in  attempts  to  incorporate  them  into  matrices.  For  instance, 
Nicalon*  can  withstand  a  processing  temperature  of  1425°C  for  a  maximum  of  20 
minutes  of  infiltration  by  silicon,  before  suffering  irrecoverable  degradation. 
Consequently,  the  use  of  fibers  is  restricted  to  relatively  low  temperature  processes  such 
as  CVD,  CVI,  RVI,  plasma  spraying,  reactive  melt  infiltration,  and  similar  net-shape 
capable  processes,  which  do  not  expose  the  fibers  to  such  high  processing  temperatures, 
but  are  nevertheless  plagued  by  such  factors  as  slow  deposition/reaction  rates  and 
incomplete  reactant  conversion,  which  consequently  limit  their  utility  in  scale-up  efforts. 
With  the  apparent  superplastic  phenomenon  in  the  silica-free  MoSi^SiC  composites,  it 
should  be  possible  to  form  SiC  fiber  reinforced  MoSi2/SiC  composites  by  the  alternate 
stack-up  of  MoSi2/SiC  laminates  interspersed  with  layers  of  SiC  fiber  tows,  followed 
by  a  diffusion  bond  operation  at  a  relatively  benign  temperature  (~1350°C)  in  the 
superplastic  flow  regime,  where  the  fibers  are  apt  to  retain  their  stability  for  prolonged 
periods  of  time.  The  vast  difference  in  the  CTE  between  the  SiC  fibers  and  the  MoSi2 
would  require  precautions  while  processing  to  eliminate  cracking.  As  has  been 
demonstrated  earlier,  the  cracking  problem  could  be  tackled  by  adopting  a  two-pronged 
approach  as  follows:  (a)  lowering  the  effective  CTE  of  the  MoSi2/  SiC  laminates 
through  control  of  the  composition,  as  has  been  demonstrated  elsewhere  and  (b)  use  of 
fine  diameter  fibers,  since  the  magnitude  of  the  CTE  mismatch  stresses  (and  hence 
cracking)  is  significantly  reduced  at  fine  reinforcement  sizes.  Fine  diameter  fibers  also 
have  the  added  advantage  of  possessing  higher  strength  and  hence,  better  ease  in 
handling  and  processing  operations.  Caution  should  be  exercised,  however,  while 
applying  the  principle  of  superplastic  forming  to  the  net  shape  processing  of.  fiber 


reinforced  composites,  as  the  nature  of  the  forming  process  would  considerably  distort 
and  alter  the  fiber  inter-layer  and  intra-layer  spacings,  thereby  leading  to  variations  in 
the  material  properties,  in  addition  to  the  likelihood  of  fiber  damage.  These  challenges 
could  nevertheless  be  tackled  through  appropriate  reverse-engineering  of  the  fiber  layup 
and  forging  processes. 

The  present  study  also  serves  as  a  case-in-point  to  demonstrate  that  significant 
improvements  in  the  high  temperature  strength  can  be  derived  through  a  proper 
understanding  and  control  of  the  matrix  microstructure,  and  that  such  additional 
improvements  in  strength  could  be  obtained  without  blind  recourse  to  compositing 
approaches.  While  it  is  an  undeniable  tenet  that  compositing  approaches  are  necessary 
in  order  to  impart  the  strength  and  toughness  required  for  futuristic  materials 
applications,  it  is  equally  imperative  that  the  importance  of  fundamental  microstructural 
parameters  such  as  the  grain  size  and  second  phase  morphology  /  distribution,  and  the 
effect  of  artificial  /  in-situ  reinforcements  on  the  above-mentioned  microstructural 
parameters  be  reemphasized  and  carefully  manipulated  in  the  successful  optimization 
of  the  microstructural  design  of  such  composites,  aside  from  the  thermodynamic 
stability  and  interface  design  considerations  that  govern  composite  design. 
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Fig.  1  Stress-strain  curve  of  the  outer  fiber 
for  ISP  and  CP  materials  four  point  bend 
tested  @T~  1200°C  showing  deformation  at 
constant  stress. 
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Fig.  la  Schematic  stress-strain  curves  of  the 
outer  fiber  for  four-point  bend  tested  ISP 
material  showing  the  transition  in  behavior 
between  1100°C  and  1200°C. 
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Fig.  1b  Schematic  stress-strain  curves  of  the 
outer  fiber  for  four-point  bend  tested  CP 
material  showing  the  transition  in  behavior 
between  1100°C  and  1200°C. 
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